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Tool steels are the alloys used to manufacture the
tools, dies, and molds that shape, form, and cut other
materials, including steels, nonferrous metals, and
plastics. This definition of tool steels has been ex-
panded into the following description in the “Tools
Steels” section of the Steel Products Manual of the
Iron and Steel Society (Ref 1):

Tool steels are either carbon, alloy or
high-speed steels, capable of being hard-
ened and tempered. They are usually melted
in electric furnaces and produced under tool
steel practice to meet special requirements.
They may be used in certain hand tools or in
mechanical fixtures for cutting, shaping,
forming and blanking of materials at either
ordinary or elevated temperatures. Tool
steels are also used on a wide variety of
other applications where resistance to wear,
strength, toughness and other properties are
selected for optimum performance.

This description implies that tool steel technol-
ogy overlaps the technology of carbon and low-al-
loy carbon steels, produced in large tonnages, which
may be hardened by quench and tempering heat
treatments. Although this association between tool
steels and other hardenable steels is true, most texts
on tool steels exclude treatment of the high-tonnage
bar steels that might also be used for tool applica-
tions such as hand tools (Ref 1-3). Also, while tool
steels may be manufactured with properties for use
in nontool applications, such as springs, magnets,
bearings, or even structural applications, these uses
also are not generally treated in texts that describe
the characterization and selection of tool steels.

This edition of Tool Steels, as have previous edi-
tions, will also concentrate on those steels that are
uniquely manufactured for tool applications, recog-
nizing that some more recently developed ultrahigh-
strength steels—such as maraging steels, AF1410,
and Aeromet 100, developed for structural applica-
tions that require high toughness—are sometimes
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CHAPTER 1
Introduction

also used for tool applications. This chapter ex-
plores further the philosophies which make tool
steels a very special class of steels, the long histori-
cal evolution of iron and steel manufacture, includ-
ing steels for tools, and the more recent develop-
ment of tool steels as they emerged from the
development of iron and steel products in general.
The classification of the many types of tool steels is
described in Chapter 2, and subsequent chapters
describe production, alloy design, heat treatment,
and specific tool steels in detail.

Tool Steels as Special Alloys

Tool steels have long been considered to be a very
special group of alloys with characteristics similar
to but different from those of other steels. Marcus
Grossmann and Edgar Bain, in their book on tool
steels (Ref 4), written in 1930 when the physical
metallurgy of steel was just beginning to be firmly
established, eloquently commented on the relation-
ships been tool and other carbon steels:

In some cases, notably in high-speed
steel, the resulting alloy steel possesses such
remarkable properties that, in a sense, its
relation to carbon steel is almost unrecog-
nizable. Yet it is the authors’ opinion that the
fundamental similarity exists, and that it
may profitably be recognized. In acquiring
an understanding of alloy steels, great value
attaches in particular to some sort of general
theory or principle if it is faithfully in accord
with the facts and explains them in terms of
simple fundamental effects. It is believed
that certain fundamentals of iron metal-
lurgy are manifest in all steels, modified
in a definite manner by the alloying ele-
ments.

In addition to alloying, tools steels are considered
special because they are very difficult to manufac-



Tool Steels

ture, demanding the highest quality in every proc-
essing step. Peter Payson, in his book The Metal-
lurgy of Tool Steels, published in 1962 (Ref 3),
reflects this consideration in support of separating
tool steels from more mass-produced steels:

Even tool steel is not perfect, but it is far
superior to so-called “tonnage” steel in free-
dom from internal porosity, sizable undesir-
able nonmetallic inclusions, serious chemi-
cal segregation, and surface defects. Various
physical methods are used for macroinspec-
tion, and metallographic procedures for mi-
croinspection, to assure that tool steels meet
the minimum requirements set up by the
consumer.

While Payson’s statement reflects the manufac-
turing scenario in the mid-20th century, it is far
from accurate today. Carbon and low-alloy bar
steels currently are manufactured in high volume to
the highest quality by electric furnace melting, ladle
metallurgy for impurity and inclusion control, and
continuous casting. Nevertheless, tool steels are
special and require careful manufacturing. The very
high alloy content and microstructure that make
them desirable for severe applications also make
them difficult to manufacture. The contradictory
demands of ease in manufacture and high perform-
ance of tool steel products were early noted by
Harry Brearley in the 1916 preface to his book on
the heat treatment of tool steels (Ref 5):

The ultimate value of a tool may depend
as much on the manner in which it is worked
into its finished shape, as on the material
from which it is made. The skill and knowl-
edge of the toolsmith and hardener must
therefore always be taken into account. If
for any reason whatever these cannot be re-
lied upon, the softer steels which are not so
readily overheated in forging, or cracked in
hardening, are invariably introduced at the
cost, and finally to the dissatisfaction, of the
tool user.

Historical Evolution of
Iron and Steel

The earliest uses of steel were for tools and weap-
ons, and then as now, high hardness and durability
were the valued properties for these applications.
High hardness was coupled to three factors: the
ability to produce iron, the introduction of carbon
into the iron to make steel, and the heating and
quenching of the steel to produce martensite. The
early attainment of each of these factors, and their
simultaneous incorporation into finished tools and
weapons, must have required considerable experi-

mentation, chance, intuition, and perceptive obser-
vation. Indeed, the production of hardened tool
steels must be considered truly impressive. It was
accomplished without analytical instruments or sci-
entific understanding of chemistry, crystallography,
or microstructure.

Iron can be traced to the Egyptians of 5000 to
6000 years ago, and numerous biblical references
confirm this time period for the beginning use of
iron (Ref 6, 7). Widespread replacement of bronze
by iron occurred at about 1200 B.C., perhaps be-
cause of natural and economic disasters that inter-
rupted the flow of tin, which was alloyed with cop-
per to make bronze (Ref 7). As a result, the
advantages of iron became known, despite its being
an unfamiliar technology, as well as being softer
and more subject to corrosion than bronze.

Maddin (Ref 7) explored the early hardening of
steel and described a miner’s pick—the earliest
known example of a martensitic steel tool. The pick
(Fig. 1-1) was found in Galilee and dates from the
late 13th or early 12th century B.C. Figure 1-2
shows the hardened martensitic microstructure,
which confirms that the pick was hardened by heat-
ing and quenching. Earlier steel objects have been

\

Fig.1-1 Miners pick from Mt. Adir in northern Galilee
(13th to 12th century B.C.). Arrow indicates flake, the micro-
structure of which is shown in Fig. 1-2. Source: Ref 7

Fig.1-2 martensitic microstructure of hardened pick
shown in Fig. 1-1. Light micrograph, estimated magnification
500 to 1000X. Source: Ref 7



documented, but their microstructures are pearlitic,
indicating that quenching was not yet mastered. The
following quotation from Homer’s Odyssey (Ref 8),
relating to the blinding of the giant Cyclops by
Odysseus and his men, shows that quenching and
metalworking must have been well established by
900 B.C., the approximate date of its writing (Ref 6,
AR

And as when armorers temper in the ford
The keen-edged pole-axe, or shining sword,
The red-hot metal hisses in the lake;

Thus in his eyeball hissed the plunging stake.

Steel, a workable combination of iron and carbon,
has been historically difficult to produce efficiently
and consistently. Two quite different approaches to
steel production evolved over the millennia. One
was based on smelted iron, which contained too
little carbon and required subsequent carburization,
while the other was based on the production of pig
or cast iron, which contained too much carbon and
required its subsequent removal. The earliest exam-
ple of the first approach is the production of
“wootz” steel in India, which dates back to about
350 B.C. (Ref 6, 7, 9). Iron ore was smelted with
charcoal in forges; air was forced into the charge
through tuyeres with bellows, enabling high tem-
peratures to be attained. Nevertheless, temperatures
were limited, and semisolid sponge iron containing
considerable entrapped slag was produced. The slag
was removed and fragmented into smaller particles
by intense hammering or forging. This wrought iron
was then carburized in crucibles with charcoal or
rice husks to produce the wootz or crucible steel. An
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Fig.1-3 Sectional view of a Catalan forge. Source: Ref 10
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example of the type of forge used to produce wootz
steels is shown in Fig. 1-3.

Similar processing developed in Europe follow-
ing the Dark Ages when wrought iron was carbu-
rized by heating in contact with charcoal to form
what was known as blister steel, from the appear-
ance of surface blisters or scale. The depth of car-
burization tended to be shallow and nonuniform.
Later, short lengths of blister steel were stacked,
forged, and welded to produce the product referred
to as shear steel. The uniformity of the shear steel
structure was improved, but variations in carbon
could not be completely eliminated.

Wrought iron production in forges or bloomaries
directly from ore, similar to those practices de-
scribed for the production of wootz steel, continued
to be the major production method for iron and steel
well into the 19th century. However, blast furnaces,
which converted iron ore by reduction with air,
charcoal, and limestone flux into cast or pig iron,
eventually developed to produce iron in larger quan-
tities (Ref 6). Pig and cast irons were high in carbon,
silicon, and phosphorus and quite brittle. The high
carbon content lowered the melting point of iron,
making it fluid and castable, but the associated iron
carbides or graphite in the microstructure, together
with other impurities, prevented working—as is
characteristic of wrought steels with lower carbon
content. Various low-volume production techniques
to convert cast iron to steel were developed—for
example, the puddling process described by Thack-
ray in his informative account of the history of iron
and steel (Ref 6)

Modern high-volume liquid steelmaking devel-
oped when the high-carbon content and other impu-
rities in pig iron were oxidized in Bessemer convert-
ers and Siemens-Martins open hearth furnaces to
create steel (Ref 6). In the Bessemer process, pat-
ented by Bessemer in 1856, hot air was blown
through molten pig iron to reduce carbon and sili-
con; in the open hearth furnace, first successfully
operated by Siemens in a plant in 1868, solid or
liquid pig iron and scrap were melted in the furnace,
and the oxygen for the conversion of the pig iron to
steel was provided by iron ore. Liquid steelmaking
has continued to evolve to this day, with the replace-
ment of Bessemer converters and open hearth fur-
naces with other types of oxygen converters and
electric arc furnaces. The latter developments have
been largely applied to large-tonnage, low-alloy,
carbon steels, while tool steel production has fol-
lowed an independent path.

Tool Steel History

Early tool steel history is intimately related to the
evolution of steels in general, since the inability to
make steel in large quantities tended to concentrate
steel applications to tools and weapons instead of
the structural applications that dominate steel usage
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today. Perhaps the best early examples of the skill
and knowledge required for high-performance steel
manufacture are the swords produced in China, Da-
mascus, and Japan (Ref 9, 11). These swords were
produced by layer welding of high- and low-carbon
steel by multiple forging steps. Not only was a
functional sword with the high hardness of high-
carbon steel and the toughness of low-carbon steel
produced, but the fine layered structure also yielded
unique patterns of great beauty. Although pattern-
welded steel technologies evolved over many centu-
ries, recorded dates for Damascus blades originate
from A.D. 540 (Ref 9), and Japanese swordmaking
was clearly documented during A.D. 900 to 1000,
when Japanese swordmakers began to inscribe their
names on the blades (Ref 11).

Table 1-1 presents a chronological listing of de-
velopments in steels, emphasizing important dates
or periods for tool and high-speed steel technology.
The beginning of tool steel history is generally re-
garded as 1740, when Benjamin Huntsman, a clock-
maker from Sheffield, England, melted pieces of
blister steel in a crucible. The melting produced a
much more homogeneous steel than the blister or
shear steels produced by solid-state processing and
provided the foundation for producing the high-
quality steel required for not only Huntsman’s clock
springs but also the tool steels that were to come.
The crucible melting process, typically handling
amounts of tool steels about 100 1b in size, contin-
ued to dominate the making of tool steels well into
the 20th century (Ref 4), until electric furnace melt-
ing, with heats of several tons in size, other melting

Table 1-1 Important dates in the development
of high-speed tool steels
Date Development

1200B.Cc.  Firstdocumented hardened steel tool

350B.C. Wootz steels of India

AD.540  Damascus layered steel blades

AD.900  Japanese layered steel blades

Dark Ages  Steel production by carburizing of iron

1740 Crucible melting of steel: Huntsman

1868 Air-hardening tungsten alloy steel: Mushet

1898 High-speed steel high-heat hardening: Taylor/White
1903 0.70C-14W-4C prototype of modern high-speed steel
1904 Alloying with0.3% V

1906 Electric furnace melting introduced

1910 18W-4Cr-1V (18-4-1) steel (T 1) introduced

1912 3 10 5% C additions for added red hardness

1923 12% C for higher-speed machining

1939 High C high V superhigh-speed steels (M4 and T15)
1940 Start of substitution of molybdenum for tungsten
1953 Sulfurized free-machining high-speed steel

1961 Rockwell C 70 high-speed steel (M40 series)

1970 Introduction of powdered metal high-speed steels
1973 Higher silicon and nickel contents of M7 to increase hardness
1980 Development to cobalt-free superhigh-speed steels
1980 Titanium nitride ceramic coating of tool steels

1982 Aluminum-modified high-speed tool steels

Source: Modified from previous editions of Tool Steels, with additions from Ref 12

processes, and powder metallurgy (P/M) production
of tool steel were developed and applied as de-
scribed in Chapter 3.

Modern tool steels depend strongly on alloying
and heat treatment for their high hardness, and un-
derstanding of the interrelationships among carbon
content, alloy composition, and processing came
only gradually in the 19th century. The slow pace
was caused in part by the necessary concurrent de-
velopment of methods of precise chemical analysis
and metallography, which could resolve the micro-
structure of steels. Often, fracture surfaces of steels
were the only measure of steel structure and quality.
Nevertheless, the use of alloying was beginning,
and Huntsman and others were beginning to use
manganese to deoxidize liquid steel (Ref 6).

Alloying, which initiated the era of modern tool
steels, is attributed to Robert Mushet, who in 1868
added tungsten to a high-carbon steel. Until that
time, and for 25 years thereafter, other steels for
tools were made of unalloyed carbon steel. The
composition of Mushet’s steel, marketed as “R.
Mushet’s Special Tool Steel” through 1900, con-
sisted of nominally 2% C, 2.5% Mn, 7% W, and
often 0.50% Cr and 1.10% Si (Ref 13). This steel
had the remarkable capacity to harden during air
cooling after forging or heating and is regarded as
the first high-speed steel.

Chromium, as reviewed by R.A. Hadfield (Ref
14), was investigated as an alloying element in
steel, soon after its discovery in 1797. Practical
benefits of hardening and toughening of steel by
alloying with chromium were first claimed in an
American patent filed by Julius Baur in 1865. Henri
Brustlein, of Unieux, France, also investigated the
production of ferrochrome and its addition to steel
(Ref 14, 15), starting in 1876. The benefits of chro-
mium, however, were not always consistently de-
veloped because the role that carbon played in hard-
ening and the solid-state phase transformations that
caused hardening were not clear at the time Had-
field wrote his review in 1892 (Ref 14).

At the same time, John W. Langley summarized
the alloying of steel in a paper delivered to the
Society of Civil Engineers (Ref 16). He emphasized
that, in addition to iron, at least 0.30% C was neces-
sary to make hardening possible in steel, and that
manganese was essential to “neutralize the evil ef-
fects of sulphur and oxygen.” The detrimental effect
of phosphorus was also noted, as was the opinion
that only tungsten, chromium, manganese, and
nickel could be used to make useful alloy steels.
Hardening was associated with rapid cooling “from
a temperature a little above redness.” Otto Thallner,
in his book on tool steels, translated from German
in 1902 (Ref 17), also summarizes the effects of
manganese, tungsten, chromium, and nickel, the
elements most commonly used for alloying tool
steel at the turn of the century.



A dramatic period in the development of high-
speed steel was precipitated by Fred W. Taylor and
his colleague Maunsel White at the Bethlehem Steel
Corporation in the years around 1900. The intrigue,
technical status, discoveries, players, legal aspects,
and importance of this period have been recorded
and analyzed in detail in a very readable paper by
Arthur Townsend (Ref 13). Briefly, Taylor and
White, in the period from 1894 to 1898, discovered
that very-high-temperature heating, much higher
than typically applied at that time, and subsequent
air cooling of chromium-tungsten steels, developed
in that period by others in competition to the Mushet
tungsten steels, could produce and maintain excep-
tional hardness during machining at high speeds, even
at red heat. The high-temperature heating, its remark-
able effects, and the benefits of high-temperature tem-
pering, were truly innovative contributions by Taylor
and White. Prior to 1898, air-hardening tool steels
were commonly hardened only by cooling from
relatively low temperatures after forging and were
not reheated for hardening. Patents filed by Taylor
and White were subjected to considerable legal
argument because it was not clear whether they
were claiming a new steel or a new heat-treating
process.

The intense activity in heat treatment and alloy
development of high-speed steels at the turn of the
century continued and was rapidly joined by great
advances in metallography, x-ray analysis, and sci-
entific understanding of phase transformations and
microstructure (Ref 18, 19), to make advances in the
entire field of alloy tool steels. O.M. Becker sum-
marizes the state of the art in 1910 and describes all
the crystalline phases then identified in steels, in-
cluding ferrite, cementite, austenite, and martensite
(Ref 10). His descriptions of the transformations
between the various phases show that this aspect of
heat treatment was not yet fully understood at that
time. Many new compositions were introduced for
both tool and die applications.

By 1920, the number of principal tool steel
grades had been extended to about 12; many of
these types are still currently produced. Included in
the alloy tool steels developed during this period
were the tungsten-base and chromium-base hot-work
die steels, manganese oil-hardening die steel, tungsten
finishing steel, tungsten chisel steel, and chromium-
vanadium and carbon-vanadium general-purpose
steels. In the high-speed steel field, the improved red
hardness from cobalt additions had been discov-
ered, and three principal grades were available: 18W-
4Cr-1V (18-4-1), 14W-4Cr-2V, and 184-1 with co-
balt.

Also by 1920, nearly all of the American tool
steel companies had organized metallurgical re-
search departments, and the resulting scientific and
technical effort brought additional tremendous pro-
gress in tool steel development. Included in the
outstanding developments were (1) the importation
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of the high-carbon, high-chromium die steel com-
positions from England to the United States shortly
after World War I, (2) the addition of molybdenum
to the 1C-5Cr die steels to make them air hardening,
(3) the development of the special die-casting die
steels that have found so many other hot-working
applications, (4) the combining of tungsten and
chromium in die steels requiring maximum heat
resistance, and (5) the development of various free-
machining tool steels. In the last category are in-
cluded the graphitic die steels introduced in 1937,
the leaded steels first patented in 1939 and applied
to diemaking in 1946, and the sulfurized tool steels.

New developments in high-speed steels since
1920 have also been impressive. In 1980, there were
41 different high-speed steel compositions, of
which about 12 accounted for the bulk of high-
speed steels used. The large variety is primarily the
result of the cobalt additions and the substitution of
molybdenum for tungsten due to the availability of
vast resources of molybdenum made possible by the
opening of the Climax Mine in Colorado and the
shortage of tungsten because of World War II. These
developments gave molybdenum a cost advantage,
and molybdenum high-speed steels now occupy a
major part of the market (a situation that has
changed dramatically from 1902, when Thallner
stated that its high price relative to tungsten prohib-
ited its use).

The tendency of molybdenum grades to decarbur-
ize or lose carbon from surface layers during heat-
ing was a major early deterrent to the use of molyb-
denum steels. This problem was solved in 1930,
when the Watertown Arsenal discovered that borax
coatings greatly reduced decarburization during
heating for forging or rolling. Also, salt bath and
controlled-atmosphere furnaces were developed to
prevent decarburization and maintain the precise
temperature control required for the heat treatment
of high-speed steels.

Another major high-speed steel development dur-
ing this active period was the discovery that care-
fully balanced additions of high vanadium and in-
creased carbon would form large amounts of very
hard vanadium carbides, which greatly increase
abrasion resistance. This discovery led to the
so-called superhigh-speed steels that have given
excellent service in die applications as well as out-
standing tools for cutting purposes. High-speed
steels containing cobalt have been developed with
hardness close to 70 HRC after heat treatment.

More recently, new methods of manufacture of
tool steels, including electroslag melting, vacuum
arc remelting, and powder processing have been
applied to produce uniformity in composition and
structure and high quality. Surface-modification
heat treatments such as gas carburizing and nitrid-
ing have long been applied to tool steels, and the
most recent developments include carburizing and
nitriding in vacuums and plasmas and the applica-
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tion of thin ceramic layers such as titanium nitride
by chemical and physical vapor deposition tech-
niques (Ref 20).

Summary

This chapter has introduced the special set of
alloys known as tool steels. The historical account
shows that the development of tool steels could not
be separated from the evolution of iron and steels in
general until the concepts of alloying and its role in
hardening were established in the second half of the
19th century. The making of steel, because its suc-
cess depended so much on trial and error, was in-
variably shrouded in secrecy. However, with scien-
tific enlightenment and rapidly expanding demand
for manufactured goods came the need and willing-
ness to share information.

Some of the pioneering manuscripts devoted
to the manufacture and application of tool and
high-speed steels published at the beginning of the
20th century have been noted here, including books
by Thallner (1902), Becker (1910), and Brearley
(1918). From 1920 on, with the scientific principles
in place, continual development of instrumentation
for analysis and control and rapidly expanding tech-
nology and manufacturing capacity, tool steel de-
velopment increased dramatically. The results of
these efforts are described in detail in the balance of
this book.
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CHAPTER 2

Classification and Selection of Tool Steels

There are a great many specific grades or composi-
tions of tool steels. These steels have been organ-
ized into groups or types that have evolved to per-
form specific functions, such as forging, cold work,
die casting, and high-speed machining, in a variety
of operating conditions. Within each group or type
may be many grades that are similar but differ
slightly from one another to accommodate some-
what different processing requirements, operating
conditions, or work materials.

Classification of Tool Steels

The very large number of tool steels is effectively
classified by the widely used system developed by
the American Iron and Steel Institute (AISI) (Ref
1-3). This system is the starting point for the selec-
tion of the proper steel for a given function from the
large number of steels available.

The AISI classification system arranges tool
steels into groups that are based on prominent char-
acteristics such as alloying (for example, tungsten
or molybdenum high-speed steels), application (for
example, cold-work or hot-work tool steels), or heat
treatment (for example, water-hardening or oil-
hardening tool steels). Table 2-1 lists nine main
groups of tool steels and their identifying letter
symbols, and Table 2-2 presents the AISI classifica-
tion and the nominal compositions of the most
widely used tool steels. In addition to the AISI
classification, the steels are identified by designa-
tions in the Unified Numbering System (UNS) for
Metals and Alloys, established in 1975 by the Soci-
ety of Automotive Engineers (SAE) and the Ameri-
can Society for Testing and Materials (ASTM). Ta-
ble 2-2 shows only nominal compositions of the
major alloying elements in various tool steels. Com-
position ranges of the alloying elements for each
steel are given in separate chapters on tool steel
groups.

Although the AISI classification system is widely
used, many countries have independent classifica-

tion systems for tool steels. Table 2-3 lists AISI
grades and cross-references to designations of com-
parable tool steels from German, Japanese, British,
French, and Swedish systems (Ref 3, 4).

Previous editions of this book (Ref 5, 6) used a
three-digit code to identify the different types of
tool steels. Although this system has been replaced
by the AISI system, it is described here because it
represents an earlier stage in the development of the
tool steel industry. The first digit of an alloy desig-
nation identified the group of steels, the first and
second digits taken together identified the class, and
all three digits together identified the steel within
the class. This system subdivided tool steels into
many more classes than the AISI system, as shown
in Table 2-4. Compositions of the steels in each
class are given in the first and fourth editions of this
book, and many, but not all, of the steels identified
by three-digit numbers were also assigned AISI
classifications. Many of the tool steels assigned
three-digit codes were used for very specialized
applications and were manufactured in very small
amounts. As a result, some tool steels, listed by their
AISI designations in Table 2-5, are no longer in
common use.

Table 2-1 Main groups of tool steels and AiISI
letter symbols

Identifying
Group symbol
Water-hardening tool steels w
Shock-resisting tool steels S
Oil-hardening cold-work tool steels (o]
Air-hardening, medium-alloy cold-work tool steels A
High-carbon, high-chromium cold-work tool steels D
Mold steels P
Hot-work tool steels, chromium, tungsten, and H
molybdenum
Tungsten high-speed tool steels T
Molybdenum high-speed tool steels M

Source: Ref 2




Tool Steels

Table 2-2 AISI classification and nominal compositions of major tool steels

Identifying elements, %
UNS
AISI No. C Mn Si Cr \{ w Mo Co Ni
Water-hardening tool steels
w1 T72301 0.60-1.40(a)
w2 T72302 0.60-1.40(a) e 0.25
w5 T72305 1.10 0.50
Shock-resisting tool steels
S1 T41901 0.50 1.50 2.50
S2 T41902 0.50 1.00 0.50
Ss T41905 0.55 0.80 2.00 e 0.40
S6 T41906 045 1.40 2.25 1.50 0.40
S7 T41907 0.50 3.25 1.40
Oil-hardening cold-work tool steels
01 T31501 0.90 1.00 0.50 0.50
02 T31502 0.90 1.60
06(b) T31506 1.45 0.80 1.00 . 0.25
07 T31507 1.20 0.75 1.75
Air-hardening, medium-alloy cold-work tool steels
A2 T30102 1.00 5.00 1.00
A3 T30103 1.25 5.00 1.00 1.00
A4 T30104 1.00 2.00 1.00 1.00
A6 T30106 0.70 2.00 1.00 1.25
A7 T30107 2.25 5.25 475 1.00(c) 1.00
A8 T30108 0.55 5.00 1.25 1.25
A9 T30109 0.50 5.00 1.00 1.40 1.50
A10(b) T30110 135 1.80 1.25 1.50 1.80
High-carbon, high-chromium cold-work steels
D2 T30402 1.50 12.00 1.00 1.00
D3 T30403 225 12.00 ‘s
D4 T30404 225 12.00 1.00
DS T30405 1.50 12.00 e 1.00 3.00
D7 T30407 235 12,00 4.00 1.00
Low-alloy special-purpose tool steels
L2 T61202 0.50-1.10(a) 1.00 0.20
L6 T61206 0.70 0.75 0.25(c) 1.50
Mold steels
P2 T51602 0.07 2.00 0.20 0.50
P3 T51603 0.10 0.60 1.25
P4 T51604 0.07 5.00 0.75
PS5 T51605 0.10 2.25 e
P6 T51606 0.10 1.50 3.50
P20 T51620 0.35 e 1.70 0.40 e
P21 T51621 0.20 1.20 (A1) 4.00
Chromium hot-work tool steels
H10 T20810 0.40 3.25 0.40 2,50
H11 T20811 03s 5.00 0.40 . 1.50
H12 T20812 0.35 5.00 0.40 1.50 1.50
H13 T20813 0.35 5.00 1.00 1.50
H14 T20814 0.40 5.00 5.00
H19 T20819 040 4.25 2.00 425 4.25
Tungsten hot-work tool steels
H21 T20821 035 3.50 9.00
H22 T20822 0.35 2.00 11.00
H23 T20823 0.30 12.00 12,00
H24 T20824 0.45 3.00 15.00
(continued)

(a) Available with different carbon contents. (b) Contains graphite, (c) Optional, Source: Ref 2
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Table 2-2 AISI classification and nominal compositions of major tool steels

Identifying elements, %

UNS
AISI No. C Mn Si Cr \2 w Mo Co Ni
‘Tungsten hot-work tool steels (continued)
H25 T20825 0.25 4.00 . 15.00
H26 T20826 0.50 4.00 1.00 18.00
Molybdenum hot-work tool steels
H42 T20842 0.60 4.00 2.00 6.00 5.00
Tungsten high-speed tool steels
Tl T12001 0.75(a) 4.00 1.00 18.00
T2 T12002 0.80 4.00 2.00 18.00
T4 T12004 0.75 4.00 1.00 18.00 . 5.00
TS T12005 0.80 4.00 2.00 18.00 8.00
Té6 T12006 0.80 4.50 1.50 20.00 12.00
T8 T12008 0.75 4.00 2.00 14.00 . 5.00
T1S T12015 1.50 4.00 5.00 12.00 5.00
Molybdenum high-speed tool steels
Mi T11301 0.80(a) 4.00 1.00 1.50 8.00
M2 T11302 0.85-1.00(a) 4.00 2.00 6.00 5.00
M3, class 1 T11313 1.05 4.00 2.40 6.00 5.00
M3, class 2 T11323 1.20 4.00 3.00 6.00 5.00
M4 T11304 130 4.00 4.00 5.50 4.50 .
Mé T11306 0.80 4.00 2.00 4.00 5.00 12.00
M7 T11307 1.00 4.00 2.00 1.75 8.75
Mi0 T11310 0.85-1.00(a) 4.00 2.00 8.00
M30 T11330 0.80 4.00 1.25 2.00 8.00 5.00
M33 T11333 0.90 4.00 1.15 1.50 9.50 8.00
M34 T11334 0.90 4.00 2.00 2.00 8.00 8.00
M36 T11336 0.80 4.00 2.00 6.00 5.00 8.00
Ultrahard high-speed tool steels
M41 T11341 1.10 4.25 2.00 6.75 3.75 5.00
M42 T11342 1.10 375 1.15 1.50 9.50 8.00
M43 T11343 1.20 3.75 1.60 275 8.00 8.25
Md44 T11344 115 4.25 2.00 5.25 6.25 12.00
M46 T11346 1.25 4.00 3.20 2.00 8.25 8.25
M47 T11347 1.10 3.75 1.25 1.50 9.50 5.00

(a) Available with different carbon contents. (b) Contains graphite. (c) Optional. Source: Ref 2

To provide an introductory overview of tool
steels and some background for tool steel selec-
tion and application, each group of tool steels, as
listed in Table 2-2, is described briefly in this
chapter. Separate later chapters then describe
each group in more detail. The chemical compo-
sitions of the tool steels listed in Table 2-2 in-
clude a wide range of carbon and alloy contents.
As developed in detail in the chapters on alloy
design and heat treatment, the combinations of
the properties of the various groups of tool steels
are strong functions of heat treatment processing
as determined by the alloying. The final heat
treatment of tool steels invariably consists of a
three-stage process: heating for austenite forma-
tion, cooling to transform the austenite to marten-
site, and heating or tempering to eliminate re-
tained austenite and form carbides within the
martensite.

Several very general alloying and heat treat-
ment principles are introduced at this point to
provide a base for comparing the various groups
of tool steels:

«  The hardened microstructure of a typical tool steel
consists of a matrix of tempered martensite contain-
ing various dispersions of iron and alloy carbides.

«  High carbon and high alloy content promote har-
denability or the ability to form martensite on cool-
ing.

«  The higher the carbon and alloy content in super-
saturation in the martensite, as inherited from the
parent austenite, the higher the density of carbides
that can be formed on tempering.

+  The higher the content of strong carbide-forming
elements, the higher the density of carbides that are
stable in austenite during hot work and austenitiz-
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ing. These carbides are retained as components of
the microstructure in addition to those formed in
martensite during tempering.

o The higher the carbon content of the martensite and
the higher the density of carbides, the higher the
hardness and wear resistance but the lower the
toughness of a tool steel microstructure.

Water-hardening tool steels have the lowest alloy
content of all the tool steels and are essentially carbon
steels. Therefore, their hardenability is low, and water

Table2-4 Classes of tool steels in three—digit
classification system

Class Description

Group 100: Carbon tool steels

110 Carbon, with or without significant additions of V, Cr,
Si, and Mn

120 Carbon-vanadium

130 Carbon-chromium

140 Carbon-chromijum-vanadium

Group 200: Low-alloy tool steels

210 Based on chromium up to 3% and >0.65% C
220 Based on chromijum up to 3% and <0.65% C
230 Based on nickel and >0.65% C
240 Based on nickel and <0.65% C

Group 300: Special-purpose tool steels

310 Silicon tool steels

320 Tungsten chisel steels

330 Nontempering chisel steels

340 Tungsten finishing steels

350 High-carbon, low-alloy tool steels

360 Semihigh-speed steels

370 Mold steels for hubbed and/or carburized cavities
380 Mold steels for machined cavities

390 Graphitic tool steels

Group 400: Die steels for cold work

410 Oil-hardening cold-work die steels

420 Air-hardening cold-work die steels

430 High-carbon, high-chromium cold-work die steels
440 Special wear-resistant cold-work die steels

Group 500: Die steels for hot work

510 3-4% Cr hot-work die steels

520 Chromium-molybdenum hot-work die steels
530 Chromium-tungsten hot-work die steels

540 Tungsten hot-work die steels

550 Molybdenum hot-work die steels

Group 600: High-speed steels

610 Tungsten types

620 Tungsten-cobalt types

630 Molybdenum types

640 Molybdenum-cobalt types

650 Tungsten-molybdenum types

660 Tungsten-molybdenum-cobalt types

Group 700: Tool steels of historical interest
710 Wortle die and self-hardening steels

Source: Ref 5, 6

Classification and Selection of Tool Steels

quenching is required to form martensite. Even with
water quenching, only the surface of a tool may harden.
However, the high carbon content of the water-hardening
tool steels ensures that the martensite will be of high
hardness where it forms. Consistent with the low-alloy
content, only iron carbides are produced by heat treat-
ment of the water-hardening tool steels.

Shock-resisting tool steels have been developed
to provide high toughness and fracture resistance in
combination with high strength and wear resistance
under conditions of impact loading. The high tough-
ness is achieved by maintaining carbon content at
moderate levels, thereby keeping the carbon content
of the martensite low and carbide dispersions fine.
The alloy content of the shock-resisting tool steels
is higher than that of the water-hardening tool
steels; accordingly, the hardenability also is higher.
The alloying elements also promote beneficial dis-
persions of carbides.

Oil-hardening, cold-work tool steels have been
developed to provide very high wear resistance un-
der cold-working conditions. High hardness is pro-
vided by high-carbon martensite tempered at low
temperatures to provide very fine dispersions of
carbides. Hardenability, because of high carbon and
moderate alloy content, is sufficient to provide good
depth of hardening by oil quenching. The alloying
and very high carbon content of type O7 steel pro-
mote graphite formation, which enhances ma-
chinability and die life.

Air-hardening, medium-alloy cold-work tool
steels also have high wear resistance under cold-
working conditions. The various grades, due to
ranges of carbon and alloy content, have various
combinations of hardness and toughness. Similar to
the oil-hardening steels, the wear resistance is pro-
vided by high-carbon martensite and fine carbide
dispersions. However, because of the high alloy
content, hardenability is high enough to permit
martensite formation on air cooling. The very slow
cooling minimizes distortion and promotes good
dimensional stability during heat treatment. This
group of tool steels also has a grade, A10, which
contains graphite in its microstructure.

High-carbon, high-chromium cold-work tool
steels have extremely high wear and abrasion resis-
tance. Not only is tempered high-carbon martensite
an important component of the microstructure, but
large volume fractions of alloy carbides also play an
important role in achieving high wear resistance.
Some of the alloy carbides are produced by solidifi-
cation and coexist with austenite during hot work-
ing and austenitizing, and some are produced by
tempering. Again, the high alloy content provides
excellent hardenability and makes possible marten-
site formation on air cooling with attendant benefits
for dimensional control. Although the high abrasion
resistance of the D-type tool steels is desirable for
cold-work applications, the machining and grinding

13
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operations during manufacture of finished dies and
molds are difficult.

Low-alloy, special-purpose tool steels can be
used in a variety of applications with characteristics
overlapping those of water- and oil-hardening
grades. The alloying provides moderate hardenabil-
ity, in some cases suitable for oil hardening, but the
availability of medium-carbon grades makes possi-
ble higher toughness compared to the high-carbon
oil-hardening tool steels.

Mold steels have low-carbon contents relative to
other tool steels in order to permit the shaping, by
hubbing or machining, of cavities for plastic mold-
ing or metal die casting while the steels are in a soft

Table 2-5 Tool steels no longer in common use

annealed condition. The molds or dies are then car-
burized and hardened to obtain high surface hard-
ness and wear resistance. A key requirement for
molds and dies is good polishability and excellent
surface finish. Sometimes martensitic stainless
steels are used for plastic molding dies if corrosion
resistance is a factor in performance of the lower-al-
loy P steels.

Chromium hot-work tool steels must have ex-
cellent resistance to high-temperature impact load-
ing, to softening during high-temperature exposure,
and to thermal fatigue. This demanding set of re-
quirements—typical of forging, many other types of
hot working, and die casting—is accomplished by

Composition, %
Type C w Mo Cr v Others
High-speed steels
M6 0.80 425 5.00 4,00 1.50 12.00 Co
M8 0.80 5.00 5.00 4.00 1.50 1.25Nb
M15 1.50 6.50 3.50 4.00 5.00 5.00 Co
M45 1.25 8.00 5.00 425 1.60 5.50 Co
T 1.05 18.00 4.00 3.00
7 0.75 14.00 4.00 2.00
T9 1.20 18.00 4.00 4.00
Hot-work steels
H15 0.40 . 5.00 5.00
H16 0.55 7.00 7.00
H20 035 9.00 2.00
H41 0.65 1.50 8.00 4.00 1.00
H43 0.55 - 8.00 4.00 2.00
Cold-work steels
D1 1.00 1.00 12.00
D6(a)
AS 1.00 1.00 1.00 3.00Mn
Shock-resisting steels
S3 0.50 1.00 0.74 -
sS4 0.55 2.00Si,0.80 Mn
Mold steel
P1 0.10
Special-purpose steels
L1 1.00 1.25 .
L3 1.00 1.50 0.20 -
L4 1.00 . 1.50 0.25 0.60 Mn
LS 1.00- 0.25 1.00 - 1.00 Mn
L7 1.00 0.40 1.40 0.35Mn
F1 1.00 1.25 .o
F2 1.25 3.50 .
F3 1.25 3.50 0.75
Water-hardening tool steels
w3 1.00 . 0.50
w4 0.60/1.40(b) 0.25 o
w6 1.00 0.25 0.25
w7 1.00 0.50 0.20

(a) Now included with D3 in Table 2-2. (b) Various carbon contents were available.
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the use of medium-carbon contents and relatively
high concentrations of chromium and other strong
carbide-forming elements. The medium-carbon
content promotes toughness by limiting the carbon
concentration of the martensite and by limiting the
size of alloy carbide particles. Good high-tempera-
ture strength is achieved by tempering at high tem-
peratures where fine, stable dispersions of chro-
mium and vanadium alloy carbides precipitate.
These carbides coarsen only slowly in service. The
high-alloy content of the H steels also provides
excellent hardenability and permits the hardening of
heavy sections by air cooling.

Tungsten hot-work tool steels have much
greater resistance than the chromium hot-work
steels to softening during high-temperature expo-
sure. The improved resistance to softening is ac-
complished by the addition of substantial
amounts of tungsten, which in addition to the
chromium, produce large volume fractions of sta-
ble alloy carbides in the microstructure. The lat-
ter distributions of carbides, however, also reduce
toughness.

Molybdenum hot-work tool steels. The H42
steel listed in this category in Table 2-2 has soften-
ing resistance comparable to the tungsten hot-work
steels and thus, offers an alternate choice, depend-
ing on availability and cost. Molybdenum, another
strong alloy carbide-forming element, is added with
chromium, vanadium, and tungsten to provide a
large volume fraction of alloy carbides, which re-
sults in stable microstructures when exposed to
high-temperature forming operations.

Tungsten high-speed tool steels are used for
high-speed cutting tool applications. The alloy con-
tent of strong carbide-forming elements, especially
tungsten in amounts of 18% or more, is so high that
these steels do not soften even when exposed to
temperatures where the tool appears red. The T
steels, by virtue of their relatively high carbon and
very high alloy contents, have high hardenability
and are processed to develop microstructures with
large volume fractions of high-temperature stable
carbides, which create excellent wear resistance and
red hardness.

Molybdenum high-speed tool steels similar to
the T group of high-speed steels, are used for high-
speed cutting tool applications. Molybdenum re-
places some of the tungsten of the T steels, but the
performance characteristics of the T and M steels,
except for the slightly higher toughness of the M
steels, are essentially the same. Alloying considera-
tions (namely, the formation of stable alloy carbides
and the addition of cobalt to increase red hardness)
and heat-treating processing are similar for both
types of high-speed steels. However, the M steels
more readily decarburize and require more care in
hardening.

Ultrahard high-speed tool steels are capable of
being hardened to 70 HRC, compared to the maxi-
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mum hardness of 65/66 HRC attainable in the other
high-speed steels. The very high hardness repre-
sents an optimization of the heat-treating and alloy-
ing design characteristic of high-speed steels i.e.,
very high densities of primary alloy carbides and
fine alloy carbides produced by secondary harden-
ing at high tempering temperatures and is achieved
by higher carbon contents together with high con-
tents of cobalt and the strong carbide-forming ele-
ments. Toughness at very high hardness levels is a
major consideration in the application of the ultrahard
high-speed steel, and often these steels are used with
hardness below the maximum attainable.

Summary. The preceding sections have pre-
sented the AISI classification system for tool
steels and briefly described the characteristics of
the major groups. A discussion of the selection of
tool steels follows. The remaining chapters will
then describe the principles and details of the
production, alloy design, heat treatment, micro-
structures, and selection of the various types of
tool steels.

Selection of Tool Steels

As shown in previous sections, there are many types
and grades of tool steels, all with different compositions
and properties. Selection of a single tool steel for a spe-
cific operation must be based on two major considera-
tions: (1) predicting the performance of a steel for an
application and (2) analyzing the limitations associated
with the manufacture of a tool, die, or mold with the
selected steel. Within this framework, the ultimate basis
of the proper selection of a tool steel is the final cost per
unit part produced by the tool.

Table 2-6 presents an overview and comparison
of the most important manufacturing and service
characteristics of the various steel grades in the
various classes of tool steels according to the AISI
classification system. Qualitative ranking, in terms
of low, medium, and high ratings, are provided to
aid in the assessment of the various steels. Many of
the manufacturing characteristics are related to heat
treatment response, and service characteristics are
rated relative to toughness, resistance to softening,
and wear resistance. The following sections present
information and a methodology that can be used to
help select tool steels for specific applications based
on performance requirements and manufacturing
considerations.

Predicting the Performance
of Tool Steels

Tool steels are used for many purposes, but all appli-
cations can be grouped into five basic types of operations:
forming, shearing, cutting, molding, and miscellaneous
(Table 2-7). After the major functions of a tool are iden-
tified, a first step in selecting an appropriate tool steel can
be made based on performance requirements, such as
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Table2-6 Manufacturing and service characteristics of tool steels

Hardening and tempering

Approximate Fabrication and service
Resistance to  Hardening Amount of Resistance to  hardness(b), Resistance  Resistance to
AIST designation decarburization response distortion(a) cracking HRC Machinability Tough to softening wear
Molybdenum high-speed steels
M1 Low Deep AorS,low; Medium 6065 Medium Low Very high Very high
0, medium
M2 Medium Deep AorS,low; Medium 60-65 Medium Low Very high Very high
0, medium
M3 (class 1 Medium Deep AorS, low; Medium 61-66 Medium Low Very high Very high
and class 2) 0, medium
M4 Medium Deep AorS, low; Medium 61-66 Low to Low Very high Highest
0, medium medium
Mb6 Low Deep Aor§, low; Medium 61-66 Medium Low Highest Very high
0O, medium
M7 Low Deep AorS, low; Medium 61-66 Medium Low Very high Very high
0, medium
MI10 Low Deep AorS,low; Medium 6065 Medium Low Very high Very high
0O, medium
M30 Low Deep AorS, low; Medium 6065 Medium Low Highest Very high
0, medium
M33 Low Deep AorS, low; Medium 6065 Medium Low Highest Very high
0, medium
M34 Low Deep AorS, low; Medium 60-65 Medium Low Highest Very high
0, medium
M36 Low Deep AorS, low; Medium 60-65 Medium Low Highest Very high
0, medium
M4l Low Deep Aor§, low; Medium 65-70 Medium Low Highest Very high
0O, medium
M42 Low Deep AorS§, low; Medium 65-70 Medium Low Highest Very high
0, medium
M43 Low Deep AorS§, low; Medium 65-70 Medium Low Highest Very high
0, medium
M44 Low Deep AorS, low; Medium 62-70 Medium Low Highest Very high
0O, medium
M46 Low Deep AorS,low; Medium 67-69 Medium Low Highest Very high
0O, medium
M47 Low Deep AorS, low; Medium 65-70 Medium Low Highest Very high
0O, medium
Tungsten high-speed steels
Tl High Deep Aor§, low; High 60-65 Medium Low Very high Very high
O, medium
v High Deep AorS, low; High 61-66 Medium Low Very high Very high
O, medium
T4 Medium Deep AorS,low; Medium 62-66 Medium Low Highest Very high
0, medium
T5 Low Deep AorS, low; Medium 60-65 Medium Low Highest Very high
0O, medium
T6 Low Deep AorS, low; Medium 60-65 Lowto Low Highest Very high
0, medium medium
T8 Medium Deep AorS, low; Medium 60-65 Medium Low Highest Very high
O, medium
T15 Medium Deep AorS, low; Medium 63-68 Lowto Low Highest Highest
0O, medium medium
Chromium hot-work steels
H10 Medium Deep Very low Highest 39-56 Mediumto  High High Medium
' high
H1l Medium Deep Very low Highest 38-54 Mediumto Very high High Medium
high
H12 Medium Deep Very low Highest 38-55 Mediumto Very high High Medium
high
H13 Medium Deep Very low Highest 38-53 Mediumto Very high High Medium
high
(continued)

(a) A, air cool; B, brine quench; O, oil quench; S, salt bath quench; W, water quench. (b) After tempering in lemperature range normally recommended for this steel. (¢)
Carburized case hardness. (d) After aging at 510 to 550 °C (950 to 1025 °F ). (e) Toughness decreases with increasing carbon content and depth of hardening.
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Table 2-6 (continued)

Hardening and tempering
Approximate Fabrication and service
Resistance to  Hardening Amount of Resistance to  hardness(b), Kesistance KResistance to
AISI designation decarburization response distortion(a) cracking HRC Machinability Tough 10 softeni wear
Chromium hot-work steels (continued)
Hi4 Medium Deep Low Highest 4047 Medium High High Medium
HI19 Medium Deep A, low; High 40-57 Medium High High  Medium to high
O, medium
Tungsten hot-work steels
H21 Medium Deep A, low; High 36-54 Medium High High  Medium to high
O, medium
H22 Medium Deep A, low; High 39-52 Medium High High  Medium to high
O, medium
H23 Medium Deep Medium High 3447 Medium  Medium Very high Medium to high
H24 Medium Deep A, low; High 45-55 Medium  Medium Very high High
O, medium
H25 Medium Deep A, low; High 3544 Medium High Very high Medium
O, medium
H26 Medium Deep AorSlow; High 43-58 Medium  Medium  Very high High
O, medium
Molybdenum hot-work steels
H42 Medium Deep AorS, low; Medium 50-60 Medium  Medium  Very high High
O, medium
Air-hardening medium-alloy cold-work steels
A2 Medium Deep Lowest Highest 57-62 Medium  Medium High High
A3 Medium Deep Lowest Highest 57-65 Medium  Medium High Very high
A4 Medium to Deep Lowest Highest 54-62 Low to Medium  Medium Medium to high
high medium
A6 Medium to Deep Lowest Highest 54-60 Lowto Medium  Medium Medium to high
high medium
A7 Medium Deep Lowest Highest 57-67 Low Low High Highest
A8 Medium Deep Lowest Highest 50-60 Medium High High  Medium to high
A9 Medium Deep Lowest Highest 35-56 Medium High High  Mediumto high
AlO Medium to Deep Lowest Highest 55-62 Mediumto Medium Medium High
high high
High-carbon, high-chromium cold-work steels
D2 Medium Deep Lowest Highest 54-61 Low Low High High to very
high
D3 Medium Deep Very low High 54-61 Low Low High Very high
D4 Medium Deep Lowest Highest 54-61 Low Low High Very high
DS Medium Deep Lowest Highest 54-61 Low Low High High to very
high
D7 Medium Deep Lowest Highest 58-65 Low Low High Highest
Oil-hardening cold-work steels
01 High Medium Very low Very high 57-62 High Medium Low - Medium
02 High Medium Very low Very high 57-62 High Medium Low Medium
06 High Medium Very low Very high 58-63 Highest  Medium Low Medium
o7 High Medium W, high; O, very W, high; 58-64 High Medium Low Medium
low O, very low
Shock-resisting steels
Si Medium Medium Medium High 40-58 Medium Veryhigh Medium Low tomedium
S2 Low Medium High Low 50-60 Mediumto  Highest Low Low to medium
high
S5 Low Medium Medium High 5060 Mediumto  Highest Low Low to medium
high
S6 Low Medium Medium High 54-56 Medium  Very high Low  Lowtomedium
(continued)

(a) A, air cool; B, brine quench: O, oil quench; S, salt bath quench; W, water quench. (b) After tempering in temperature range normally recommended for this steel. (¢)
Carburized case hardness. (d) After aging at 510 to 550 °C (950 to 1025 °F ). (e) Toughness decreases with increasing carbon content and depth of hardening.
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Table 2-6 (continued)

Hardening and tempering
Appr Fabrication and service
Resistance to  Hardening A nt of Resi to hardness(t Resistance Resistance to

AlSI designation decarburization response distortion(a) cracking HRC Machinability Tough to softening ‘wear
Shock-resisting steels (continued)
S7 Medium Deep A, lowest; A, highest; 45-57 Medium  Very high High  Low to medium

O, low O, high
Low-alloy special-purpose steels
L2 High Medium W, low; O, W, high; 45-63 High Very Low Low to medium

medium 0, medium high(c)
L6 High Medium Low High 45-62 Medium  Very high Low Medium
Low-carbon mold steels
P2 High Medium Low High 58-64(c) Mediumto  High "Low Medium

high
P3 High Medium Low High 58-64(c) Medium High Low Medium
P4 High High Very low High 58-64(c) Low to High Medium High
medium

P5 High W, high; High 58-64(c) Medium High Low Medium

O, low
P6 High A, very low; High 58-61(c) Medium High Low Medium

O, low
P20 High Medium Low High 28-37 Mediumto  High Low  Low tomedium

high

P21 High Deep Lowest Highest 30-40(d) Medium  Medium  Medium Medium
Water-hardening steels
wi Highest Shallow High Medium 50-64 Highest High(e) Low Low to medium
w2 Highest Shallow High Medium 50-64 Highest High(e) Low  Low tomedium
W5 Highest Shallow High Medium 50-64 Highest High(e) Low Low to medium

(a) A, air cool; B, brine quench; O, oil quench; 8, saltbath quench; W, water quench. (b) Afier tempering in lemperature range normally recommended for this steel. (¢) Car-
burized case hardness. (d) After aging at 51010 550 °C (950 to 1025 °F ). (¢) Toughness decreases with increasing carbon conient and depth of hardening.

wear resistance, toughness, and hot hardness, and manu-
facturing requirements related to heat treatment and fin-
ishing (Table 2-8).

Table 2-7 General groupings of tool steel
applications

1. Forming
(a) Cold forming
(b) Hot forming
2. Shearing
(a) Blanking
(b) Punching
(c) Cutting (shear blades and slitters)
(d) Trimming
3. Cutting (material removal)
(a) Metal cutting
(b) Nonmetal cutting
(c) Chipping
4. Molding
(a) Die casting
(b) Plastic molding
(c) Ceramic molding
(d) Powder molding
5. Miscellaneous
(a) Wear parts
(b) Percussion tools
(c) Gages
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Forming tools for either hot or cold work include
such operations as die blocks and inserts, hot-forg-
ing machine tools, press-forming tools, deep-draw-
ing tools, cold-heading dies and punches, thread-
rolling dies, and extrusion tools. Such tools are in
sliding contact with solid metal parts for a portion
of their working time and may be subject to high
stresses for short periods of time during operation.
Thus, as seen in Table 2-8, their principal require-
ment is wear resistance; secondary requirements
include toughness and machinability. Forming tools
used for hot work have the additional requirement
of hot hardness.

Shearing tools include shear blades, cutoff tools
on forging or heading machines, trimming dies,
blanking dies, slitters, punches, and piercers. They
are subject to high stresses, particularly as the stock
thickness increases, and require high toughness
along with wear resistance to maintain the original
edge contour and dimension. Safety in hardening
and a minimum distortion on hardening are secon-
dary requirements but are of prime importance in
long blades and intricate blanking dies.

Cutting tools used for machining require hot
hardness and wear resistance. Toughness and



grindability are listed as secondary needs. Cutting
tools may also include chipping operations, so chis-
els requiring high toughness may be classified here.

Molding tools are classified to include not only
plastic molding dies, but also die-casting and per-
manent molds for forming molten metals such as
zinc, aluminum, and copper alloys, and tooling for
P/M brick and ceramic briquetting, where solid ma-
terial is received and formed.

Miscellaneous tools and parts include wear
parts requiring high wear resistance, such as sand-
slinger plates and milling and grinder plates, per-
cussion parts requiring high toughness, and gages
requiring high hardness, good finish, and size sta-
bility.

Performance Selection Factors

Wear resistance, toughness, and hot hardness are
considered here and throughout this book to be the major
performance factors for the selection of tool steels. Com-

Table2-8 First step in selection of tool steels

Classification and Selection of Tool Steels

binations of these properties determine the suitability of a
steel for a given application and whether the steel is suited
for short, medium, or long production runs. Minor selec-
tion factors, which may be of importance for certain
functions, include working hardness, as related to yield
strength or elastic limit, depth of hardening, and grain
size.

In this book, a numerical system is used to rank
steels for the major selection factors of wear resis-
tance, toughness, and hot hardness. Each chapter on
the various types of tool steels starts with a table
that gives heat-treating data and ranks various prop-
erties by numbers. In the system used, 1 represents
a low rating and 9 represents a high rating. The
numbers are primarily for comparative ranking and
are not intended to indicate quantitative differences,
which may be considerably greater than 9 to 1. For
example, Table 2-9 compares the wear resistance of
several tool steels and shows that steels given the
same rating may differ significantly in abrasion re-

These major properties(a)
These major characteristics And these minor should be sought
Ifthe are required in charactertistics Wear Tough- Hot
tool: the tool steel: may be required: Under these conditions: resistance ness hardness
Cuts Wear resistance and Grindability and toughness Light cuts, slow speeds 4-8 1-3 1-6
resistance to softening Heavy cuts, fast speeds 7-9 1-3 89
effect of heat
Shears Wear resistance and Safety in hardening and slight  Thin stock, short runs 46 1-7 )
toughness distortion in hardening Thin stock, long runs 69 1-7 b)
Heavy stock, short runs 24 7-9 b)
Heavy stock, long runs 3-5 7-9 )
Forms Wear resistance Machinability and toughness  Cold, short runs 4-6 1-7 )
Cold, long runs 7-9 14 (b)
Hot, shortruns 3-6 6-9 5-7
Hot, long runs 46 6-9 7-9
Draws Wear resistance Slight distortion in hardening  Short runs 46 1-7 (b))
Long runs 7-9 14
Extrudes  Resistance to softening Cold 4-9 1-7 (b)5-7
effect of heat, Hot 3-6 69 )
toughness, and wear
resistance
Rolls Wear resistance Short runs 46 1-7 (b)
Long runs 7-9 1 b)
Batters Toughness Wear resistance Short runs 2-4 7-9 (b)

(a) See test for description of these properties and their numerical ratings. (b) Important only in hot working, as in examples under forming, extruding, or cutting.

Table 2-9 Relative wear resistance of selected tool steels(a)

Hardness, Abrasion weight Relative Wear resistance
AISI HRC loss, g x 10 weight loss rating
T15 67.4 15 1:1 9
A7 65.0 1.6 1.1:1 9
M4 67.4 23 5: 9
D4 63.0 43 3:1 8
D2 62.3 9.1 6:1 8
A2 62.9 330 22:1 6
o7 64.5 41.0 30:1 5

(a) Flat specimen abraded by wet 28/35-mesh quartzite on rubber wheel at 250 rev/min under 40 Ib load; total travel, 4000 surface feet. Data from Teledyne VASCO.
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sistance. Minor factors in the system are given as
follows: hardness on the Rockwell C scale (HRC),
grain size by Shepherd fracture ratings at full hard-
ness, and depth of hardening by the letters S (shal-
low), M (medium), and D (deep). The column on
core hardness for 25 mm (1 in.) round bars is related
to the depth of hardening.

Toughness, variously defined as the energy ab-
sorbed during fracture or the ability of a steel to
resist fracture, is related in some way to almost all
of the manufacturing and performance factors of
tool steels. Steel carbon content, heat treatment,
surface condition, hardness, and strength all affect
toughness. Subsequent chapters discuss these fac-
tors relative to the toughness of specific groups of
tool steels, and Chapter 17 discusses the relation-
ship of microstructure to toughness and fracture as
related to cracking that may occur in tool steels.
Here, toughness is presented primarily to assist in
tool steel selection and ranking.

Figures 2-1 and 2-2 show, respectively, combina-
tions of toughness and wear resistance and tough-

ness and hot hardness for various tool steels. Figure
2-1 shows that, in general, the toughness of tool
steels decreases as wear resistance increases. Ac-
cording to the brief review of alloying principles
and the classes of tool steels presented earlier in this
chapter, higher wear resistance, but reduced tough-
ness, is accomplished by increasing carbon and al-
loy content.

Figure 2-2 shows that the relationship of tough-
ness to hot hardness is not as easy to generalize as
is the relationship of toughness to wear resistance.
This observation is very much related to the operat-
ing conditions under which the various tool steels
must operate at high temperatures. For example, the
hot-work H-type forging alloys are designed to re-
sist heavy impact loads as well as softening at high
temperatures, while the high-speed steel cutting
tools are not subjected to the same heavy loading
and thus can tolerate lower toughness, as they main-
tain high surface wear resistance at elevated tem-
peratures. The latter considerations also dictate the
choice of surface modifications that might benefit
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Fig. 2-1 Toughness versus wear resistance for commonly used tool steels
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performance, as discussed in Chapter 16. The H-
type steels are sometimes nitrided, a process capa-
ble of producing high surface hardness to reason-
able case depths, while the high-speed steels are
frequently coated with very thin layers of very hard
ceramic materials such as titanium nitrides or car-
bides.

Manufacturing Limitations

After the major performance requirements for a
tool steel application are identified, manufacturing
limitations that affect cost and producibility of the tool
or die from a given steel must be considered. The
ranking of manufacturing factors used in this book
includes availability, rated on a scale of 1 to 4; cost of
the steel, rated on a scale of 1 to 5; machinability, rated
on a scale of 1 to 9; quenching medium (W, water; O,
oil; A, air; S, salt); hardening temperature required;
dimensional change on hardening, rated H (high), M
(medium), or L (low); and susceptibility to decarburi-
zation, also rated H, M, or L.

Classification and Selection of Tool Steels

The column on cost is intended to reflect only the
relative basic cost of a steel based on its alloy con-
tent, and is not intended to reflect the expected final
cost of the tool or die. Alloying element costs are
based on costs prior to publication of the fourth
edition of Tool Steels, and may fluctuate, depending
on the marketplace. Price variations related to vari-
ous qualities of tool steels achievable by different
manufacturing approaches also are not considered
in the cost column. Steels of low initial cost may
have higher final die cost, depending on equipment
available to the manufacturer, hardening tempera-
ture, cost of hardening, straightening, machining,
and grinding.

Examples of Tool Steel Selection

The selection of a tool steel begins with the identifi-
cation of the group or groups of tool steels that best satisfy
the requirements of a given tool or die application. Selec-
tion within a group then proceeds with a more detailed
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Fig. 2-2 Toughness versus hot hardness for commonly used tool steels
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evaluation of manufacturing and performance require-
ments of the grades of steel within that group. The chap-
ters on the various types of tool steels describe in detail
the basic metallurgy and properties of those groups of
steels and give examples of the types of applications for
which the steels have been used. The following sections
present some examples of the selection process and the
tool steels selected for specific applications, based on
earlier case studies (Ref 5, 6). Operating experience,
which supplements tabulations of properties and relative
rankings, is invaluable in terms of the selection of tool
steels, and comments regarding specific applications are
included either in the text or in associated tables.

Selection of Steels
for Cold-Heading Dies

Cold-heading dies frequently fail by wear, galling,
and splitting; they also fail from fatigue on inner or
working surfaces. Occasionally, failure by sinking or
enlarging of the die form is encountered. Because of this
and the high stresses encountered in cold heading, steels
with high hardness on the working surfaces (generally
about 62 HRC) are preferred. The materials most com-
monly used for punches and dies are water-hardening
steels W1 and W2. These are shallow-hardening materi-
als in which the control of hardenability is of greatest
importance. For dies, hardenability is generally adjusted
in accordance with the size of the die. Splitting along the
longitudinal axis of the die can be avoided by selecting
materials with a greater hardenability or by raising the
hardening temperature. Although vanadium generally
provides shallower-hardening materials than the plain
carbon tool steels, other elements in the composition may
be adjusted to compensate for this, while providing the
high toughness of a finer-grained vanadium modification.

The wear resistance of the water-hardening steels
is distinctly limited even at maximum normal work-
ing hardness of 62 to 64 HRC. Thus, when longer
production runs are desired, the use of more highly
alloyed steels such as D2, M2, or A2 is desirable.
The lower toughness ratings of these steels, how-
ever, make it almost impossible to use them as solid
dies. Accordingly, they are often used as an insert in
a casing made from tough (9) H11 steel at a hard-
ness of 48 to 50 HRC.

Punches used with cold-heading dies are also
frequently made from steels W1 or W2. Where wear
resistance can be sacrificed and toughness is of
utmost importance, or where breakage is encoun-
tered, punches made from shock-resisting steel S1
may also be employed. Where greater wear resis-
tance is required for cold-heading punches, steels
D2 or M2 are used.

Selection of Steels for Coining Dies

The considerations here are not dissimilar from those
for cold-heading dies, but coining dies may be consider-
ably larger or more intricate, so that distortion in harden-
ing, machinability, and cost may be of greater impor-
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tance. Coining dies may fail by wear, sinking, or crack-
ing. With low pressures and soft workpiece material, die
failure by wear is sometimes caused by metal pickup.

Much industrial coining is done in the silverware
industry on drop hammers. Here, water-hardening
steels such as W1 treated to a surface hardness of 59
to 61 HRC are almost always used—whether silver,
copper alloys, or stainless steels are coined. The
shallow-hardening characteristics of the water-
hardening steel and control of its hardenability are
important. When coining deep designs, failure of
the water-hardening steels often occurs by cracking.
To solve this problem, deeper-hardening carbon
tool steels may be employed, or lower-carbon steels
such as S1 or L6 with toughness ratings of 6 to 8 at
hardnesses of 57 to 59 HRC may be selected. Where
maximum toughness (9) is required, steels H11 or
H12 are used at 45 to 52 HRC. At this low hardness,
scoring can be prevented by hard chromium plating
of 0.127 to 0.254 mm (0.005 to 0.010 in.) for small
dies, and for greater wear resistance oil-hardening
steel O1 or air-hardening steels A2 and D2 are
employed at 56 to 58 HRC.

Preferably, cold-coining dies are made by hub-
bing with master hobs, which is considerably less
expensive than machining. Steels O1 and A2 can be
satisfactorily cold hubbed, but sometimes interme-
diate anneals are necessary between several hub-
bings. Steel W1 can be more readily hubbed, the
impression generally being about twice as deep for
a given hub pressure in this grade as compared to
steel A2.

Selection of Steels for
Cold-Work Dies and Punches

This widely encountered application for tool and die
steels includes the operating characteristics from Table
2-7 in categories 1(a), 2(a), 2(b), and 2(c). The require-
ments for tool steels may vary from those of high produc-
tivity or high wear resistance to those where toughness is
the principal consideration. Consequently, many steels are
actually employed; the principal ones are listed in Table 2-10
along with wear resistance and toughness ratings.

Since cold work is involved, hot hardness is not
considered. Wear resistance rates from 3 to 9 and
toughness ratings from 1 to 7 are used for cold-
working operations. High-speed steels and high-
carbon, high-chromium steels provide the greatest
wear resistance but the lowest toughness, whereas
higher toughnesses, when required, are obtained
with steels of lower alloy content.

When dies are extremely small and size change
from hardening is not a serious consideration,
water-hardening steels are quite satisfactory. As
part size increases, use of water- and oil-hardening
steels is reduced in favor of air-hardening materials
such as A2 and D4. This is particularly true in
blanking parts that are 76.2 mm (3 in.) in width or



greater. The same trend would be noted as parts
become more intricate in design.

As the thickness of the stock being punched or
formed increases, greater toughness is often re-
quired. Occasionally, when parts must be punched
from metals of 6.35 mm (0.25 in.) in thickness,
shock-resisting steels S1 or S5, with a toughness
rating of 8 and a wear resistance rating of 2 to 4, are
recommended. Low wear resistance of silicon and
tungsten chisel steels is sometimes overcome by
carburizing to obtain a surface carbon content of
about 0.75% to a depth of from 0.254 to 0.508 mm
(0.010 to 0.020 in.). Further changes in wear resis-
tance of steels O1, A2, and D2 to improve the life of
blanking die punches may be obtained by nitriding,
employing a gas-nitriding cycle of about 12 h at 540
°C (1000 °F). This treatment is most popular on
steel D2 because of its resistance to softening at the
nitriding temperature, which prevents a soft core
underneath the relatively hard, brittle nitrided case.
For maximum production runs, high-speed steels
such as M2 or M4 may be used.

In the manufacture of blanking dies and punches,
the cost of the steel is low compared to the cost of
the die. This is particularly true for small dies,
where the cost of steel D2 has been only about 10%
of the total die cost. For larger dies, approximately
305 mm (12 in.) in size, the cost of steel has been as
much as 50% of the total die cost.

Punches used in connection with cold-work,
blanking, or trimming dies have a limited slender-
ness ratio of punch diameter to sheet thickness,
which for aluminum, brass, and steel is about 2.5 to
1 for unguided punches and 1 to 1 for guided
punches. The limiting slenderness ratio of punch
diameter to sheet thickness for piercing spring steel
and stainless steel is between 1.5:1 and 3:1 for
unguided punches and between %4:1 and 1:1 for
accurately guided punches. The change in recom-
mended hardness of steels W1, D2, and M2 as a
function of punch diameter is shown in Fig. 2-3,
Punches used in short-run blanking dies when made

Table 2-10 Wear resistance and toughness of
tool steels for cold-work dies and punches for
blanking

Rating for:
Steel Wear resistance Toughness
w1 4 7
w2 4 7
L6 3 6
01 4 3
02 4 3
A2 6 5
D2 8 2
D4 8 1
A7 9 1
Tl 7 3
M2 7 3
M4 9 2

Classification and Selection of Tool Steels

from water-hardening steels W1 or W2 may be left
in a relatively soft condition so that they can be
peened to compensate for wear.

Selection of Tool Steels for
Cold Forming Hexagon Nuts

As an example of a specific task in selecting
steels for punches and dies, the application of manu-
facture of hexagon nuts by cold forming is shown in
Fig. 2-4. The first operation (Fig. 2-4a) involves
cold upsetting of a precut steel rod, forming a partial
chamfer on one end. The two pins illustrated are
accurately guided and have a relatively low require-
ment for wear resistance because there is little lat-
eral movement of the steel slug against the end
surface of the pin. Wear resistance is not a prime
requirement, and because the pins are accurately
guided, the choice was to manufacture them from
carbon tool steel drill rod—even though they would
harden through their small cross section and thus
have a low toughness rating of 3. Pins were hard-
ened to 58 to 60 HRC by water quenching from 790
°C (1450 °F) and tempering 3 h at 230 °C (450 °F).
The sizing die shown in Fig. 2-4(a) is in fact a die
holder forming a guide for the upper pin and serving
to contain the sizing die insert. As such, there is no
requirement for high wear resistance; however, the

Punch diam
0.075 in.

0.100
0.137
0.168
0.200:
0.232

w1

0.075in. —
0.100
0.137
0.168
0.200
0.232

D2

0.075in. —1——
0.100
0.137
0.168 s

0.200 :
CFI

0.232
Perforator 58 60 62 64 66 68
punches Recommended Rockwell C hardness

M2

Fig. 2-3 Suggested hardness for tool steel perforator
punches. Punches should be tempered to 56 to 60 HRC when
subjected to heavy shock or used to pierce thick material.
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steel should be of high strength but low notch sen-
sitivity, and thus high toughness (9), and readily
manufactured.

Such holding or compression rings are quite fre-
quently manufactured from air-hardening steel
H11, which can be tempered for accurate size stabil-
ity because of its secondary-hardening nature. In
this instance, the sizing die was treated to 48 to 50
HRC by air cooling from 995 °C (1825 °F) and
double tempering for 2.5 plus 2.5 h at 565 °C (1050
°F). The sizing die insert is subject to consider-
able wear and must have reasonably high strength
and hardness. In this particular application, high-
speed steels were selected; steels T1 and M4 both
were tried to determine if the added wear resistance
of the latter would significantly improve perform-
ance. Because wear conditions were moderate,
either steel performed satisfactorily at a hardness
of 60 to 62 HRC.

In the second operation (Fig. 2-4b), the part is
further upset and heavy chamfers coined on both
ends. A water-hardening steel was selected for the
two pins and was treated to the same hardness. The
small diameter of these pins suggests the choice of
an oil- or air-hardening steel for added safety in
hardening and lack of distortion. Steels O1, A2, or

Sizing die pin

i
] Sizing die
Sizing die inser

Sizing punch
¢ Sizing punch pin

C

(a) Part formed

Hexing die pin

Hexing die hoider
— =

Hexing die
A Al

(/L

Hexing punch pin

@

(c) Part formed

high-speed steels T1 and M2 also could have been
used. The doming die and doming punch are large
masses subjected to splitting forces similar to a
cold-heading die and require high toughness (7).
Therefore, water-hardening steel W1 with 1.00% C
and shallow-hardening characteristics was selected.
The dies were heated to 800 °C (1475 °F) and
quenched (by flushing water through the center hole
only) to create a hard case on the inside diameter of
the die and punch. They were tempered for 3 h at
190 °C (375 °F) for a hardness of 62 to 64 HRC.
The third operation (Fig. 2-4c) involves the use of
two forming pins that create a prepiercing operation
on the slug and at the same time form the outside
surface of the slug into its desired hexagon shape.
The punches must have considerably higher wear
resistance (7 to 9) than would be afforded by a
water-hardening steel. Therefore, steel T1 was se-
lected, hardened to 58 to 60 HRC by oil quenching
from 1260 °C (2300 °F) and tempered for 2.5 plus
2.5 h at 595 °C (1100 °F). The hexing die holder is
not in contact with the work and, similar to the
example of Fig. 2-4(b), was made from the tough
steel H11, hardened to 48 to 50 HRC. The die insert
with its hexagonal inside surface is subject to con-
siderable wear, and high-speed steels were chosen.

Doming die pin

Doming die

Doming punch
" Doming punch pin

Part formed

\ Piercing die bushing
Piercing die

Knockoft pin
Piercing punch

@ @ P.P. stripping die

. <

[ (3
(d) T Part formed

Fig. 2-4 Tooling for cold forming a hexagon nut. (a) First opéra(ion: upsetting. (b) Second operation: upsetting and chamfering.
{c) Third operation: forming and prepiercing. (d) Final operation: piercing
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Using steel T1 with a wear resistance of 7, oil
quenched from 1270 °C (2320 °F) and tempered 2.5
plus 2.5 hat 595 °C (1100 °F), gave a production of
350,000 parts. Changing to M4 steel, one of the
superhigh-speed steels containing 4% V and having
a wear resistance rating of 9, gave a production of
more than 1 million parts. This latter steel was still
further improved by carburizing in a charcoal pack
at 1065 °C (1950 °F), then air cooling and temper-
ing for 2.5 plus 2.5 h at 555 °C (1030 °F) for a final
surface hardness of 63 to 65 HRC. A production of
2.4 million pieces was obtained.

The final series of operations involves piercing
the center hole of the nut (Fig. 2-4d). The piercing-
die bushing and stripping die required a higher com-
pressive strength (higher hardness) than would be
possible to obtain on steel H11 used in the holding
rings of the earlier operations. The wear resistance
requirement was not vital; consequently, steel A2
was selected and hardened by air cooling from 995
°C (1750 °F) and tempering for 2.5 hat 218 °C (425
°F) to a hardness of 59 to 61 HRC. The piercing
punch required a considerably higher toughness
than could be obtained on steels of maximum wear
resistance such as D2, D4, or A7. Consequently, the
high-speed steel T1 was selected as a compromise
between the needed wear resistance and required
toughness on this unsupported and unguided punch.
The piece was hardened by quenching in oil
from 1260 °C (2300 °F) and tempering for 2.5
plus 2.5 h at 595 °C (1100 °F) to a hardness of
59 to 61 HRC. Finally, the knockoff pin was
made from an oil-hardening steel Ol drill rod
heat treated to 58 to 60 HRC by quenching in
oil from 790 °C (1450 °F) and tempering 2.5 h
at 205 °C (400 °F). It also could have been
manufactured from steel W1 or steel A2 at low
cost and reasonable economy.

Selection of Steels for Cold Extrusion

This operation involves the displacement of
metal by plastic flow and a steady, nearly uniform
pressure and may involve either forward or back-
ward extrusion. Cold-impact extrusion is a spe-
cial form of this process. High compressive
strength (hardness) of the die is the most impor-
tant factor required. Because of high pressures,
toughness is sacrificed to obtain high strength,
and a steel of low toughness (1 to 5) frequently is
selected; dies are usually prestressed in compres-
sion by pressure of the shrink rings made from
tough (9) steel H11 employed to hold them in
place. Table 2-11 lists popular steels and their
working hardnesses. Steels A2, D2, and M2 may
be used; the last generally gives near-maximum
die life. For extremely difficult jobs where failure
by cracking is encountered, especially in the extru-
sion of steel, medium-carbon steels such as H11 give
the best results, with toughness ratings of 6 to 9 and

Classification and Selection of Tool Steels

wear resistance ratings of 3 to 6. Conversely, for
improvements in wear resistance (to 9) over steel
M2, steels M4 or T15 may be used.

Selection of Steels for Shears

Shearing can be performed either hot or cold and
on materials with thicknesses from less than 0.0254
mm (0.001 in.) up to 152 mm (6 in.). Consequently,
as in most other tool steel applications, require-
ments for wear resistance and toughness will vary
over the entire available range of those properties.
Table 2-12 gives examples of steels that have been
selected for shears on different applications.

Table 2-11 Tool steels for cold extrusion

Working

Rating for: hardness,
Steel Wear resi Tough HRC
Punches
Ti5 9 1 64-66(a)
M4 9 2 64-66(a)
D4 8 1 62-64(a)
D2 8 2 60-62
Punch shank or mandrel
A2 6 5 56-58
Ol 4 3 56-58
S1 4 8 56-58
Ss 2 8 56-58
Die insert
T1S 9 1 65-67
M4 9 2 64-66
D4 8 1 62-64
M2 7 3 64-65
D2 8 2 60-62
Die base
A2 6 5 54-56
S1 4 8 54-56
L6 3 6 54-56
Ol 4 3 54-56
Die holder
H11 3 9 48-50
Knockout pin
H11 3 9 53-55
S5 2 8 54-56
L6 3 6 54-56
Ol 4 3 54-56
S1 4 8 54-56
Die anvil
M4 9 2 60-62
D2 8 2 58-60
A2 6 5 58-60
Ol 4 3 58-60

(a) Or 6063 HRC under conditions requiring slightly higher toughness
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Selection of Steels for Die-Forging
and Press-Forging Tools

Tool steels found in most press-forging and drop-
hammer forging operations (Table 2-13) are em-
ployed at a hardness generally not exceeding 510

HB. For the press forging of high-temperature
alloys, particularly those with a nickel or co-
balt base, certain high-alloy hot-work steels,
including H26, are used at hardnesses up to 577
HB. Whether the forging dies are to be used on a
drop hammer or a press is a greater influence on the

Table 2-12 Tool steels for shears

Rating for:

Steel ‘Wear resi Toughness Hot hardness Applications
S2 2 8 2 Cold shearing heavy stock;
S5 2 8 3 scrap shears; hot shears for
S1 4 8 5 moderate life
H11 3 9 6 For shock conditions; hot or
A8 4 8 6 cold shearing; hot shearing

heavy sections
Ol 4 3 3 Cold-work shears for high
A2 6 5 5 production on thin or medium-
D2 8 2 6 thickness stock
M3 8 2 8 Long-lift cold shears for thin
M4 9 2 8 or medium-thickness stock;

highest wear resistance

Table2-13 Tools steels for hot-forging

Rating for:
Steel Wear resi Tough Hot hardness Applications
S1 4 8 5 Short runs; die temperature in 480 °C (900 ° F); dies can be cooled. If
die design is critical, use H12 to minimize warpage.

H12 3 9 6 Long runs; die temperature in service not over 480 °C; dies can be

Hil 3 9 6 water cooled. A8 provides better e to wear. Resi e to

HI13 3 9 6 softening to 480 °C is good. Steels have high toughness for abuse in

A8 4 8 6 service. Most widely used steel for application is H12.

H21 4 6 8 Long or short runs; die temperatures above 480 °C. Steels H24 and

H20 4 6 8 H26 have best wear resistance. Most widely used in H21. H26 used

H24 5 5 8 for press forging of nickel— and cobalt-base high—temperature alloys.

H25 4 6 8

H26 6 4 8

Table 2-14 Tool steels for rolling—mill rolis

Rating for:

Steel Wear Tough Hot harduess Applications

L3 3 6 2 Cold rolls up to 75-125 mm (3-5 in.) round. Shallow hardening; 65 HRC
minimum surface hardness; brine quenched

o1 4 3 3 Cold rolls 6.4-100 mm (%4 in.) round. Through-hardening in oil; 6062
HRC

A2 6 5 5 Cold rolls 6.4-250 mm (Y410 in.) round. Through-hardening in air; 58—62
HRC; work rolls and backup rolls

D2 8 2 6 Cold rolls 6.4-300 mm (%~12 in,) round; through-hardening in air; 58-62
HRC,; Sendzimir mill work rolls

M4 9 2 8 Cold rolls 6.4-150 mm (%46 in.) round; high-speed steel; 62-65 HRC:
Sendzimir mill work rolls

Hl1l 3 9 6 Hot rolls; short runs; backup rolls; low temperatures; 40-48 HRC

H21 4 6 8 Hot rolls; medium runs; medium temperatures; 40-50 HRC

H26 6 4 8 Hot rolls; long runs; special materials; high temperatures; 45-58 HRC
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selection of the hardness range than is the die com-
position, although both should be considered.

Dies can be operated at a higher hardness in a press
since they are subject to less impact. However, dies in
a press usually run hotter, necessitating use of steels of
slightly higher alloy content. For example, when a
hammer is used, low-alloy die steels at 341 to 375 HB
are suggested to make forgings of a simple part from
carbon or alloy steel. When the same part is forged on
a press, higher-alloy die block materials such as steel
H12 may be used, hardened to 369 to 388 HB. Al-
though steels H11, H12, and H13 can be used inter-
changeably as inserts or as complete blocks, steel H12
is generally preferred because of its tungsten content,
which is considered to provide longer life in forging
operations.

Trimming tools used in conjunction with forging
operations are frequently made from cold-work die

Table 2-15 Tool steels for die-casting dies

Classification and Selection of Tool Steels

steels A2 or D2. The latter has a'longer life because
of its greater wear resistance. Where toughness is
important, trimming may be done with steel H11,
especially if the trimming operation is performed
hot.

~ The cost of the steels for small dies represents
only a minor portion of total die cost for these tools
as for most others. However, for very large die
blocks used to forge material up to 610 mm (24 in.)
thick, the steel cost may amount to 50 to 75% of the
cost of the die.

Selection of Steel for Additional Uses

Further examples of steel selection for specific
applications are given in tabular form only. Selec-
tion of tool steels for rolls, both hot and cold (Table
2-14), for die-casting dies (Table 2-15), for hot-ex-

Rating for:
Steel Wear resi Tough Hot hardness Applications
P20 1 8 2 Prehardened to 300 HB; used for white metal dies; short to medium runs. Holder

blocks for aluminum die-casting die inserts

HI11 3 9 6 General purpose for aluminum die casting; long runs for white metal die casting.
HI13 3 9 6 47 HRC preferred hardness; air hardening, General secondary tooling for die-
H12 3 9 6 casting machines
Hi4 4 6 7 Long runs on aluminum die-casting dies. Only rarely employed. 47-49 HRC
H21 4 6 8 Short runs on brass die casting; 38-42 HRC
H19 5 6 7 Medium runs on brass die casting; 38-43 HRC
H23 5 5 8 Medium runs on brass die casting; 32-39 HRC. Highest tempering resistance

Table 2-16 Tool steels for hot extrusion

Rating for:
Steel Wear resi: Tough Hot hardness Applications
S1 4 8 5 General secondary tooling for white metal extrusion; dies for steel extrusion
A2 6 5 5 Dies for white metal extrusion
D2 8 2 6 Dies for white metal extrusion
HI1t 3 9 6 Dies, dummy blocks, rams, liners for magnesium and aluminum. Rams and
HI3 3 9 6 liners for copper alloy extrusion. Die holders for extrusion. Dummy blocks for
Hi12 3 9 6 copper, brass; 42-47 HRC. Mandrels for copper alloys; 50-52HRC
H10 3 9 6 Dies for aluminum extrusion
H21 4 6 8 Dies and dummy blocks for copper alloy extrusion. Dies for brass and
copper; 42-45 HRC. Dummies for cupronickel; 41-44 HRC
H26 6 4 8 Dies for copper alloy extrusion. Dies for brass and copper; 40-44 HRC
T15 9 1 9 Dies for refractory metal extrusion and high-temperature alloy extrusion

Table 2-17 Tool steels for thread-rolling dies

Rating for:
Steel ‘Wear resistance Toughness Hot hardness Applications
A2 6 5 5 Circular and flat dies; 10-50% less life than D2 or M2. More
popular on dies ground after hardening
D2 8 2 6 Long-run circular and flat dies
M1 7 3 8 Long-run circular and flat dies
M2 7 3 8 Long-run circular and flat dies
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Table 2-18 Tool steels for structural use

Rating for:
Steel Wear resi Tough Hot hardness Applications
L2 1 7 2 Machine elements, cams, shafts, spindles, gears, sprockets
S1 4 8 5
P20 1 8 2
P21 1 8 4
H11 3 9 6 Ultrahigh-strength steel used for aircraft and missile structures, bolts at
H10 3 9 6 1515-2070 MPa (220-300 ksi) ultimate tensile strength
A8 4 8 6 For strengths of 1790-2205 MPa (260-320 ksi). Less ductility than H11
A9 4 8 6
M50 6 3 6 High-temperature bearings; strengths up to 2585 MPa (375 ksi), low ductility
M10 7 3 8
M2 7 3 8

trusion tooling (Table 2-16), for thread-rolling dies
(Table 2-17), and for structural use (Table 2-18) is
covered.
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CHAPTER 3

Manufacture of Tool Steels

Tool steels are produced by numerous manufacturers
located around the world. These materials also covera
broad range of compositions, from plain carbon to
very highly alloyed high-speed steels (see Chapter 2).
Therefore, a wide variety of manufacturing equipment
is employed and no universal practice is followed. This
chapter describes some of the more typical manufac-
turing practices, along with their benefits and limita-
tions. A few of the more recently introduced processes
that hold considerable promise for producing tool
steels or finished tools at lower cost or with improved
quality also are reviewed.

Primary Melting

Electric arc furnace (EAF) melting continues to
be the principal process for the production of tool
steels. However, significant changes have occurred
in the melt area since the fourth edition of this book
was published—specifically, the incorporation of
secondary refining operations such as argon oxygen
decarburization (AOD), vacuum oxygen decarburi-
zation (VOD), and ladle furnaces (Ref 1). The steel-
making process has been split into two stages. The
first stage consists essentially of only melting with
little or no refining, and the equipment and opera-
tion can be optimized for this purpose (e.g., with
ultrahigh-powered electric arc furnaces). In the sec-
ond stage, hot metal from the electric arc furnace is
transferred to a ladle or converter vessel where the
majority of refining takes place. The principal bene-
fits associated with secondary refining are reduced
furnace time and increased overall capacity. Yields,
quality, consistency, and reproducibility are also
improved.

Raw materials account for a significant portion of
the cost of a final tool steel bar or coil product.
Thus, competitive pressures dictate using the low-
est-cost materials consistent with obtaining the de-
sired chemistry. Tool steel scrap makes up a large
percentage of each charge, typically 75%. This can

be internal mill scrap (commonly referred to as
revert) consisting of end crops, bar and billet
macroslices, and turnings, as well as purchased
scrap of all forms. Special care must be taken to
avoid scrap contamination, especially from undesir-
able elements such as nickel, cobalt, and copper,
which cannot be oxidized out of the melt. Alloy
additions of chromium, tungsten, molybdenum, va-
nadium, silicon, and manganese are usually made in
the AOD in the form of ferroalloys. Molybdenum,
cobalt, and vanadium can also be added as oxides,
which can be reduced in the AOD.

The raw material charge is usually melted as rap-
idly as possible, then transferred to a secondary
refining vessel such as the AOD (Fig. 3-1), where
refining is accomplished by the injection of control-
led ratios of O, and argon or N, by means of a
submerged tuyere. Excellent control of chemistry,
including carbon, sulfur, phosphorus, O,, and H,, is
possible. Nitrogen can also be removed to some
degree, depending on the alloy, or purposefully
added by nitrogen blowing. Since there is no sup-
plementary heat source for the AOD, temperature
control is achieved by controlling the rate of blow-
ing. Additional heat can be obtained by adding alu-
minum or silicon as fuel for the exothermic oxida-
tion reaction.

When the desired chemistry has been achieved
and the proper temperature reached, the heat is
poured into a ladle and transferred to the casting
(teeming) station. Ingots can be either top or bottom
poured. Teeming rates are higher in bottom pouring
since several molds are filled simultaneously from a
common down sprue. Bottom pouring also permits
the use of mold flux, which can improve ingot sur-
face quality. Internal quality, including the amount
of pipe and carbide segregation, may also be im-
proved by bottom pouring. Following casting, in-
gots are usually annealed to prevent cracking (de-
pending on the alloy) or hot stripped and heated
directly for forging.
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Electroslag Remelting

Electroslag remelting or refining (ESR) is a pro-
gressive melting process in which the end of an
electrode, produced in a previous process such as
EAF-AQD, is submerged in a reactive, molten slag
contained in a water-cooled copper mold. Heat is
generated by the passage of high current (usually
alternating current) through the molten slag. As the
end of the electrode melts, droplets of molten metal
fall through the slag, are refined, and collect in a
pool in the mold, building an ingot as the electrode
is consumed. There are two basic variants of the
process: one employing a long, static mold and the
other a short, collar mold. In the latter case, relative
movement occurs between the mold and the solidi-
fying ingot. This is achieved by either withdrawing
the ingot from the bottom of a stationary mold or
raising the mold relative to the stationary ingot.
Because of the good heat removal of the system and
the fact that only a relatively small portion of metal
is molten at any one time, solidification rates are
significantly higher than in a comparably sized
static cast ingot, and as-cast structures thus are sub-

Fig. 3-1 AOD fumace in operation. Courtesy of Allvac
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stantially improved. The process is shown schemati-
cally in Fig. 3-2. A typical ESR tool steel ingot is
shown in Fig. 3-3.

Since ESR is a batch process that operates at
relatively low rates (typically a few pounds per
minute), it is expensive for some materials. There-
fore, the process has found application for tool
steels only where improvements in yield, cleanli-
ness, sulfur reduction, or structure are required.

The benefits of ESR stem directly from the way
the process operates. A smooth ingot surface, which
is ideal for subsequent hot working, is achieved as
a result of the constant melt rate and the thin slag
layer that solidifies on the mold wall. Progressive
solidification conditions also produce an ingot that
is completely sound, with no pipe or porosity. Uni-
form, relatively rapid solidification leads to an im-
provement in the uniformity of macrostructure and
a reduction in the tendency for center segregation
(Fig. 3-4). Microstructural features such as the eu-
tectic cell size (Fig. 3-5) and the eutectic carbide

__——Flectrode arm and clamp

 _ Electrode stub end

| Unretined electrode

Water-cooled mold

Moiten slag

Moiten metal droplets
Moften metal

Solid slag skin
Solidified ingot

Water-cooled base plate

Fig. 3-3 Typical ESR tool steel ingot, 300 mm (12 in.)
diam M42. Courtesy of Allvac
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particle size (Fig. 3-6) are also reduced. These re-
sults have been documented previously (Ref 4).
Cleanliness of ESR-melted product is significantly
improved over that of air-melted EAF product (Ref
5). The highly reactive ESR slag removes exoge-
nous oxide inclusions at the tip of the melting elec-
trode, as molten droplets fall through the slag bath
and from the molten metal pool (Ref 2). Chemical
uniformity of ESR ingots is improved over static
ingots (Ref 4), and sulfur is substantially reduced
(to at least 70%) (Ref 6). These features, in turn,
result in a number of significant benefits, including
improved hot workability and thus processing
yields, reductions in degree of carbide banding, car-
bide size, grain size (Ref 2, 3) (Fig. 3-7), and better
transverse tensile ductility and fatigue properties
(Ref 4, 6) (Fig. 3-8).

Despite this long list of significant improvements
resulting from ESR melting, its use in the manufac-
ture of tool steels is quite limited due to economics.
Even though yield significantly improves, the re-

sulting cost savings may not repay the cost of extra
processing associated with the ESR step. Thus, it is
probably most often applied to certain specialized
tool steel applications where the end user is will-
ing to pay the extra cost for premium ESR qual-
ity.

Vacuum arc remelting (VAR) is a companion
process to ESR, which has limited application to
tool steels. Like ESR, VAR is a progressive solidi-
fication process that results in a refined macrostruc-
ture and microstructure, excellent chemical uni-
formity, and a sound ingot with minimal hot-top
pipe. In the VAR process, an arc in a high-vacuum
environment replaces the resistance-heated molten
slag as the heat source. There is very little change in
chemistry and no sulfur reduction in VAR, com-
pared to ESR, but O,, N5, and volatile elements
(e.g., manganese, lead, and bismuth) can be re-
moved to some degree. Use of VAR for tool steels
is limited to certain critical bearing and a few other
specialized customer applications.

(a)

(b)

Fig. 3-5 Eutectic cell size for 1360 kg (3000 Ib) M42 high-speed steel ingots produced by conventional static casting (a) and

ESR (b). 30x, center position. Courtesy of Allvac

(a)
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(b}

Fig. 3-6 Eutectic camide particle size for 1360 kg (3000 Ib) M42 high-speed steel ingots produced by conventional static casting
(a) and ESR (b). 610x, center position. Courtesy of Alivac



Primary Breakdown

It is difficult to generalize about the practices
employed in the working of tool steels, as they are
undoubtedly as varied as the number of manufactur-
ers and all the different sizes and types of equipment
used. Because the size of the tool steel market is
relatively small, tool steel manufacturers generally
also produce a variety of other alloys, varying from
steels to nickel-base alloys and titanium, and thus
their equipment is not necessarily tailored strictly to
tool steels. In almost all cases, however, it is
safe to say that the competitive nature of the
tool steel business has ended the era of manu-
ally manipulated hammers and hand mills and
replaced it with automated or continuous opera-
tions with substantially greater throughput and
efficiency.

The initial breakdown practice for tool steel in-
gots, to some degree, depends on the final product.
For long products (billet, bar, or rod coil), the proc-
ess would usually start on an open-die hydraulic
press or a modern rotary forging machine. In some
cases, breakdown may also be done by rolling on
large blooming mills as, for example, plate and
sheet products or round-cornered square (RCS) re-
roll billet. Products from these operations may be
sold as large-diameter bar from which various tools
could be made directly or as billet to be reforged to
produce a final component shape. Round-comered
squares or round reroll billet would be intended for
further processing by rolling to bar.

The newest and most modern piece of equipment
used for hot working of tool steels is the precision
rotary forge. Several of these large, high-powered
machines have been installed by producers of tool
steels in the 1980s and 1990s. Ideally suited to the
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forging of tool steels, they are extremely versatile
and highly productive. A precision rotary forge con-
sists of a forging box with four radially opposed
hammers and a handling device, or chuckhead, on
each side that passes the workpiece back and forth
through the forging hammers as it is reduced in
cross section (Fig. 3-9).

These machines are very productive and require
only a single operator. The high hammer stroke rate
(180 to 310 strokes per minute) and heavy reduc-
tions (up to 40% reduction of area per pass) cause
adiabatic heating and permit reductions of up to
16:1 without reheating. They are also flexible. Size
capability ranges from 320 to 650 mm (12.5 to 26
in.) diam maximum input to 80 mm (3 in.) diam
output. Finished lengths of 6 to 13 m (20 to 43 ft)
are possible. Squares, rectangles, hollows, and
stepped cross sections can also be forged, and fin-
ished product quality is excellent. Finished bar is
very straight with a diameter tolerance of about
1.5% and excellent surface finish with few cracks,
laps, or seams.

Rolling

Finish rolling operations have also been trans-
ferred from old hand mills to modern, efficient,
continuous rolling mills (Ref 7, 8) (Fig. 3-10).
These operations consist of as many as 26 rolling
mill stands in a continuous line. A starting billet as
large as 135 mm (5.3 in.) in diameter or RCS by
10 m (33 ft) in length and weighing up to 1360 kg
(3000 1b) can be rolled in a single operation to a bar
size of 12.5 to 75 mm (0.5 to 3 in.) in diameter or to
a continuous rod-coil down to 6 mm (0.22 in.) in
diameter. Heating for rolling can be done in typical
gas-fired pusher or walking-beam furnaces or in
high-powered induction furnaces capable of heating
a 135 mm (5.3 in.) diam billet from room tempera-
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Fig. 3-7 Carbide banding and carbide size of as-rolied M2 ing of transverse air-melted and ESR A2 specimens. Source:
high-speed steel. Source: Ref 2 Ref 4
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ture to a rolling temperature of approximately 1150
°C (2100 °F) in 10 min. Such rapid heating is very
effective in preventing decarburization in tool
steels. Thus, the entire heating and rolling process,
from room temperature to a finished coil, can be
accomplished in less than 12 min. A variety of
high-tech devices are used in these operations to
control, improve, and monitor the quality of rolled
products. Computers automate the systems that run
the mills and gather the statistical process control
data required by current standards. Multiple optical
pyrometers spaced throughout the mill measure
compliance to required metallurgical controls.
Automated measuring devices and hot-eddy-current
testers give continuous readings of the diameter
tolerance and surface quality of the entire length of
each coil.

Hot workability of tool steels varies widely due
to the range of chemistries involved. The highly
alloyed high-speed steels are the most difficult to
hot work. In general, the workability of tool steels
is intermediate, falling somewhere in between eas-
ily worked aluminum and carbon or alloy steels and
the more difficult-to-work nickel and iron-base su-
peralloys. As-cast ingot workability, as measured
by Gleeble high-strain-rate testing, is significantly
lower than that of an intermediate product (e.g., a
reroll billet) that has undergone some prior work-

Fig. 3-9 Precision rotary forging machine. Courtesy of
Allvac
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ing (Fig. 3-11). This is presumably due to coarse,
as-cast grains and carbide segregation inherent in
solidification of the ingot and suggests that initial
working operations should be less aggressive
than those applied to intermediate product. Typi-

‘cal hot-working operations start at temperatures of

1090 to 1190 °C (2000 to 2175 °F). Minimum
finishing temperatures vary over a wide range,
from 955 to 1010 °C (1750 to 1850 °F), depend-
ing on the particular operation and grade. High-
speed steels can be forged with reductions of up to
at least 13:1 in a single heating if finishing tempera-
tures are maintained.

In addition to achieving the required final shape
and dimensions, the purpose of hot working is to
improve the properties of the alloy and thus the
performance of the final tool. This is accomplished
by refining the grain size and carbide distribution.
The change in carbide distribution with progressive
amounts of hot work for an M7 high-speed steel is
shown in Fig. 3-12. After hot working, forged or
rolled bars usually must be annealed to avoid the
danger of cracking in machining, grinding, or re-
heating for further work.

Hot and Cold Drawing

Drawing operations are often employed on tool
steels to produce better tolerances, smaller sizes
than can be achieved in hot rolling, or squares,
rectangles, hexagons, or other special shapes. The
inherent properties of these materials—high
strength and limited ductility—restrict cold draw-
ing in extreme cases to a single, relatively light pass
(e.g.. 20% reduction of area) in order to prevent
breakage. The bar or coil must then be cleaned,
annealed, and recoated before another draw pass.
Warm drawing at temperatures up to about 540 °C
(1000 °F) will reduce the degree of work hardéning
and permit multiple draw passes without intermedi-
ate annealing.

There is a growing tendency to supply high-speed
steel rod product in the as-drawn condition rather
than with the historic centerless ground finish. This
can be accomplished with great efficiency today
with automatic machines that start with an an-
nealed, hot-rolled coil, cold draw to a tight toler-
ance, straighten, eddy-current inspect, and cut to
length in a single, continuous operation. This equip-
ment is shown in Fig. 3-13. The as-drawn product
requires careful control in hot working and anneal-
ing to eliminate decarburization since no surface
removal is taken.

Continuous Casting

Many attempts have been made to continuous
cast tool steels for the usual economic reasons. As
might be expected, because of their relatively high



alloy content and wide solidification range (particu-
larly in high-speed steels), segregation and cracking
are frequently cited as problems.

Waters, et al. (Ref 9) reported on trials that
began in 1954 with a 100 mm (4 in.) square
vertical caster. Severe center carbide segrega-
tion occurred in a T1-type steel unless casting
speeds were slowed to one-third of normal. At
such slow speeds, metal-handling problems oc-
curred and economics were judged unfavorable.
Trials with horizontal casting of 25 mm (1 in.)
diam bar of high-speed steel at low speed (<450
kg/h, or 1000 1b/h) resulted in rather severe wit-

Fig. 3-10 Continuous rod and bar mill. Courtesy of Allvac
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ness marks and internal cracking due to thermal
stresses (Ref 10).

As recently as November 1992, no indication of
continuous casting of tool steels was noted in a
summary of equipment and operators in the United
States and Canada (Ref 11), but progress has been
reported in Europe. Casting of tonnage quantities of
a variety of steels, including high-carbon bearing,
tool, and high-speed steels, has been accomplished
on a horizontal machine at speeds “remarkably
lower” than for stainless or low-alloy steels (Ref
12). Electromagnetic stirring is also considered es-
sential to obtain satisfactory carbide structure, but
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Fig. 3-11 Gleeble hot ductility curve for M7 high-speed

good final product results were reported for various
tool steel grades made from 200 mm (8 in.) diam
continuous-cast billet.

Success has also been reported for continuous
casting of tool steels on a vertical caster (Ref 13).

Various sizes, from 100 mm (4 in.) RCS to 140 by
185 mm (5.5 by 7.3 in.) are possible. Proper cooling
conditions (both in the mold and during secondary
cooling) and electromagnetic stirring are critical to
obtaining a good cast structure. As-cast carbide net-
works for an M2 high-speed steel and a ledeburitic
steel were reported to be finer than those in standard
250 mm (10 in.) ingot cast steels. Following casting,
billets are annealed and sometimes ground. Grind-
ing weight loss is from 4 to 6%. Billets are then
hammer forged or rotary forged and rolled. Central
porosity is closed and the cast carbide network
broken up in the initial forging. Minimum reduc-
tion ratios of 2:1 in forging followed by 2.5:1 in
rolling are required to obtain fully dense cores.
The most recent attempt at continuous casting of
tool steels is the electroslag rapid remelting (ESRR)
process (Ref 14). This approach is unique in that it
combines some of the best features of ESR—a
sound, homogeneous ingot with good surface qual-
ity—in a process that can cast small-diameter ingots
(e.g., 160 mm, or 6.3 in., diam) from larger starting
electrodes (250 mm, or 10 in., diam). The process
operates with a T-shape mold (Fig. 3-14) and runs
at melt rates considerably higher than standard ESR
rates (Fig. 3-15). Billets completely free of center-
line porosity and segregation have been produced,

40:1 reduction

140:1 reduction

Fig. 3-12 Refinement of carbide structure of M7 with increasing amounts of hot working. Courtesy of Alivac
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and direct hot working of the as-cast billets has been
demonstrated.

Powder Metallurgy

Perhaps the most significant change in the manu-
facturing methods for tool steels since the fourth
edition of Tool Steels was published has been the
rapid advance of powder metallurgy (P/M) for pro-
duction of the most highly alloyed steels, such as
high-carbon, high-chromium (D series) and high-
speed (T and M series) (see Chapter 2). The P/M
business is estimated to be growing at a rate of 10%
(Ref 15) to 15% (Ref 16) annually, far in excess of

Fig 3-13 combination drawing line for automatic draw-
ing, straightening, eddy-current inspection, and cutting to length.
Courtesy of Allvac
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the overall market for tool steels. Despite more than
100 years of manufacturing history, the high-car-
bon, high-alloy tool steels remain particularly diffi-
cult to process by the conventional ingot metallurgy
route. The relatively slow cooling of the conven-
tional static cast ingot allows the formation of
coarse eutectic carbide structures (Fig. 3-5), which
are difficult to break down during hot working.
Reduction ratios of greater than 100:1 may be re-
quired to develop a fine, uniform carbide structure
(Fig. 3-12). A variety of problems may occur as a

Fig 3-14 Principle of the ESRR process. Source: Ref 14
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Fig. 3-15 Pool depth versus casting/remelting rate for 160 mm (6.3 in.) diam ingot. Source: Ref 14
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result of the less than desirable carbide structure,
including nonuniform and excessive grain growth,
nonuniform heat-treat response (hardness), poor
transverse properties, and low toughness. The abil-
ity of P/M to overcome these problems stems from
the fundamental ability of the process to produce a
fine, uniform distribution of carbides as a result of
rapid solidification during atomization. The first
full-scale commercialization of P/M tool steels in
the United States was announced in December 1970
(Ref 17) and was followed shortly thereafter in
Sweden (Ref 18). Today, numerous companies
throughout the world are involved at all levels of
activity, ranging from research to full-scale produc-
tion.

Although production figures are not readily avail-
able, the gas atomization process would appear to
be the most widely used for P/M tool steels based on
the number of companies employing this method.
Figure 3-16 shows a schematic of the gas atomization
process. Molten metal is poured through a small-di-

_— Tundish

High-pressure
gas head

_—Atomization tank

Powder

- collector

Gas atomization

Fig. 3-16 Schematic of the gas atomization process.

Source: Ref 19

38

ameter nozzle into jets of high-pressure gas that
break the stream into small droplets. Each droplet
can be considered a mini-ingot that solidifies during
free-fall to the bottom of the chamber.

It is important to minimize oxygen content in the
powder; therefore, nitrogen is the most commonly
used atomizing gas. Nitrogen is substantially less
costly than argon and is not considered harmful in
tool steels. In addition, argon entrapment in powder
can lead to porosity on high-temperature heat treat-
ment (thermally induced porosity).

The highly spherical nature of powders produced
by the gas atomizing process means that final
parts cannot be produced by the conventional
press-and-sinter technique due to a lack of adequate
green strength. Thus, hot isostatic pressing (HIP)
has become the most common consolidation tech-
nique for P/M tool steels. In this method, a mild
steel container is filled with loose powder that is
vibrated to achieve a maximum packing density.
The container or can is then evacuated and hermeti-
cally sealed. The container may then be directly hot
isostatically pressed or, in some cases, an interme-
diate cold isostatic pressing (CIP) operation may be
added to improve the density and raise thermal con-
ductivity. Billets produced by HIP are usually hot
worked by a combination of press or rotary forging
and rolling, depending on final product size. It is
also possible to substitute a sintering operation and
direct rotary forging for the HIP-and-forge process.
Since full density can be achieved by hot isostatic
pressing, working following HIP is not necessary.
As-compacted tool steels can be made in very large
sizes, up to atleast 1 m (3.3 ft) in diameter (Ref 20),
have isotropic properties, and show no out-of-
roundness on heat treating. Figure 3-17 illustrates a
very large tool made from P/M high-speed steel.

Water-atomized tool steel powders are highly ir-
regular in shape and thus, after annealing, are suit-
able for conventional die pressing operations. Sin-
tering to full density in finished parts is difficult to

o

i
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Fig. 3-17 Large broaching tool made from P/M high-
speed tool steel. Source: Ref 21



achieve, however. Rapid densification to near theo-
retical can be aided by liquid phase sintering, but
carbide and grain growth can be very rapid under
these conditions, leaving a narrow processing win-
dow for producing acceptable product (Ref 22, 23).

Solidification rates for gas or water atomization
are several orders of magnitude higher than those of
the conventional static ingot practice. These high
solidification rates can suppress the eutectic carbide

(b)

Fig. 3-18 Microstructure of T15 tool steel. (a) Wrought
(b) PM processed. Source: Ref 24
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reaction and result in an extremely fine, uniform
carbide distribution. The dramatic difference in car-
bide particle distribution for P/M tool steels is
shown in Fig. 3-18 and is illustrated quantitatively
in Fig. 3-19. Both the maximum and the average
carbide particle sizes are significantly smaller in the
P/M product. In fact, the maximum carbide particle
in P/M is smaller than the average carbide particle
in the ingot metallurgy product.

The advantages of P/M tool steels are a direct
result of their fine, uniform carbide distribution.
These include improved machinability in the an-
nealed condition (Ref 26) and faster response to
hardening heat treatment (Fig. 3-20). Improved
grindability in the fully hardened condition and
toughness are illustrated in Table 3-1 (Ref 25). The
only apparent negative in performance for P/M
high-speed steels is a reduction in wear resistance
(see Table 3-3 in the next section).

The P/M process has also extended the alloy
range for high-speed steels, much as for P/M nickel-
base alloys. Alloy T15 has generally been consid-
ered to be the practical upper limit for conventional
ingot metallurgy alloys (Ref 25). While higher alloy
content and vanadium carbide content would be
expected to improve performance, the severe alloy
segregation and coarse, banded carbide structure
from conventional static ingots result in decreased
ingot hot workability, reduced tool grindability, and
lower tool toughness. The P/M process allows the
successful production of high-speed steel tools with
much higher alloy and VC content, and an entire
series of improved-performance alloys has been de-
veloped on this basis (Table 3-2).

Metal injection molding (MIM) is a variant of the
P/M process that is growing at an estimated rate of
20 to 25% annually (Ref 16) and which holds sig-
nificant potential for tool steels. In MIM, extremely
fine (10 to 20 um) powders are blended with a
polymer, and the mixture is injection molded in a
manner similar to plastic injection molding. Molded
or green parts are usually heated at a low tempera-
ture to remove most of the organic binder, followed

Table 3-1 Mechanical properties of high-speed steels: P/M versus conventional

Tonah

Charpy
C-notch Bend fracture
impact value strength Grinding

Grade (2) Hardness, HRC J ft - Ibf MPa ksi ratio
CPMTI15 67 19 14 4675 678 2.2
T15 conventional 66 5 4 2151 312 0.6
CPM M4 64 43 32 5350 776 -
CPMM4 65 32 24 5378 780 2.7
M4 conventional 64 14 10 3585 520 1.1
M2 conventional 65 18 13 3820 554

(a) CPM is a trademark of Crucible Industries. Source: Ref 25
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by a high-temperature treatment in a protective at-
mosphere for final binder removal and sintering.
The process is capable of making extremely intri-
cate parts and complex geometries, with high den-
sity and good mechanical properties. Parts produced
by MIM are typically 95 to 97% dense, with prop-
erties approaching wrought materials. Limitations
of the process are the high cost of very fine powder,
long debinding times, high tooling costs, and part
size limitations of usually less than 25 mm (1 in.)
(Ref 27).

Although P/M tool steels are an outstanding
metallurgical accomplishment, they constitute
only about 10% of the domestic high-speed steel
market, which in turn represents only a portion of
the total tool steel market. The bulk of this market
is still supplied by product made by the highly
cost-competitive conventional ingot metallurgy
approach. Users are frequently unwilling to pay

the premium for P/M steels over conventional
grades, estimated at from 5 to 50% (Ref 235, 28),
when the conventional product meets their require-
ments.

Osprey Process

Osprey processing of tool steels is currently a
very small activity limited to work in Japan and the
U.K., but the process warrants discussion here be-
cause of its technical and commercial potential and
because it is the most advanced and well known of
the spray-forming processes. A schematic view of
the process in a horizontal billet-making mode is
shown in Fig. 3-21. The process is similar to gas
atomization in that molten alloy is poured from an
induction furnace through a nozzle that directs the
stream into high-pressure gas atomization jets, frag-
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Fig. 3-19 Primary camide distributions in T15 high-speed steel produced conventionally and by crucible particle metallurgy

(CPM). Source: Ref 25

Table 3-2 P/M high-speed steels

Composition, %

Grade (a) (o Cr w Mo A\ Co
T15 Conventional 1.55 4.75 12.5 e 5.0 5.0
CPM 6V 220 4.0 10.0 53 6.5 8.5
CPM Rex 76 15 375 10.0 5.25 3.0 9.0
CPM Y9V 1.75 5.25 135 8.75

CPM 10V 25 5.0 13 10.0
ASP 60 23 4.25 6.5 7.0 6.5 10.5

(a) CPM is a trademark of Crucible Industries. ASP is a trademark of Soderfors Powder, AB.

40



menting it into a large number of small droplets.
Rather than allowing the droplets to free-fall and
solidify in the chamber, however, a collector is in-
serted into the spray of particles at a specific dis-
tance from the atomizing nozzle and is rotated and
withdrawn at a rate matching the buildup of the
depositing spray. Depending on the particular ar-
rangement, a wide variety of spray-formed products

P/M product 127 mm diam

67 -
Q
v
I
s 66
[7]
g
k] 19 mm diam
_g conventional product
B 65
?g 127 mm diam
£ conventional product
& e
63 ] | ] I
0 1 2 3 4

Time at austenitizing temperature, min

Fig. 3-20 Comparison of hardening response of P/M
product and conventional product. Source: Ref 20
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can be made, including billet, hollows, and sheet.
Large volumes of an inert atomizing gas are em-
ployed, usually nitrogen or argon, which remove
most of the heat in the process.

Commercialization of the Osprey process for tool
steels effectively began in 1986 with a pilot plant of
400 kg (preform) capacity in Japan. A commercial
plant with 800 kg capacity was subsequently built
in 1991. Rolls up to 800 mm in diameter by 500 mm
long (30 by 20 in.) can be produced (Ref 30). High-
carbon high-speed steel and high-chromium cast
irons are the alloys being sprayed as roll sleeves for
use on the intermediate and finishing stands of
round bar, flat bar, wire rod, and section mills (Ref
29) (Fig. 3-22).

The benefits of Osprey tool steels are similar to
those of P/M product and likewise stem from the

Table 3-3 T15 properties: relative values

Osprey Powder Ingot
Property llurgy llurgy llurgy
Carbide size, ym 5-6 2-3 15-20
Bend strength 90 100 60
Wear resistance 100 90 100
Grindability 80 100 25
Toughness 90 100 60

Courtesy of Osprey Metals Ltd.
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Fig. 3-21 Horizontal concept of spray forming round billets. Source: Ref 29
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Fig. 3-22 Spray-formed rolis. Source: Ref 29
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Fig. 3-23 Comparison of Osprey and P/M processing
routes for producing tool steel billet suitable for forging or rolling

refinement of structure obtained by the process.
Large volumes of gas used in Osprey processing,
sometimes a I:1 basis per pound of metal, extract
the superheat and much of the latent heat from the
sprayed droplets and from the top of the preform,
providing rapid solidification conditions (103 to 10°
°C/s, or 1.8 x 10° to 1.8 to 10° °F/s) (Ref 31).

As-sprayed rolls have very high density (>98%)
and a fine, uniform carbide distribution free of any
of the eutectic carbides observed in the comparable
ingot metallurgy product. Roll lives, as a conse-
quence, are 1.6 to 3 times as long as the equivalent
cast rolls of the same alloy. Lives of 10 times the
conventional rolls are reported for new alloys devel-
oped especially for the spray-forming process (Ref
30).

High-speed steel tools made from Osprey mate-
rial have a uniform distribution of fine carbides of a
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size very close to P/M products. As a result,
performance benefits compared to ingot metal-
lurgy product are very similar to those of P/M
high-speed steels (Table 3-3). The most attrac-
tive aspects of Osprey processing are the con-
siderably fewer steps necessary in the manufac-
turing cycle and the very high-spray deposition
rates. Process flow routes for Osprey and P/M
are shown in Fig. 3-23, illustrating this differ-
ence. Flow rates for spraying are reported from
5 to 60 kg/min (10 to 130 Ib/min) (Ref 32),
Limiting aspects of the process include
spraying yields generally reported to be in the
mid-70% range and a sprayed billet diameter
fimited to about 300 mm (12 in.). Substantial
progress has been made on both issues. A four-
year development project is currently under way
and has successfully produced 400 mm (16 in.)
diam D2 tool steel preforms at a 90% yield (Ref 33).
Progress on these issues could make the Osprey
process economically competitive for tool steels, at
least for P/M tool steels.
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Steels are alloys of iron and other elements. Carbon is
the major alloying element for many types of steels, and
tool steel technology, similar to that of low-alloy carbon
steels, is in large part based on the control of the effects
of carbon on microstructure and properties. The carbon
contents of tool steels, however, are generally higher than
those of most carbon structural steels. In addition, tool
steels, with few exceptions (e.g., water-hardening tool
steels), are much more highly alloyed than plain or low-
alloy carbon steels.

The high carbon and alloy contents of tool steels
are used to produce very high strength and hardness
by the formation of crystalline phases such as
martensite and various carbides. The phases are
arranged into microstructures by solidification or
powder processing, hot rolling, and heat treatment.
In hardened tool steels, the typical microstructure
consists of a dispersion of hard carbides in a matrix
of tempered martensite. Many variations of this mi-
crostructure exist, depending on alloying and process-
ing conditions. Tool steels are, in effect, complex mi-
crostructural systems, where every microstructural
component of the system is affected by alloying and
processing, and eventually plays a role in the perform-
ance of a steel under specific service conditions.

This chapter describes the various phases that
form in tool steels, starting from the base of the
Fe-C system, and then the effects of the major alloy-
ing elements. The emphasis is on the phases them-
selves: their chemical compositions, crystal struc-
tures, and properties. Details about how the various
phases are arranged into finished microstructures by
phase transformations and other mechanisms of mi-
crostructural change during heat treatment are dis-
cussed in Chapter 5.

Phases and Phase Diagrams:
General Considerations

Phases are the independent microstructural units,
with unique structures and chemical compositions,
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that make up an alloy system. The various chemical
components of a system distribute themselves
among the phases according to thermodynamic
principles, and the number of phases that may exist
depends on alloy composition, temperature, and
pressure (Ref 1). Almost all processing and use of
tool steels occur at atmospheric pressure; therefore,
pressure is generally assumed constant in the repre-
sentation of alloy phase equilibria. Thus, the phases
present are a function of chemical composition and
temperature, assuming constant pressure of 1 atm,
and phase equilibria are conveniently represented in
plots of temperature and composition. These plots
are referred to as phase diagrams.

Phase diagrams assume equilibrium—in other
words, that the phases and the phase combinations
present at a given temperature in a given alloy have
the lowest free energy possible and have had suffi-
cient time to attain that state. In the processing of
tool steels, however, often there is insufficient
time for the alloying elements to completely par-
tition themselves between the various phases by
solid-state diffusion; therefore, equilibrium
phase diagrams may represent only the state
which is approached rather than the state which is
actually attained.

When an alloy is cooled from one temperature
to another where different phases are stable,
phase transformations must occur. Equilibrium
phase diagrams identify only the phases present
at the beginning and end of phase transforma-
tions, and they provide no information about
mechanisms, transformation Kinetics, or the dis-
tribution of phases produced by various types of
phase transformations. The latter type of informa-
tion is available from other sources, as discussed
later in this chapter and in other chapters. Never-
theless, despite limitations associated with non-
equilibrium conditions, phase diagrams represent
a powerful guide to tool steel alloy development
and processing.
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Determination of Equilibrium
Phase Diagrams

Traditionally, phase diagrams have been deter-
mined by applying a variety of experimental tech-
niques. The requirement that equilibrium must be
attained, along with the large number of tempera-
tures and alloy compositions that must be evaluated
to determine even a small portion of an alloy sys-
tem, makes experimental determination of equilib-
rium phase diagrams a difficult process, especially
when three or more chemical components are pre-
sent. This section briefly describes some of the ex-
perimental and calculation techniques used to deter-
mine phase diagrams of importance to tool steels;
refer to the cited literature for details.

Light microscopy and selective etching of speci-
mens quenched from a given temperature are used
to identify the number and distribution of phases
present at that temperature (Ref 2). It is assumed
that sufficiently rapid quenching “freezes-in”
high-temperature equilibria after sufficient time at
temperature and that no further chemical changes
occur as a result of rapid cooling to room tempera-
ture. In the case of steels where austenite is stable at
high temperatures, quenching will cause transfor-
mation of the austenite to martensite, but the
martensite, because diffusion is suppressed, will
have the same composition as the austenite. Al-
though light microscopy and high-resolution elec-
tron microscopy are important techniques that char-
acterize sizes, morphologies, and microstructural
arrangements of phases, such microscopic tech-
niques cannot, except by experience, fully identify
and characterize the phases revealed.

In order to characterize and unambiguously iden-
tify phases, x-ray diffraction is used to determine
crystal structure, and x-ray fluorescent analysis
(where the intensity of characteristic x-rays from
the chemical components of the phases is measured)
is used to determine the chemical composition of
individual phases (Ref 3, 4). However, because the
diameter of the x-ray beams used to excite the char-
acteristic x-rays in x-ray spectrometers is generally
much larger than the crystal particles within a mi-
crostructure, the particles—in particular, the alloy
carbides that are present in tool steels—must be
extracted by chemical or electrochemical dissolu-
tion of the iron-rich matrix in which the carbides are
embedded (Ref 5, 6). The resulting residue of ex-
tracted carbides can then be chemically analyzed,
either by x-ray fluorescent spectroscopy or other
chemical procedures.

More recently, electron microprobe analyzers
with highly focused electron beams have made pos-
sible the generation of characteristic x-rays from
small particles within a metallographic specimen
without the need for particle extraction (Ref 7).
Electron microprobes use single-crystal spectrome-
ters set to diffract only the radiation from a given
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element, a process referred to as wavelength disper-
sive spectroscopy (WDS) and which is capable of
high-precision chemical analysis. Characteristic
x-ray intensity from the chemical components of
fine particles can also be measured in scanning and
scanning transmission electron microscopes by
energy-dispersive spectroscopy (EDS), where x-ray
intensities from the various chemical components
are collected with solid-state detectors; the preci-
sion, however, is somewhat less than that obtained
by WDS (Ref 7).

In addition to the identification of phases and
their compositions, the temperatures that mark the
boundaries between various phase fields are impor-
tant features of equilibrium phase diagrams. These
boundaries are determined by measurements of
volumetric, thermal, electrical, or magnetic changes
as a function of temperature. For example, heat
given off while new phases form on cooling, as
measured by thermocouples attached to specimens,
causes a change in cooling rate. This change marks
the temperature of the beginning of a phase transfor-
mation as the high-temperature phase or phases are
replaced. Similarly, changes in specimen length or
volume when a new phase with a different density
replaces another can be measured by dilatometric
analysis. Dilatometry is widely used to determine
phase field boundaries and to generally characterize
the progress of phase transformations (Ref 8). The
temperatures at which diffusion-controlled phase
transformations begin are a function of cooling rate:
The higher the cooling rate, the lower the transfor-
mation start temperature. Equilibrium phase dia-
gram boundaries, therefore, must be determined by
measurements at very slow cooling or heating rates
or extrapolations to negligible rates of heating or by
cooling.

Another method of determining phase equilibria
and equilibrium phase diagrams is by calculation
based on thermodynamic parameters of various
phases. This powerful approach, now broadly appli-
cable to many of the alloy systems of importance to
tool steels, was initiated and developed by Hillert
and colleagues at the Royal Institute of Technology
in Stockholm (Ref 9). As noted relative to the ex-
perimental determination of phase diagrams, the
stable phases as a function of temperature and
chemical composition are those with minimum free
energy. Equation 4-1 presents the framework for the
calculations that establish the Gibbs free energy of
a mole of a given phase, G ,; (Ref 10):

o o o o o E .«
G, =) x G +RT)Y x Inx + G Eq4-1

where J is the number of components in the system and
x; is the mole fraction of the components. The first term
is the summation of the Gibbs free energy of the pure
components in the same structure; the second term is the
summation of the entropy contributions to the free en-



ergy, assuming ideal or random mixing of the various
component atoms; and the third term is the excess free
energy if the mixing is not ideal. The application of
Equation 4-1 to determine the stable phase or phases in a
system at a given temperature is then based on further
assumptions and analytical expressions and the availabil-
ity of databases for the thermodynamic properties of
various phases in alloy systems of interest (Ref 10, 11).

The determination of phase equilibria by thermo-
dynamic calculations requires the storage and ma-
nipulation of large amounts of data and thus has
been closely coupled to the development of
high-speed computing and associated software de-
velopment (Ref 11). Many of the developments
have been published in CALPHAD, a journal dedi-
cated to the computer calculation of phase diagrams
from thermochemical information. For alloy sys-
tems of interest to tool steel technology, a thermo-
chemical computerized databank, Thermo-Calc, has
been developed (Ref 12). A great advantage of this
computer program is that complex phase equilibria
in multicomponent systems can be evaluated, a
process that could be accomplished only with great
difficulty and expense by experimental techniques.
Databanks for these calculations are based on pre-
viously attained experimental measurements from
binary, ternary, and higher-order systems. With
careful assessment, the data can be extrapolated to
more complicated multicomponent alloys for which
no experimental information is available. Ongoing
effort is devoted to extending and assessing the data
for the databanks used in the thermodynamic calcu-
lations (Ref 11, 12).

The Iron-Carbon Phase Diagram:
Ferrite, Austenite, and Cementite

Figure 4-1 shows the portion of the Fe-C phase
diagram of most interest for commercial alloys (Ref
13). Steels may contain up to 2.0 wt% C, and cast
irons are based on Fe-C alloys containing more than
2.0 wt% C. As Table 2-2 shows, some tool steels
have medium levels of carbon content, but many
have carbon contents exceeding 0.8 wt%.

Three phases exist in Fe-C alloys: austenite, fer-
rite, and cementite. Each phase may be referred to
by a variety of terms. For example, austenite may
also be referred to as gamma-iron, y-Fe, or simply 7.
Figure 4-1 shows that ferrite forms in two tempera-
ture ranges. Low-temperature ferrite is also referred
to as alpha-ferrite, a-Fe, or a, while high-tempera-
ture ferrite is referred to as delta-ferrite, 3-Fe, or &.
Cementite is also referred to as iron carbide, theta-
carbide, ©-carbide, or Fe;C. Cementite is actually
metastable; under some conditions, and in the pres-
ence of high carbon content and alloying elements
such as silicon, the most stable form of carbon may be
graphite rather than cementite. Tool steels O6 and
A10, as noted in Chapter 2, and gray and ductile cast
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irons, with very high carbon contents compared to
steels (between 3.0 and 4.0 mass% C) (Ref 14), are
designed to have graphite as an important micro-
structural constituent. Graphite nucleates only with
difficulty in medium-carbon steels, but it has been
shown that boron nitrides effectively accelerate nu-
cleation and growth of graphite in a 0.53 wt% steel
(Ref 15). The dashed lines in Fig. 4-1 show the
boundaries of phase fields when graphite coexists
with the other phases.

The face-centered cubic (fcc) crystal structure of
austenite is shown in Fig. 4-2 (Ref 16). The atoms
are not drawn to scale; in fact, they are in contact
along face diagonals or (110) directions of the unit
cell and are packed as closely as possible on {111}
planes. Figure 4-3 presents a more realistic repre-
sentation of the fcc crystal structure of austenite
(Ref 17). Although the hard sphere representation of
the iron atoms is an oversimplification of actual
atomic structures consisting of electrons surround-
ing a positively charged nucleus, the schematic rep-
resentation in Fig. 4-3 effectively shows where at-
oms are in contact. Austenite in Fe-C alloys has a
high solubility for carbon, up to 2.11 wt% at 1148
°C (2098 °F), as shown in Fig. 4-1. The carbon
atoms are much smaller than iron atoms and occupy
octahedral interstitial sites (i.e., sites at the midpoint
of the edges and in the center of the unit cell)
between the iron atoms (Ref 18, 19). Figure 4-3
shows schematically the relative sizes of the carbon
and iron atoms and the locations of carbon atoms in
the interstitial sites.

Figures 4-4 and 4-5 show the body-centered
cubic (bee) crystal structure of ferrite. Atoms are in
contact along body diagonals or {111} directions of
the unit cell, but the atomic structure is more open
than that of austenite. As a result, there is a volume
expansion in specimens when austenite transforms
to ferrite. Carbon atoms in ferrite occupy octahedral
interstitial sites between iron atoms, and in the bce
structure these sites are located at the midpoints of
the faces and the edges of the unit cell (Ref 18, 19).
In contrast to austenite, the solubility of carbon in
ferrite is very low because of the closer spacing of
iron atoms along unit cell edges or (100) directions
in the bee crystal structure. In fact, the solubility of
carbon in ferrite is so low that the single-phase
alpha-ferrite field is not shown in Fig. 4-1. Figure
4-6 is an enlarged portion of the iron-rich side of the
Fe-C phase diagram, which shows that the maxi-
mum amount of carbon that can dissolve in ferrite is
0.0218 wt% at 727 °C (1341 °F) and that the solu-
bility of carbon in ferrite decreases to negligible
values with decreasing temperature.

Cementite has an orthorhombic crystal structure;
that is, the axes of the unit cell are perpendicular,
but the lattice parameters that define the size of the
unit cell are all different. Figure 4-7 shows the unit
cell of cementite. Its crystal structure is complex,
with 12 iron atoms and 4 carbon atoms per unit cell.

a7
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Figure 4-8 more realistically depicts cementite by
representing the atoms as hard spheres, emphasiz-
ing the regularity of the iron and carbon arrange-
ments in the structure. Ferrite and austenite are in-
terstitial solid solutions of iron and carbon and can
dissolve a range of carbon contents up to maximum
levels of 0.02 and 2.11 wt%, respectively (Fig. 4-1
and 4-6). Cementite, however, is an intermetallic
compound with a specific ratio of three iron at-
oms to one carbon atom and does not exist over a
range of compositions. The composition of ce-
mentite, therefore, is 25 at.% C and 75 at.% Fe, or
on a mass basis, 6.67 wt% C and 93.33 wt% Fe.

Figure 4-1 shows the temperature and composi-
tion ranges over which the various phases of the
Fe-C binary system are stable. The solid lines are the
boundaries between regions of different combinations
of ferrite, austenite, and cementite, while the dashed
lines are the boundaries between ferrite, austenite, and
graphite. Carbon is an austenite-stabilizing element,
and as carbon content increases, the size of the
single-phase austenite field increases. Eventually,
the solubility of carbon in austenite is exceeded, and
the excess carbon is accommodated by cementite
formation, resulting in the two-phase field where
austenite and cementite coexist. At low tempera-
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tures, because the low solubility of carbon in ferrite
is readily exceeded, the lower part of the Fe-C dia-
gram is dominated by the two-phase ferrite and
cementite equilibrium. The horizontal line at 727 °C
(1341 °F) marks the range of alloy compositions
where austenite, ferrite, and cementite can coexist
and designates the lowest temperature of austenite
stability under equilibrium conditions.

The austenite phase field is extremely important
for the hot deformation and heat treatment of tool
steels and other low-alloy carbon steels. Figure 4-9
emphasizes the austenite phase field and its bounda-
ries or associated critical temperatures (Ref 20). As
noted earlier, the boundaries are shifted from equi-
librium when cooling and heating rates are more
rapid than those required for equilibrium. As a re-
sult, there are sets of temperatures for heating, cool-
ing, and equilibrium that mark the boundaries for
each phase field. The temperatures are designated as
A, for arrest points, and given the subscripts ¢ for
heating (from the French chauffant) and r for cool-
ing (from the French refroidissant). The equilib-

Face-centered cubic: Fm3m: cF4

At (Cu)

Fig. 4-2 Face-centered cubic crystal structure. A1 is the
structure (Strukturbericht) symbol, and copper is the prototype
metal with the fcc structure. Austenite on steel is fcc. Source: Ref
16

Fig. 4-3 Representation of fcc structure of austenite. White
spheres represent iron atoms, and black spheres represent carbon
atoms in octahedral sites between iron atoms. Source: Ref 17
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rium austenite/ferrite-austenite temperatures,
austenite/cementite-austenite temperatures, and the
lower critical temperature for austenite stability are
designated Az, A.pp,, and Ay, respectively.

Alloying Elements: Effects on
Ferrite and Austenite Stability

The alloying elements commonly used in tool
steels may significantly shift the phase field
boundaries shown on the Fe-C phase diagram. Each
element, depending on its atomic size and electronic
structure, as related to its atomic number or position
in the periodic table, may stabilize either the ferrite
crystal structure or the austenite crystal structure.
Thus, the alloying elements are categorized either as
ferrite-stabilizing elements or austenite-stabilizing
elements. Table 4-1 lists the various ferrite- and
austenite-stabilizing elements found in tool steels.

The eutectoid reaction in steel is the solid-state
reaction where austenite transforms to ferrite and
cementite and thus corresponds to a state where
three phases are in equilibrium. Further, under equi-
librium conditions, the temperature of the eutectoid
reaction is fixed at the A; temperature (i.e., the
lowest temperature at which austenite may exist),
and the compositions of the three coexisting phases
are fixed. The effect of various alloying elements on
the eutectoid temperature is shown in Fig. 4-10.
Ferrite-stabilizing elements raise the eutectoid tem-
perature (i.e., extend the temperature range over
which ferrite is stable), and austenite-stabilizing
elements lower the eutectoid temperature (i.e., in-
crease the temperature range over which austenite is
stable to lower temperatures). Figure 4-11 shows
that the eutectoid carbon content is decreased by all
alloying elements. The eutectoid carbon content is the
carbon content of the austenite that transforms to fer-
rite and cementite at the A, temperature. In the Fe-C
binary system, the carbon content of the fully austeni-
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Fig. 4-4 Body-centered cubic crystal structure. A2 is the
structure (Strukturbericht) symbol, and tungsten is the prototype
metal with the bee structure. Ferrite in steel is bee. Source: Ref 16
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tic structure that will transform to ferrite and cementite
corresponds to 0.77 wt% C, as shown in Fig. 4-1.
Figures 4-12 to 4-14 show, respectively, the
effects of increasing amounts of manganese,
chromium, and molybdenum on the size of the

Fig. 4-5 Representation of bee structure of ferrite. White
spheres represent iron atoms, and black spheres represent carbon
atoms in octahedral sites between iron atoms. Source: Ref 17
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single-phase austenite field (Ref 20). In each figure,
the dashed lines show the extent of the austenite
field in plain carbon steels. Figures 4-12 to 4-14
were determined experimentally. However, now the
effects of alloying can also be determined by ther-
modynamic calculations (Ref 21). For example,
Fig. 4-15 shows the calculated effect of chromium
on the austenite phase field.

Figure 4-12 shows that manganese, an austenite-
stabilizing element and a moderately strong car-
bide-forming element, depresses the A; tempera-
ture but raises the A.p. Figures 4-13 and 4-14
show that chromium and molybdenum, respec-
tively, both very strong carbide-forming elements as
well as ferrite-stabilizing elements, significantly
shrink the size of the austenite phase field when
added in substantial quantities. These changes in
phase equilibria have major effects on the processing
of tool steels. As a result of reduced size of the single-
phase austenite field, especially at high-carbon con-
tents, many tool steels are hot worked and austenitized
at temperatures where austenite and carbides are sta-
ble. Therefore, hot working of tool steels may be
more difficult than hot working of low-alloy steels,
where it can be performed on single-phase
austenite. Also, austenitizing in austenite-carbide
multiphase fields can be used to adjust carbide and
austenite compositions and amounts during hardening
of steels. These consequences of alloying on process-
ing are discussed in more detail in other chapters.

Martensite

The formation of martensite is a major objective
of alloy design and processing of tool steels and
hardenable low-alloy steels. Martensite is a unique
phase, but it is a nonequilibrium phase and thus
does not appear on the Fe-C equilibrium diagram
shown in Fig. 4-1. Martensitic phases, named after
the German metallurgist Adolf Martens, are found

Table 4-1 Effect of alloying elements in tool
steels

Ferrite-stabilizing elements

Chromivm
Molybdenum
Niobium
Silicon
Tantalum
Titanium
Tungsten
Vanadivm
Zirconium

Austenite-stabilizing elements

Carbon
Cobalt
Copper
Manganese
Nickel
Nitrogen




in many alloy systems, including those that consti-
tute the bases for ferrous alloys, nonferrous alloys,
and ceramic systems (Ref 22). The key to identi-
fying a martensitic phase is the nature of the
solid-state phase transformation by which the
martensite forms. Martensitic phase transforma-
tions are accomplished by shearing and cooperative
movement of the atoms of the parent phase into the

L oRiGin
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product martensite, rather than by atom-by-atom
diffusion from the parent phase to the product
phase. The mechanisms that produce martensitic
phases produce displacements, or characteristic sur-
face tilting, when the martensite crystals intersect
free surfaces; consequently, martensitic transforma-
tions are also referred to as displacive transforma-
tions (Ref 23).

— DO,, (FeszC, cementite) - g

Fig. 4-7 Orthorhombic crystal structure. DO,, is the structure (Strukturbericht) symbol, and cementite is the prototype

compound with the orthorhombic structure. Source: Ref 16

P F?’: N
7 [Feim Y o/ | N, X Felp |
P <100> i T :{ ko I
\ _ 2474 \"‘\‘.z,l /

= Fe (s) Fetnr /
) > /
-_Q N % S/
: 1
o
| 4
Fe (g) Fe (g)
010>
FATew s s o9 __'__3.'_'...'

F ig. 4-8 Representation of orthorhombic crystal structure of cementite. White spheres represent iron atoms, and black spheres

represent carbon atoms. Source: Ref 18

51



Tool Steels

Figure 4-16 shows schematically the shearing
and surface tilting associated with the formation of
a martensite crystal from austenite in Fe-C alloys
and steels (Ref 24). The surface tilting is produced
by plane strain parallel to certain crystallographic
planes, termed habit planes, in the parent austenite

crystals. Although the plane strain deformation ap-
pears homogeneous on a microscopic scale, it is
actually accomplished by two deformations. One
deformation is referred to as the lattice deformation
and constitutes the strains required to change the
crystal structure from that of austenite to martensite.
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In ferrous systems this lattice deformation is termed deformation, termed the lattice invariant deforma-
the Bain strain. The lattice deformation, however, tion, is required. This accommodation deformation
does not produce plane strain. Therefore, another is accomplished by characteristic plastic deforma-
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tion mechanisms such as fine-scale twinning or dis-
location motion at the habit plane interface of the
growing martensite crystal and the parent austenite.
The analysis and characterization of martensitic
shear transformations is the basis of the crystal-
lographic or phenomenological theory of martensi-
tic transformations (Ref 22-24),

As a result of the diffusionless martensitic trans-
formation, there is no change in chemical composi-
tion when martensite forms from austenite; the car-
bon and alloying element atoms that are dissolved
in the fcc structure of austenite during austenitizing
are directly inherited and incorporated into the
martensite. Figure 4-17 shows the body-centered
tetragonal (bct) crystal structure of martensite in
Fe-C alloys and steels (Ref 25). Similar to the
structure of ferrite, the structure of martensite is
body-centered, with an iron atom located in the
center of the unit cell. However, the unit cell of
martensite is tetragonal; that is, one cell edge, as
characterized by the ¢ parameter, is longer that the
other two, as characterized by the a parameters. The
tetragonality is a result of the carbon atoms trapped
in one set of the octahedral interstitial sites in the
body-centered structure of the martensite. The num-
ber of sites occupied by carbon atoms, and thus the
tetragonality of the martensite, is a direct function
of the carbon content of the parent austenite (Fig.
4-18).

The temperature range over which martensite
forms and can coexist with austenite is important for

the processing and heat treatment of tool steels.
Figure 4-19 shows Mg temperature (i.e., the tem-
perature at which martensite starts to form on cool-
ing) as a function of carbon content in Fe-C alloys
(Ref 26). Below the M temperature, martensite co-
exists with austenite and increases in amount with
decreasing temperature. Alloying elements lower
M; temperatures. The effects of alloying and
martensite kinetics are described in more detail in
Chapter 5 with regard to control of retained
austenite in the microstructure of tool steels.

Figure 4-19 shows that the temperature and com-
position domain of martensite formation is divided
into two parts, with an intervening mixed region. In
the low-carbon region, the martensite that forms is
termed lath martensite, whereas in the high-carbon
region, the martensite is termed plate martensite,
The terms lath and plate refer to the morphology
and microstructural distribution of the martensitic
crystals in a transformed microstructure. Lath
martensite crystals, as revealed by light microscopy
and transmission electron microscopy (TEM), form
paraliel to one another in groups referred to as pack-
ets. The parallel arrangement of the crystals gives
the impression of stacks of lath- or board-shaped
crystals. The habit planes of lath martensite are
{557}, and the internal structure of each crystal
contains a high density of dislocations (Ref 26,
27). Figure 4-20 shows an example of lath
martensite that formed in H13 tool steel (Ref
28).
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Fig. 4-14 Effect of molybdenum content on the austenite phase field in Fe-Mo-C alioys. Source: Ref 20
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crystal contains a high density of dislocations (Ref
26, 27). Figure 4-20 shows an example of lath
martensite that formed in H13 tool steel (Ref
28).

Plate martensite crystals in three dimensions have
plate-shaped morphologies, and the cross sections
through the plates on two-dimensional metal-
lographic surfaces appear needlelike or acicular.
The plates form in nonparallel arrays. This feature,
as well as the many variants of the {225} and {259}
habit planes on which the crystals form in austenite,
gives plate martensitic microstructures a zigzag ap-
pearance. Because the M; temperatures are low,
large amounts of retained austenite generally are
associated with plate martensite, and the retained
austenite often appears as triangular patches be-
tween the martensite crystals. The lower tempera-
ture range of plate martensite formation also in-
creases the amount of fine twinning by which the
lattice invariant deformation is accomplished. Fig-
ure 4-21 shows a plate martensitic microstructure in
a specimen of A2 tool steel. Plates of martensite and
retained austenite are shown; because of the high
alloy content of the A2 steel, spherical alloy carbides
are also retained in the microstructure (Ref 28).
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The carbon atoms trapped in the martensitic
structure constitute a nonequilibrium, supersatu-
rated structure. The equilibrium structure in the
temperature range over which martensite forms, as
shown in Fig. 4-1, is a combination of ferrite and
cementite, or in the case of highly alloyed tool
steels, a combination of ferrite and alloy carbides.
Therefore, when martensite is heated, in the heat
treatment step referred to as tempering, the carbon
supersaturation is relieved by the precipitation of
carbides. At low tempering temperatures, cementite
and other iron carbides are formed; at high temper-
ing temperatures, where substitutional alloying ele-
ment atoms are able to diffuse, alloy carbides are
precipitated. Although tempering causes the
martensitic structure to decompose, martensite
plays an important role in the evolution of tool steel
microstructure by presenting a supersaturated ma-
trix structure for carbide precipitation and secon-
dary hardening. The structure and property changes
produced by tempering are discussed in more detail
in subsequent chapters.

Alloy Carbides and
Tool Steel Alloy Design

Alloying to produce large volume fractions of
alloy carbides is a major difference in the design of
tool steels compared to the design of low-alloy
steels. Large volume fractions of carbides provide
the high hardness and wear resistance required to
shape other materials, but also make hot deforma-
tion, heat treatment, and machinability of the tool
steels themselves more difficult. The alloy carbides
may be produced during solidification, during hot
work or austenitizing for hardening, and during
tempering of martensitic microstructures. Equilib-
rium phase diagrams and considerations of phase
equilibria indicate which carbides will be present in a
given steel, and knowledge of the effects of processing
operations, as discussed in other chapters, predict the
microstructural distribution of the carbides.

Table 4-2 lists the various types and some of the
characteristics of alloy carbides that may form in
tool steels (Ref 29). The letter M in the carbide
designation represents the metal content of the car-
bide and reflects the fact that more than one metal
component may occupy the metal lattice sites in the
crystal structure for a carbide. For example, the
atoms of several metals may substitute for iron at-
oms in the structure of cementite described in Fig.
4-7 and 4-8. Jack and Jack (Ref 30) describe in
detail the various carbide and nitride crystal struc-
tures that form in steel.

The stability of the various carbides is a function
of the balancing of atomic sizes and electronic
structure of the various alloying elements to pro-
duce crystallographic structures of minimum free
energy. The transition elements, in which the
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(Ref 31). The group VIII elements are weak car-
bide-forming elements or form no carbides. The
transition metal carbides have strong interatomic
bonding, high melting points, and unique electrical
properties and, in addition to their use in tool steels,
are often used in pure form (Ref 31). A measure of
carbide stability is the free energy of formation, as
listed for various carbides in Table 4-4 (Ref 32). A
high negative free energy of formation is a measure
of high carbide stability and strong carbide-forming
tendency of the component atoms.

Alloy carbides have very high hardness. There-
fore, large volume fractions of high-hardness alloy
carbides are incorporated by design into the micro-

Region of plastic
accommodation
in austenite

Origina!
austenite
surtace

Austenite

Martensite

Fig. 4-16 Schematic diagram of sphere and surface titt
associated with formation of a martensite plate in austenite.
Source: Ret 24, revised courtesy of M.D. Geib

(OFe atoms
® C atoms

® Octahedral
interstices

structures of tool steels. However, not all applica-
tions require the highest hardness, especially in ap-
plications where fracture resistance is critical. As a
result, the various tool steel classes have evolved to
achieve the best balance of carbides and properties
for a given type of tooling. Figures 4-22 and 4-23
and Table 4-5 show comparisons of hardness char-
acteristic of the various types of alloy carbides and
tool steel microstructures (Ref 29, 33-35).

Martensite and cementite, the base micro-
structural components of hardened plain carbon and
low-alloy steels, have significantly lower hardness
than the alloy carbides. Therefore, incorporation of
alloy carbide dispersions into tempered martensitic
matrix microstructures contributes to the enhanced
performance of tool steels for severe forming appli-
cations. In general, the higher the carbide-forming
alloy element content and the higher the carbon
content, the higher the alloy carbide content and
hardness of a tool steel. For example, high-speed
steels are highly alloyed to provide very high hard-
ness for metal machining operations and, as shown
in Fig. 4-24, have very large fractions of alloy carbides
incorporated into their microstructures (Ref 36).

As described previously, strong carbide-forming
elements introduce new phases and may dramati-
cally change phase equilibria in tool steels. There-
fore, the equilibrium phase diagrams for multicom-
ponent tool steel alloying systems differ
significantly from the Fe-C phase diagram shown in
Fig. 4-1. The multiple alloying element additions in
tool steels greatly increase the composition ranges
over which more complex phase equilibria must be
represented, and with more than three components,

Fig. 4-17 Body-centered tetragonal crystal structure of martensite in Fe-C alloys. Source: Ref 25
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there are insufficient dimensions to graphically rep-
resent complete system phase equilibria. Computer
calculations coupled with experimental work, as
described earlier, are powerful techniques currently
used to establish phase equilibria in selected com-
position ranges of multicomponent tool steel sys-
tems (Ref 10-12, 38, 39).

However, before the advent of thermodynamic
calculations, experimental studies, which restricted
alloy compositions or temperatures, were exclu-
sively used to establish portions of tool steel phase

Fig. 4-20 Lath martensite in H13 tool steel. Source: Ref 28

2400

diagrams. For example, Fig. 4-25 and 4-26 show
examples of vertical sections through the Fe-Cr-C
alloy system, where chromium content has been
held constant at 5 and 13 wt%, respectively (Ref
40). The vertical sections shown are similar to the
Fe-C diagram but show many more phase fields
than the Fe-C diagram because of the alloy carbide
phases formed by chromium. Vertical sections are
very useful for establishing temperature ranges of
phase stability and in setting temperatures for hot
work and heat treatment for specific alloys but do
not give the chemical compositions of the coexist-
ing phases in the multiphase fields (Ref 1).

Fig. 4-21 Plate martensite in A2 tool steel. Retained
austenite is present between the nonparallel plates of martensite.
Source: Ref 28
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Fig. 4-22 Hardness comparisons of alloy carbides and hardened matrix in tool steels. Source: Ref 29
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Fig. 4-23 Relative hardness of alloy carbides, cementite, and martensite in high-speed steels. Source: Ref 33
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Table4-2 Characteristics of alloy carbides in tool steels

FesC Martensite

Type of carbide Lattice type Remarks

M;C Orthorhombic A carbide of the cementite (Fe3C) type. M may be Fe, Mn, Cr, with a little W, Mo, V.

M;C3 Hexagonal Mostly found in Cr alloy steels. Resistant to dissolution at higher temperatures. Hard
and abrasion resistant. Found as a product of tempering high-speed steels.

M33Cg Face-centered cubic Present in high-Cr steels and all high-speed steels. The Cr can be replaced with Fe to
yield carbides with W and Mo.

MC Face-centered cubic A W- or Mo-rich carbide. May contain moderate amounts of Cr, V, Co. Present in all
high-speed steels. Extremely abrasion resistant.

M,C Hexagonal W- or Mo-rich carbide of the W,C type. Appears after temper. Can dissolve a
considerable amount of Cr.

MC Face-centered cubic

Source: Ref 29

V-rich carbide. Resists dissolution. Small amount that does dissolve reprecipitates on
secondary hardening.

Table 4-3 Transition metal carbides
Carbide formation is fairly common among the transition elements, except for the second and third rows of group VIl (a).

m IV vy A | v ( Vit ml
Mn23C6
SC2_3C V2C Cl'23C6 Mn3C C03C Nl3C
ScC, TiC CryC3 MnsC, Fe;C CoyC
ScyCy vC CrC, Mn,C3
MOZC
Y,C Nb,C Mo;C; TeC Ru Rh Pd
Y2C3 ZC NbC MoC 1x
YC,
W2C
HfC Ta,C W1C, ReC 0sC Ir Pt
LaC, TaC wC

(a) [XI] indicates no carbide formation for this element. Source: Ref 31
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In addition to vertical sections through ternary
and higher-order systems that show phase equilibria
as a function of temperature and composition, two
other types of representations of phase equilibria
are commonly used. One type consists of the projec-
tion of high-temperature phase equilibria on compo-
sition axes of ternary systems, and the other consists
of the representation of phase equilibria as a func-
tion of composition at some fixed temperature. The
latter representations are referred to as isothermal
sections. The former type of representation is com-
monly used to characterize liquidus surfaces and
solidification reactions, while the second type is
used to characterize phase relationships at some
temperature of interest for thermomechanical or
heat treatment processing of alloys in a given sys-
tem. These two types of diagrams are illustrated in
Fig. 4-27 and 4-28, respectively, for the Fe-Cr-C
system, which is of great importance to tool steel
and stainless steel development, production, and
application. The importance of the Fe-Cr-C alloy
system is demonstrated by the review of 45 litera-
ture references concerning various studies of Fe-Cr-
C phase diagrams in the phase diagram volume
edited by Raynor and Rivlin (Ref 41). The phase
equilibria and diagrams for other ternary systems of
importance to tool steels have been similarly re-
viewed and summarized (Ref 41), and a 10-volume
set of ternary alloy phase diagrams has been pub-
lished (Ref 42).

Table 4-4 Free energies of formation of
carbides

Carbide Free energy, kJ/kg K
TaC ~268
TiC -180
ZC -155
SiC =51
vC -50
wC =35
Cl’7C3 -30
Cl’23C6 -18
Mn;C -4
F63C +6
C02C +7
Ni;C +11
Source: Ref 32

Figure 4-27 shows the liquidus surface projection
for the iron-rich portion of the Fe-Cr-C system (Ref
41). Constant-temperature contours show the tem-
peratures where solidification of the various phases
begins as function of chromium and carbon content.
Between the dark, arrowed lines, solidification oc-
curs by the nucleation and growth of a single phase.
Along the dark lines, referred to as lines of twofold
saturation, solidification occurs by the formation of
two phases, and the arrows point in the direction
of decreasing temperature. Where three lines of
twofold saturation come together, at compositions
or points of threefold saturation, solidification pro-
ceeds by various reactions that involve four phases:
the liquid phase and three solid phases (Ref 1).
Table 4-6 identifies the various liquidus reactions in
the Fe-Cr-C system and in its three constituent bi-
nary systems (Ref 41).

Figure 4-28 shows a schematic isothermal section
at 870 °C (1600 °F), based on an experimental study
of the Fe-Cr-C system at this temperature (Ref 6).
The one- and two-phase fields are labeled, and the
three-phase fields are represented as triangles. The
corners of the triangles give the compositions of the
three coexisting phases. For example, the points J,
B, and C give the compositions of y, M3C, and
M,Cs, respectively, which coexist in alloys whose
compositions are located within the J-B-C triangle.
The boundaries of the two-phase fields give the
ranges of compositions of the two phases that coex-
ist. For example, the line AB shows that cementite
or the carbide M;3C can dissolve chromium up to the
level B. When the amount of chromium in an alloy
exceeds that amount, the solubility of chromium in
the M3C structure is exceeded, and the excess chro-
mium is accommodated by the formation of the
M,Cj; carbide. Similarly, when the chromium con-
tent in an alloy exceeds the amount soluble in the
M,Cj structure, the excess chromium is accommo-
dated by the formation of the M,3C¢ carbide crystal
structure. Figure 4-28 represents only the phase
equilibria at a single temperature. As temperature
changes, the boundaries shift or new phases appear
as the phase equilibria change. With respect to the
hardening of tool steels, the austenite present at
austenitizing temperatures, such as 870 °C (1600 °F)
transforms to martensite on cooling to room tem-
perature, and whatever carbides are stable at the

Table 4-5 Comparative hardness of some carbides and microstructures found in tool steels

Material Average hardness(a), HK  Material Average hardness(b), HRC
Oil-hardening tool steel (60.5 HRC) 790 Matrix of hardened high-speed steel 66.0
Cementite in plain carbon tool steel 1150 (Fe, W, Mo)C in high-speed steel 75.2

Cr,C; in high-carbon, high chromium steel 1820 WCin carbide tool bit 82.5

AbOj in grinding weel 2240 VC in high-carbon, high-vanadium 842

VC in high-carbon, high-vanadium steel 2520 high-speed steel

(a) From Ref 34. Indentations made with 25 g load. (b) From Ref 35. Rockwell C hardness converted from 25 g Vickers readings
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Table 4-6 Invariant liquidus reactions in the C-Cr-Fe system

Temperature
System Symbol °C °F Reaction
C-Fe P1 1493 2719 L + 8Fe & YFe
e 1153 2107 LeyFe+C
C—Cr ey 1490 2714 L & (Cr) +Cryp3Cq
P2 1520 2768 L + Cr;C3 5 Cry3Cq
P3 1780 3236 L + Cr3Cy & Cr,C3
Ps 1895 3443 L + CoCrCy
Cr-Fe None
C-Cr-Fe U, 1275 2327 L + 8Fe & M;3Cq + vFe
U, 1255 2291 L + My3Cq & M;C3 + yFe
U 1160 2120 L + M;C3 & M3C + vFe
Uy 1156 2113 L + M3CoyFe + C
P] 1230 2246 L+ M7C3 + C(—)M3C
Us 1585 2885 L + M3C, &oM;C3+C
Source: Ref 41
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Fig. 4-24 volume percentages of carbides in high-speed steels as-annealed (white bars) and after austenitizing for hardening
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steels as W-Mo-Cr-V. Source: Ref 36, as reproduced in Ref 37
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austenitizing temperature are incorporated into the
martensitic microstructure.

Figure 4-29 shows a portion of the 870 °C (1600
°F) isothermal section of the Fe-Cr-C system (Ref
6). The nominal compositions of four alloys in
which chromium is a major alloying element have
been plotted on the isothermal section (Ref 43). The
420 alloy is a martensitic stainless steel sometimes
used for tooling applications, and the H13, A2, and
D2 steels are tool steels whose complete composi-
tions are given in Table 2-1. All the alloys contain
other elements that would shift the boundaries of
the phase fields somewhat, but the plotting of the
chromium and carbon contents on the isothermal
sections demonstrates some of the alloying princi-
ples that lead to different classes of tool steels.

The chromium hot-work steel H13 (0.35% C, 5% Cr)
must have good toughness; therefore, carbon con-
tent is maintained at a level where only a small
amount of carbides will form, as indicated by the
location of the H13 composition on the boundary of
the austenite-M;C3 two-phase field in Fig 4-29. The
cold-work tool steel A2 (1.0% C, 5% Cr) requires
greater wear resistance, as is achieved by increasing
the carbon content and thereby increasing the con-
tent of M;C3 carbides in the microstructure. Even
higher wear resistance is achieved by increasing

both carbon and chromium in the cold-work tool
steel D2 (1.5% C and 12.0% Cr) in order to produce
higher volume fractions of M,Cj3 carbides in hard-
ened microstructures. These comments apply only
to the microstructural alloy carbide contents that
are established by austenitizing. Significant hard-
ening is also produced by chromium and other
alloy carbide precipitation in martensite during
tempering, but these reactions are established by
low-temperature equilibria where ferrite rather
than austenite is the stable phase coexisting with
the carbides.
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CHAPTER 5

Principles of Tool Steel Heat Treatment

This chapter describes how the phases outlined in
Chapter 4 are arranged into desired microstructures
during the heat treatment of tool steels. Figures 5-1
and 5-2 show schematic diagrams of the processing
steps required to produce finished tool steel prod-
ucts (Ref 1, 2). The repeated cycles of heating to,
and cooling from, the temperature ranges where
various combinations of phases exist are empha-
sized. The primary processing associated with the
melting, solidification, and breakdown stages of hot
work has been described in Chapter 3. The final
stages of processing include not only the final hard-
ening heat treatment, but also the hot work and
machining that produce the finished shapes and di-
mensions of tool steel products. The forming opera-
tions are performed before the final hardening heat
treatment, since the very high final hardness of

hardened tool steels makes them essentially un-
workable. Only processes such as grinding with
highly abrasive materials or electrodischarge ma-
chining (Ref 3) can be used to adjust dimensions of
hardened tool steels.

Figure 5-3 shows, superimposed on the Fe-C dia-
gram (Ref 4), the temperature ranges for the various
heat treatment operations described in this chapter.
The Fe-C diagram is used only as a base for discus-
sion; as discussed in Chapter 4, the high carbon and
alloy contents of tool steels significantly modify
phase equilibria from those of the Fe-C system, and
alloy carbides play a much greater role in the evolu-
tion of tool steel microstructures than in low-alloy
carbon steels. Accommodations for these alloying
effects are taken into account in the specific heat
treatment temperatures recommended for the vari-
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L Tool steel heat treatment
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ous types and grades of tool steels, as presented
elsewhere in this book.

Normalizing

This heat treatment is applied to tool steels that
have been forged at high temperatures, as shown in
Fig. 5-3. Forging deformation, depending on part
geometry, may cause localized variations in micro-~
structure and, because of the high temperatures
used, may produce a coarse, austenitic grain struc-
ture. Normalizing is performed to produce more
uniform, fine-grained microstructures for sub-
sequent annealing and hardening heat treatments.
Also, in tool steels with high stable carbide con-
tents, the carbides may be preferentially aligned in
the direction of hot work, and normalizing will help
to produce more uniform distributions (Ref 4).

Normalizing heat treatments consist of heating to
the cross-hatched temperature region shown in Fig.
5-3, then air cooling. As shown, the normalizing
temperatures for hypereutectoid steels approach and
sometimes exceed A, temperatures. Therefore,
during heating to and holding at the normalizing
temperature, austenite grains nucleate and grow
from the ferrite-carbide microstructures stable at
low temperatures. Considerable carbide dissolution,
depending on alloy content, takes place during heat-
ing. During cooling, austenite then transforms to
mixtures of ferrite and cementite. If the alloy con-
tent of a tool steel is low, cementite and pearlitic
microstructures will form during air cooling, and
the carbides in these structures will be spheroidized
in subsequent annealing treatments. In hypereutec-
toid steels, where the microstructure is completely
converted to austenite during normalizing, cemen-
tite networks will form on austenite grain bounda-
ries on cooling prior to pearlite formation. An exam-
ple of carbide network formation on austenitic grain

Principles of Tool Steel Heat Treatment

boundaries in a low-alloy, high-carbon steel is
shown in Fig. 5-4, and the fracture surface along the
grain boundary carbides is shown in Fig. 5-5. The
grain-boundary carbides grow by a ledge-type
mechanism, and the fracture surface follows the
stepped interfaces between the growing carbides
and the austenite grains into which the carbides
grow (Ref 5).

In tool steels with high alloy content, high har-
denability may cause martensite to form during air
cooling. Hardenability is the topic which relates
alloying to the phase transformations that occur on
cooling and is discussed in more detail later in this
chapter. Although air hardening in tool steels with
high hardenability is a beneficial characteristic dur-
ing final hardening, martensite formation combined
with the high austenitizing temperatures of normal-
izing may cause cracking, especially if carbide net-
works that provide pathways for brittle fracture are
present. Therefore, air-hardening tool steels usually
are not normalized. Table 5-1 (Ref 6) lists normal-
izing and annealing temperatures for the various
classes and grades of tool steels; tool steels that are
not normalized are identified.

Stress-Relief Heat Treatments

There are many effects and sources of residual
stress in steels. Tensile surface residual stresses are
detrimental and may cause cracking during fabrica-
tion or reduced resistance to fracture in service,
whereas surface compressive stresses are generally
beneficial and prevent cracking during manufacture
and service. Short of cracking, residual stresses may
cause distortion and undesired dimensional
changes. A major source of residual stresses during
heat treatment is expansion or contraction of surface
microstructures at different times than interior mi-
crostructures because of differences in surface and
interior cooling or heating rates. Control of residual

Fig. 5-4 cContinuous network of cementite crystals that
have formed on austenite grain boundaries in a hypereutectoid
Fe-C-Cr alloy. Light micrograph. Source: Ref 5

Fig. 5-5 Fracture ledges at interfaces of grain-boundary
cementite in an Fe-1.12C-1.50Cr steel. SEM micrograph. Cour-
tesy of T. Ando
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Table 5-1 Normalizing and annealing temperatures for tool steels

Normnalizing tr temper Temperature Rate of cooling, max Harduess,
Type °C °F °C °F °Ch °F HB
Molybdenum high-speed steels
M1, M10 Do not normalize 815-870 1500-1600 22 40 207-235
M2 Do not normalize 870-900 1600-1650 22 40 212-241
M3, M4 Do not normalize 870-900 1600-1650 22 40 223-255
M6 Do not normalize 870 1600 22 40 248-277
M7 Do not normalize 815-870 1500-1600 22 40 217-255
M30, M33, M34, M36, Do not normalize 870-900 1600-1650 22 40 235-269

M41, M42, M46, M47

M43 Do not normalize 870-900 1600-1650 22 40 248-269
M44 Do not normalize 870-900 1600-1650 22 40 248-293
Tungsten high-speed steels
T1 Do not normalize 870-900 1600-1650 22 40 217-255
T2 Do not normalize 870-900 1600-1650 22 40 223-255
T4 Do not normalize 870-900 1600-1650 22 40 229-269
TS Do not normalize 870-900 1600-1650 22 40 235-277
T6 Do not normalize 870-900 1600-1650 22 40 248-293
T8 Do not normalize 870-9500 1600-1650 22 40 229-255
T15 Do not normalize 870-900 1600-1650 22 40 241-277
Chromium hot-work steels
H10,H11,H12,H13 Do not normalize 845-900 1550-1650 22 40 192-229
H14 Do not normalize 870-900 1600-1650 22 40 207-235
H19 Do not normalize 870-900 1600-1650 22 40 207-241
Tungsten hot-work steels
H21,H22, H25 Do not normalize 870-900 1600-1650 22 40 207-235
H23 Do not normalize 870-900 1600-1650 22 40 212-255
H24,H26 Do not normalize 870-900 1600-1650 22 40 217-241
Molybdenum hot-work steels
H41,H43 Do not normalize 815-870 1500-1600 22 40 207-235
H42 Do not normalize 845-900 1550-1650 22 40 207-235
High-carbon, high-chromium cold-work steels
D2, D3, D4 Do not normalize 870-900 1600-1650 22 40 217-255
D5 Do not normalize 870-900 1600-1650 22 40 223-255
D7 Do not normalize 870-900 1600-1650 22 40 235-262
Medium alloy, air-hardening cold-work steels
A2 Do not normalize 845-870 1550-1600 22 40 201-229
A3 Do not normalize 845-870 1550-1600 22 40 207-229
A4 Do not normalize 740-760 1360-1400 14 25 200-241
A6 Do not normalize 730-745 1350-1375 14 25 217-248
A7 Do not normalize 870-900 1600-1650 14 25 235-262
A8 Do not normalize 845-870 1550-1600 22 40 192-223
A9 Do not normalize 845-870 1550-1600 14 25 212-248
Al0 790 1450 765-795 1410-1460 8 15 235-269
Oil-hardening cold-work steels
0O1 870 1600 760-790 1400-1450 22 40 183-212
02 845 1550 745-715 1375-1425 22 40 183-212
06 870 1600 765-790 1410-1450 11 20 183-217
o7 900 1650 790-815 1450-1500 22 40 192-217
Shock-resisting steels
S1 Do not normalize 790-815 1450-1500 22 40 183-229(c)
82 Do not normalize 760-790 1400-1450 22 40 192-217
S5 Do not normalize 775-800 1425-1475 14 25 192-229
S7 Do not normalize 815-845 1500-1550 14 25 187-223

(continued)
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Table 5-1 (continued)
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Annealing(b)

Normalizi; temperature(a) Temperature Rate of cooling, max Hardness,
Type °C °F °C °F °C/h °Ffh HB
Mold steels
P2 Not required 730-815 1350-1500 22 40 103-123
P3 Not required 730-815 1350-1500 22 40 109-137
P4 Do not normalize 870-900 1600-1650 14 25 116-128
PS5 Not required 845-870 1550-1600 22 40 105-116
P6 Not required 845 1550 8 15 183-217
P20 900 1650 760-790 1450-1500 22 40 149-179
P21 900 1650 Do not anneal
Low-alloy special-purpose steels
L2 870-900 1600-1650 760-790 1400-1450 22 40 163-197
L3 900 1650 790-815 1450-1500 22 40 174-201
L6 870 1600 760-790 1400-1450 22 40 183-212
Carbon-tungsten special-purpose steels
F1 900 1650 760-800 1400-1475 22 40 183-207
F2 900 1650 790-815 1450-1500 22 40 207-235
Water-hardening steels
W1, W2 790-925(d)  1450-1700(d) 740-790(e)  1360-1450(e) 22 40 156-201
w5 870-925 1600-1700 760-790 1400-1450 22 40 163-201

(a) Time held attemperature varies from 15 min for small sections to 1 h for large sizes. Cooling is done in still air. Normalizing should not be confused with low-te mperature
annealing. (b) The upper limit of ranges should be used for large sections and the lower limit for small sections. Time held at temperature varies from | h for light sections to
4 h for heavy sections and large fumace charges of high-alioy steel. (c) For 0.25 Si type, 183 to 207 HB; for 1.00 Si type, 207 to 229 HB. (d) Temperature varies with carbon
content: 0.60t00.75 C, 815 °C (1500 °F). 0.75 1090 C, 790 °C (1450 °F); 0.90 to 1.10 C, 870 °C (1600 °F); 1.10 to 1.40 C, 870 to 925 °C (1600 to 1700 °F). () Temperature
varies with carbon content: 0.60 to 0.90 C, 740 to 790 °C (1360 to 1450 °F); 0.90t0 1.40 C, 760 to 790 °C (1400 to 1450 °F)

stresses during the various stages of hardening is a
major consideration in all phases of the heat treat-
ment of tool steels.

In tool steels, residual stress-relief treatments are
most commonly performed following machining
and grinding operations to shape a finished tool.
These operations may introduce plastic deformation
and high surface strains, typically in annealed, ma-
chinable ferrite-carbide microstructures, which on
subsequent hardening may cause distortion and
cracking. Grinding operations applied to hardened
tools with tempered martensitic microstructures, or
to tools that have been work hardened in service,
may also cause cracking and high residual stresses
before or during service (Ref 6). To maintain hard-
ness, stress-relief treatments on reground tool steels
should be performed at temperatures at or below the
tempering temperatures used to produce the re-
quired hardness of the tool.

Stress-relief heat treatments, as shown in Fig.
5-3, are applied at temperatures where ferrite and
carbides are stable, and therefore do not cause
austenite formation and subsequent transformation.
Often the objective of the stress relief is to reduce
only the residual stresses introduced into the ferrite
by cold work or machining, without causing signifi-
cant changes in hardness. As a result, the stress
relief is accomplished primarily by recovery mecha-

nisms that reduce and rearrange the crystal defects
introduced into ferrite by surface deformation. The
defects by which plastic deformation of metal crys-
tals is accomplished are known as dislocations. Dis-
locations are linear arrays of atoms displaced from
equilibrium atom positions of perfect crystals and,
if present in high densities, introduce work harden-
ing and significant strain energy into a micro-
structure (Ref 7).

For highly strained surfaces, recrystallization—
which eliminates the crystal defects by the nuclea-
tion of new, dislocation-free crystals and signifi-
cantly lowers the cold-worked hardness—may
occur during heating. Recrystallization requires an
incubation time in order to develop the nuclei of the
strain-free grains (Ref 7). In contrast, recovery
mechanisms begin immediately as the stress-relief
temperature is reached and stop short of recrystalli-
zation. Recovery rates are highest at the beginning
of the stress-relief treatment and decrease with in-
creasing time at temperature. Therefore, stress-re-
lief heat treatments are generally of short duration
(1 to 2 h) or, in larger sections, 1 h/25 mm (1 in.) of
section thickness (Ref 4, 8).

The temperatures for stress-relief heat treatments
are typically between 550 and 650 °C (1020 and
1200 °F) for plain carbon and low-alloy steels and
between 600 and 750 °C (1110 and 1380 °F) for
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hot-work and high-speed steels (Ref 4). As noted
earlier, stress relief is also a function of time at
temperature, but generally temperature has a much
stronger effect on the kinetics of stress relief than
does time. Studies showing the interrelationships of
time and temperature on stress relief have been
published (Ref 4, 9). Heavy sections should be
cooled very slowly from stress-relief temperatures
to at least 300 °C (570 °F) (Ref 4) and then air
cooled. Otherwise, distortion and new residual
stresses may be introduced due to uneven cooling of
surfaces and interiors, especially at temperatures
just below the stress-relief temperature where the
flow stresses of the microstructure are low.

Annealing

Annealing heat treatments are designed to soften
tool steel microstructures, primarily for the machin-
ing stages of manufacture, but also to provide mi-
crostructural uniformity for subsequent hardening
heat treatments. The softening demonstrates the
great versatility of carbon-base tool steels, which
can be sequentially heat treated to produce ma-
chinable annealed microstructures with very low
hardness followed by hardening to essentially un-
workable microstructures of very high hardness.
Table 5-1 lists annealing temperatures and resulting
hardness ranges for the various types of tool steels
and shows that, although many tool steels may not
be normalized, almost all tool steels are subjected to
annealing.

Figure 5-1 shows schematically the location of
annealing in the manufacturing sequence for tool
steels, and Fig. 5-3 shows that, in high-carbon
steels, annealing temperatures are low in the
austenite-carbide two-phase field. Very slow rates
of furnace cooling from the annealing temperatures,
from 8 to 22 °C/h (14 to 40 °F/h) depending on steel
composition, as shown in Table 5-1, are also a nec-
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Fig. 5-6 uniform distribution of sphercidized carbides in a
52100 steel. Light micrograph. Courtesy of K. Hayes
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essary part of annealing. When a steel cools to 500
°C (930 °F), essentially all transformation is com-
pleted, and air cooling can be used to bring the steel
to room temperature. Controlled-atmosphere fur-
naces, salt baths, and vacuum furnaces used to pro-
tect tool steels from oxidation and decarburization
during annealing are described in Ref 10 and Chap-
ter 6.

The microstructural objective of annealing is to pro-
duce dispersed, spherical carbides in a matrix of ferrite
grains, a microstructure that is highly machinable
compared to other microstructures formed in tool
steels. Ferrite has low strength, and the continuous
ferrite matrix easily deforms. Thus, with the assistance
of the dispersed carbide particles, a spheroidized mi-
crostructure readily deforms and fractures in shear
during chip formation in machining operations. Figure
5-6 shows the annealed microstructure of a high-car-
bon steel with spheroidized carbides of uniform size
dispersed in ferrite, and Fig. 5-7 shows the annealed
microstructure of a D2 tool steel with distributions of
spheroidized carbides of two sizes. The larger particles
are primary M;C; carbides, which by virtue of the
high alloy content of the D2 steel have formed during
solidification and have been dispersed during hot
working. The finer carbides, similar to those in Fig.
5-5, are a result of secondary carbide precipitation in
austenite or spheroidization of carbides produced by
the transformation of austenite to ferrite-carbide mi-
crostructures on cooling after earlier hot-work or nor-
malizing heat treatments.

Several stages of microstructural change control
the development of spheroidized carbide-ferrite mi-
crostructures during annealing: initiation of carbide
spheroidization in ferrite during heating, austenite
formation, spheroidization and coarsening of car-
bides in austenite, and transformation of the
austenite on cooling to a matrix of ferrite with dis-
persed spherical carbides. Spheroidization is driven
by the reduction of interfacial energy of carbide

IOum

Fig. 5-7 Annealed microstructure of D2 tool steel show-
ing distributions of coarse and fine spheroidized carbide parti-
cles. Light micrograph. Courtesy of J.R.T. Branco



particles in a matrix of ferrite or austenite. Spherical
particles are the geometrical shapes which have
minimum interfacial area per unit volume; there-
fore, to minimize interfacial energy, two-phase mi-
crostructures, given sufficient time, will evolve to
form dispersions of spherical particles of the mi-
nority phase in a matrix of the majority phase. In
steels, the first step in this process is the forma-
tion of spheroidized particles in ferrite-carbide
microstructures present at the start of annealing
(Ref 11).

The starting microstructure may consist of the
lamellar or plate-shaped particles of cementite in
pearlite that may have formed after cooling from a
previous hot-working or normalizing operation. Al-
ternatively, the starting microstructure may consist
of bainite, another fine mixture of ferrite and car-
bides, or martensite. All the starting microstructures
may also contain coarse primary or precipitated sec-
ondary carbides if the alloy content is high enough.
Thus, the first step of spheroidization will pro-
duce a distribution of very fine spheroidized par-
ticles from the pearlitic, bainitic, or martensitic
starting structures and, depending on alloy con-
tent, a distribution of coarser alloy carbide parti-
cles, much like that illustrated in Figure 5-7.

Austenite formation on heating to annealing tem-
peratures is quite rapid. For example, in an AISI
52100 steel—a low-alloy, high-carbon steel con-
taining nominally 1.0% C and 1.5% Cr—austenite
formation was complete after 5 s at 850 °C (1560
°F) (Ref 12). In this study, the starting structure
consisted of pearlite; as the austenite grains nucle-
ated and grew, the lamellar carbides spheroidized
and partially dissolved, leaving a dispersion of very
fine cementite particles in austenite to start the bal-
ance of the annealing process.

When steel has reached an appropriate intercriti-
cal temperature (i.e., a temperature between A; and
A.m where austenite and carbides are stable}, an-
nealing proceeds by the replacement of fine carbide
particles with fewer, larger particles in the austenite
matrix, again a process of microstructural change
driven by the reduction of interfacial energy. This
process is often referred to as Ostwald ripening (Ref
13) and depends on the diffusion of carbon and
alloying element atoms away from the small parti-
cles, through the austenitic matrix, to the larger
particles. The dissolution of carbides that leads to
coarsening thus depends on carbon diffusion and,
for alloy carbides, on diffusion of the substitutional
alloying elements (Ref 14, 15). Carbide dissolution
and coarsening continue with increasing time at
temperature and are accelerated by high-tempera-
ture annealing where diffusion coefficients are high.
The study of carbide spheroidization in AISI 52100
steel showed that carbides on austenite grain
boundaries coarsen most rapidly (Ref 12, 16), con-
sistent with higher diffusion rates along grain
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boundaries in comparison to volume diffusion rates
within grains (Ref 17).

Another key microstructural change associated
with the development of spheroidized carbide-fer-
rite microstructures concerns the transformation of
austenite on cooling from annealing temperatures.
As the Fe-C diagram shows, the austenite must
transform to a mixture of ferrite and carbides. In the
absence of carbide particles, the austenite on slow
cooling will transform to pearlite, a lamellar mix-
ture of ferrite and cementite. However, if dispersed
carbides are present, pearlite does not nucleate and
grow; instead, further spheroidization and growth of
the carbides take place as the austenite transforms to
ferrite and additional carbides. It is this change in
the transformation mechanism of the austenite
which necessitates that annealing temperatures be
kept low enough to ensure that sufficient
spheroidized carbides are present at the start of
cooling to nucleate additional spherical carbide
growth on furnace cooling.

Hardening: Introductory
Considerations

Hardening of tool steels, as shown in Fig. 5-2, is
accomplished by three heat-treating steps: austeni-
tizing, cooling or quenching for martensite forma-
tion, and tempering. Each heat treatment step pro-
duces major changes in microstructure, which when
properly controlled lead to the final properties re-
quired for a given application. However, the micro-
structural changes contribute to and are accom-
plished within a framework of dimensional
changes. These changes must also be understood
and controlled in order to minimize distortion, re-
sidual stresses, and possibly cracking during the
final stages of heat treatment. In view of the practi-
cal importance of dimensional changes, they are
described in some detail here to provide background
for the heat treatment considerations covered in
subsequent sections.

Figure 5-8 shows the changes in dimensions that
occur during the heating and cooling of a 1.0% C
steel. Similar changes develop in all steels, but at
temperatures that vary depending on chemical com-
position and type of steel. Thermal expansion oc-
curs on heating to the Ac, temperature for the steel.
At that point, contraction occurs as austenite, with
its close-packed crystal structure, replaces ferrite,
with its more open crystal structure (see Chapter 4).
When the ferrite is completely replaced by
austenite, thermal expansion again occurs with con-
tinued heating of austenite and any residual car-
bides.

On cooling, the austenite and carbide micro-
structure contracts. If the cooling rate is low, as is
the case for annealing, the austenite starts to trans-
form to ferrite and additional carbides at the Ar;
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temperature for the steel. The formation of the fer-
rite-carbide microstructure causes expansion, as
shown by the dashed line in Fig. 5-8, and when
austenite transformation to ferrite and cementite is
complete, thermal contraction again occurs. If the
transformation of ferrite-carbide microstructures is
suppressed by rapid cooling or alloying, the
austenite remains stable and continues to thermaily
contract, as shown by line 2 in Fig. 5-8. Eventually,
at the M, temperature for the steel, martensite
forms, and significant low-temperature expansion
occurs as the bct crystal structure of martensite
replaces austenite. The densities and thermal expan-
sion characteristics of tool steels are alloy depend-
ent, and Table 5-2 lists these properties for selected
tool steels.

The following sections describe the micro-
structural changes that are the objectives of the
austenitizing, quenching, and tempering steps of
tool steel hardening. Processing considerations re-
lated to the achievement of desired microstructures
and the control of dimensional changes will also be
discussed. The great variations of chemical compo-
sition of the various types of tool steels cause the
microstructural changes to be accomplished at a
variety of temperature ranges and heating and cool-
ing conditions; the specific heat treatment parame-
ters recommended for each class of tool steels are
given in Table 5-3 and in later chapters.

Austenitizing for Hardening

Austenitizing for hardening is accomplished by
heating the spheroidized carbide-ferrite micro-
structures of tool steels to an appropriate austenitiz-
ing temperature. Figure 5-3, and Fig. 5-9 which
emphasizes hypereutectoid steels, show that
austenitizing for hardening is performed at tempera-
tures in the austenite-carbide two-phase field. As
noted in Chapter 4, the use of the Fe-C diagram for
alloyed tool steels is only approximate, and the
austenite-carbide two-phase field may be consider-
ably expanded to lower carbon contents and higher
temperatures by the strong carbide-forming ele-
ments commonly used for tool steels. Except for the
very highly alloyed high-speed tool steels, harden-
ing temperatures for tool steels are generally in the
same range as annealing temperatures, and the com-
ments regarding carbide particle spheroidization,
dissolution, and coarsening, as discussed earlier in
terms of annealing, are also valid for austenitizing
for hardening.

The very first consideration regarding the
austenitizing of tool steels is the need for preheating
many of the highly alloyed grades. As noted in the
discussion relative to Fig. 5-8, an annealed tool steel
microstructure will thermally expand on heating to
the austenitizing temperature and will contract dur-
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Fig. 5-8 Dilation of a 1% C steel on heating and either slow cooling (dashed line) or quenching (solid line)
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ing austenite formation. If the temperature of a part
is not uniform, as a result of temperature differences
between the surface and interior, the dimensional
changes occur at different times as a function of
position, and localized volume changes may cause
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stresses to be generated. For example, rapidly ex-
panding regions, by virtue of position and higher
temperatures, will cause tensile stresses to be ex-
erted on regions that have not expanded as rapidly.
These stresses may cause plastic flow or distortion

Table5-2 Density and thermal expansion of selected tool steels

Thermal :

Density pm/m K from 20 °C to pinfin. °F from 70 °F to
Type giem®  Ibfin} 100°C  206°C  425°C  540°C  650°C 200°F  400°F  800°F  1000°F  1200°F
w1 7.84  0.282 104 11.0 131 138 14.20) 5.76 6.13 728  7.64(a) 7.90(b)
w2 7.85  0.283 14.4 4.8 149 8.0 8.2 83
! 7.88 0255 124 12.6 135 13.9 14.2 6.9 7.0 75 7.7 79
S2 779 0281 10.9 119 135 14.0 14.2 6.0 6.6 75 7.8 79
S5 776 0.280 12.6 133 137 7.0 74 7.6
S6 775 0279 126 133 70 74
S7 776 0280 12.6 133 137a@ 133 7.0 74 7.6(a) 74
o1 7.85 0283 106(c) 128  140d) 14.4(d) 5.9(c) 7.1 7.8 8.0(d)
02 766 0277 11.2 12.6 13.9 14.6 15.1 6.2 7.0 7.7 8.1 8.4
06 770 0277 11.2 12.6 129 13.7 6.2 7.0 7.2 7.6
o7 78 0282
A2 786  0.284 107 106(c) 129 140 14.2 596  591c) 72 7.8 79
A6 784 0283 115 124 135 139 14.2 6.4 6.9 75 7.7 7.9
A7 766  0.277 124. 12.9 135 6.9 7.2 7.5
A8 787  0.284 12.0 124 12.6 6.7 6.9 70
A9 778  0.281 12.0 124 12.6 6.7 6.9 70
Al0 768 0278 128 133 7.1 74
D2 770 0278 104 103 119 122 12.2 5.8 57 6.6 6.8 6.8
D3 770 0278 120 117 12.9 13.1 13.5 6.7 6.5 7.2 73 75
D4 770 0278 124 .- 6.9
D5 120 6.7
H10 7.8t 0.8l 12.2 133 137 6.8 74 7.6
H11 775  0.280 11.9 124 12.8 129 133 6.6 6.9 7.1 7.2 74
H13 776 0280 104 115 12.2 124 13.1 58 6.4 6.8 6.9 7.3
H14 789  0.285 1.0 6.1
H19 798  0.288 11.0 11.0 120 12.4 129 6.1 6.1 6.7 6.9 7.2
H21 828 0299 124 12.6 12.9 135 139 6.9 70 72 7.5 7.7
H22 836 0302 11.0 115 12.0 124 6.1 6.4 6.7 6.9
H26 867 0313 124 6.9
H42 815  0.295 11.9 6.6
T! 867 0313 9.7 11.2 117 1.9 54 6.2 6.5 6.6
T2 867 0313
T4 868 0313 119 6.6
T5 875 0316 11.2 115 6.2 6.4
T6 889 0321
T8 843 0305
Ti5 819  0.296 9.9 11.0 115 5.5(c) 6.1 6.4
Mi 789  0.285 10.6(c) 113 120 124 5.9(c) 6.3 6.7 6.9
M2 816 0295 101 94() 112 11.9 122 5.6 5.2(c) 6.2 6.6 6.8
M3,class1 815 0295 115 12.0 122 6.4 6.7 6.8
M3,class2 816 0,295 115 12.0 12.8 6.4 6.7 7.1
M4 797  0.288 9.5(c) 112 12.0 12.2 5.3(c) 6.2 6.7 6.8
M7 795  0.287 9.5(c) 115 12.2 124 5.3(c) 6.4 6.8 6.9
MI10 7.88 0255 11.0 11.9 124 6.1 6.6 6.9
M30 801 0289 11.2 117 12.2 6.2 6.5 6.8
M33 803  0.290 110 117 120 6.1 6.5 6.7
M36 818  0.296
M4l 817 0295 9.7 104 11.2 54 5.8 6.2
M42 798  0.288
M46 783 0.283
M47 796  0.288 10.6 11.0 119 126 59 6.1 6.6 7.0
L2 7.86  0.284 144 14.6 14.8 80 8.1 82
L6 786  0.284 113 12.6 12.6 135 137 6.3 7.0 70 75 7.6
P2 786 0284 137 7.6
P5 780  0.282
P6 785 0284
P20 785  0.284 12.8 137 142 7.1 7.6 79

(a) From 20 °C 0 500 °C (70 °F to 930 °F). (b) From 20 °C to 600 °C (70 °F to 1110 °F). (¢) From 20 °C to 260 °C (70 °F 10 500 °F). (d) From 40 °C (100 °F)
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Table 5-3 Hardening and tempering temperatures and procedures for tool steels

Hardening Time at
Preheat temperature Hardening temperature temperature, Quenching Tempering temperature
Type Rate of healing °C °F °C °F min di °C °F
Motybdenum high-speed steels
M1, M7,  Rapidly from 730-845  1350-1550 1175-1220  2150-2225(b) 2-5 0O,A, 540-595(c)  1000-1100(c)
M10 preheat orS
M2 Rapidly from 730-845  1350-1550 1190-1230  2175-2250(b) 2-5 O, A, 540-595(c) 1000-1100(c)
preheat orS
M3,M4,  Rapidly from 730-845  1350-1550 1205-1230(b) 2200-2250(b) 2-5 0,A, 540-595(c) 1000-1100(c)
M30,M33, preheat orS
M34
M6 Rapidly from 790 1450 1175-1205(b) 2150-2200(b) 2-5 O, A, 540-595(c) 1000-1100(c)
preheat orS
M36 Rapidly from 730-845  1350-1550 1220-1245(b) 2225-2275(b) 2-5 O, A, 540-595(c) 1000-1100(c)
preheat orS
M41 Rapidly from 730-845  1350-1550 1190-1215(b) 2175-2220(b) 2-5 O, A, 540-595(d) 1000-1100(d)
preheat orS
M42 Rapidly from 730-845  1350-1550 1190-1210(b) 2175-2210(b) 2-5 O, A, 540-595(d)  950-1100(d)
preheat orS
M43 Rapidly from 730-845  1350-1550 1190-1215(b) 2175-2220(b) 2-5 0, A, 540-595(d) 950-1100(d)
preheat orS
M44 Rapidly from 730-845  1350-1550 1200-1225(b) 2190-2240(b) 2-5 0O, A, 540-625(d) 1000-1160(d)
preheat orS
M46 Rapidly from  730-845  1350-1550 1190-1220(by 2175-2225(b) 2-5 O, A, 525-565(d)  975-1050(d)
preheat orS
M47 Rapidly from 730-845  1350-1550 1180-1205(b) 2150-2200(b) 2-5 O, A, 525-595(d) 975-1100(d)
preheat orS
Tungsten high-speed steels
T1, T2, T4, Rapidly from 815-870  1500-1600 1260-1300(b) 2300-2375(b) 2-5 O, A, 540-595(c)  1000-1100(c)
T8 preheat orS
TS5, T6 Rapidly from 815-870  1500-1600 1275-1300(b) 2325-2375(b) 2-5 0, A, 540-595(c) 1000-1100(c)
preheat orS
T1S Rapidly from 815-870  1500-1600 1205-1260(b) 2200-2300(b) 2-5 O, A, 540-650(d) 1000-1200(d)
preheat orS
Chromium hot-work steels
H10 Moderately 815 1500 1010-1040 1850-1900  15-40(¢) A 540-650 1000-1200
from preheat
Hil,HI2  Moderately 815 1500 995-1025 1825-1875  15-40(e) A 540-650 1000-1200
from preheat
H13 Moderately 815 1500 995-1040 1825-1900  15-40(e) A 540-650 1000-1200
from preheat
Hi4 Moderately 815 1500 1010-1065 1850-1950  15-40(e) A 540-650 1000-1200
from preheat
H19 Moderately 815 1500 1095-1205 2000-2200 2-5 AorO 540-705 1000-1300
from preheat
Molybdenum hot-work steels
H41,H43 Rapidly from 730-845  1350-1550 1095-1190 2000-2175 2-5 O,A,orS  565-650 1050-1200
preheat
H42 Rapidly from 730-845  1350-1550 1120-1220 2050-2225 2-5 0,A,0orS  565-650 1050-1200
preheat
Tungsten hot-work steels
H21,H22 Rapidly from 815 1500 1095-1205 2000-2200 2-5 AorO 595-675 1100-1250
preheat
H23 Rapidly from 845 1550 1205-1260 2200-2300 2-5 [0} 650-815 1200-1500
preheat
(continued)

(a) O, oil quench; A, air cool; S, salt bath quench; W, water quench; B, brine quench. (b) When the high-temperature heating is carried out in a salt bath, (he range of tempera-
tures should be about 15 °C (25 °F) lower than given in this line. (c) Double tempering recommended for not less than 1 h at temperature each time. (d) Triple tempering
recommended for not less than 1 h at temperature each time. (e) Times apply to open-furnace heat treatment. For pack hardening, a common rule is to heat 1.2 min/mm (30
min/in.) of cross section of the pack. (f) Preferable for large 100ls to minimize decarburization. (g) Carburizing temperature. (h) After carburizing. (i) Carburized case hard-
ness. (j) P21 is a precipitation-hardening steel having a thermal treatment that involves solution treating and aging rather than hardening and tempering. (k) Recommended

for large tools and tools with intricate sections
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Hardening Time at
Preheat temperature Hardening temperature temperature, Quenching Tempering temperature
Type Rate of healing °C °F °C °F min medium(a) °C °F
Tungsten hot-work steels (continued)
H24 Rapidly from 815 1500 1095-1230 20002250 2-5 0 565-650 1050-1200
preheat
H25 Rapidly from 815 1500 1150-1260 2100-2300 2-5 AorO 565-675 1050-1250
preheat
H26 Rapidly from 870 1600 1175-1260 2150-2300 2-5 0,A, 565-675 1050-1250
preheat orS
Medium-alloy, air-hardening cold-work steels
A2 Slowly 790 1450 925-980 1700-1800 20-45 A 175-540 350-1000
A3 Slowly 790 1450 955-980 1750-1800 25-65 A 175-540 350-1000
Ad Slowly 675 1250 815-870 1500-1600 20-45 A 175-425 350-800
A6 Slowly 650 1200 830-870 1525-1600 20-45 A 150-425 350-800
A7 Very slowly 815 1500 955-980 1750-1800 30-60 A 150-540 300-1000
A8 Slowly 790 1450 980-1010 1800-1850 20-45 A 175-595 350-1100
A9 Slowly 790 1450 980-1025 1800-1875 20-45 A 510-620 950-1150
Al0 Slowly 650 1200 790-815 1450-1500 30-60 A 175-425 350-800
Oil-hardening cold-work steels
o1 Slowly 650 1200 790-815 1450-1500 10-30 0 175-260 350-500
02 Slowly 650 1200 760-800 1400-1475 5-20 0 175-260 350-500
06 Slowly 790-815 1450-1500 10-30 0] 175-315 350-600
07 Slowly 650 1200 790-830 W:1450-1525 10-30 Oor W 175-290 350-550
845-885 0:1550-1625
Shock-resisting steels
S1 Slowly . .. 900-955 1650-1750 1545 0] 205-650 400-1200
S2 Slowly 650(H) 1200() 845-900 1550-1650 5-20 Borw 175-425 350-800
S5 Slowly 760 1400 870-925 1600-1700 5-20 0 175-425 350-800
S7 Slowly 650-705  1200-1300 925-955 1700-1750 15-45 AorO 205-620 400-1150
Mold steels
P2 e 900-925(g) 1650-1700(g) 830-845(h)  1525-1550(h) 15 0] 175-260 350-500
P3 900-925(g) 1650-1700(g) 800-830th)y 1475-1525(h) 15 0] 175-260 350-500
P4 - 970-995(g) 1775-1825(g) 970-995(h)  1775-1825(h) 15 A 175-480 350-500
PS 900-925(g) 1650-1700(g) 845-870(h)  1550-1600(h) 15 Oorw 175-260 350-500
P6 900-925(g) 1650-1700(g) 790-815(h)  1450-1500(h) 15 AorO 175-230 350-450
P20 870-900(h) 1600-1650(h) 815-870 1500-1600 15 0 480-595(1))  900-1100
P21(j) Slowly Do not preheat 705-730 1300-1350  60-180 AorO 510-550 950-1025
Low-alloy special-purpose steels
L2 Slowly W:790-845 0: W:1450-1550 10-30 OorwW 175-540 350-1000
845-925 0: 1550-1700
L3 Slowly W:775-8150: W:1425-1500 10-30 OorW 175-315 350-600
815-870 0: 1500-1600
14 Slowly 790-845 1450-1550 10-30 0] 175-540 350-1000
Carbon-tungsten special-purpose steels
F1,F2 Slowly 650 1200 790-870 1450-1600 15 WorB 175-260 350-500
(continued)

(a) O, oil quench; A, air cool; S, salt bath quench; W, water quench; B, brine quench. {b) When the high-temperature heating is carried out in a salt bath, the range of tempera.
tures should be about 15 °C (25 °F) lower than given in this line. (c) Double tempering recommended for not less than 1 h at temperature each time. {d) Triple tempering
recommended for not less than 1 h at temperature each time. {(e) Times apply to open-furnace heat For pack hardening, a common rule is to heat 1.2 min/mm (30
min/in.} of cross section of the pack. (f) Preferable for large tools to minimize decarburization. {g) Carburizing temperature. (h) After carburizing. (i) Carburized case hard-
ness. (j) P21 is a precipitation-hardening steel having a thermal treatment that involves solution treating and aging rather than hardening and tempering. (k) Recommended
for large tools and tools with intricate sections
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Table 5-3 (continued)

Hardening Time at
Preheat temperature Hardening temperature temperature, Quenching Tempering temperature
Type Rate of healing °C °F °C °F min medium(a) °C °F
Water-hardening steels
w1, W2, Slowly 565-650(k) 1050-1200(k) 760-815 1400-1550 10-30 Borw 175-345 350-650
w3
High-carbon, high-chromium cold-work steels
D1,DS Very slowly 815 1500 980-1025 1800-1875 15-45 A 205-540 400-1000
D3 Very slowly 815 1500 925-980 17001800 1545 (o] 205-540 400-1000
D4 Very slowly 815 1500 970-1010 1775-1850 1545 A 205-540 400-1000
D7 Very slowly 815 1500 1010-1065 18501950 30-60 A 150-540 300-1000

(a) 0, oil quench; A, air cool; S, salt bath quench; W, water quench; B, brine quench. (b) When the high-temperature heating is carried out in a salt bath, the range of tempera-
tures should be about 15 °C (25 °F) lower than given in this line. (c) Double tempering recommended for not less than 1 h at temperature each time. (d) Triple tempering
recommended for not less than | h at temperature each time. (e) Times apply to open-furnace heat For pack h ing, a common rule is to heat 1.2 min/mm (30
min/in.) of cross section of the pack. (f) Preferable for large tools to0 minimize decarburization. (g) Carburizing lemperature. (h) After carburizing. (i) Carburized case hard-
ness. (j) P21 is a precipitation-hardening sieel having a thermal treatment that involves solution treating and aging rather than hardening and tempering. (k) Recommended
for large tools and tools with intricate sections

1800
T T
As ' l Austenite Acm 1 900
1600 Max hardening temp //thenite
Ferrite \w\ﬂzarbide
1400 1 +austenite T=——= — =
/ I [y -
1200 {{=Ferrite Ar 700
W ©
;5 1000 )
g -1500 5
S 800 _ s
g Ferrite + carbide g
2 600 =300 2
400
200 = 100
Carbon tool steel range
0 | T
0 02 04 06 08 10 12 14

Carbon content, %

Fig. 5-9 Fe-Cphase diagram showing maximum temperatures for austenitizing for hardening carbon tool steels

and, if high enough, may cause cracking, especially
in highly alloyed tool steels with high carbide con-
tents and low hot ductility and fracture resistance.
Preheating establishes uniform temperature
throughout a workpiece prior to heating to the final
austenitizing temperature and minimizes the ther-
mal shock and localized dimensional changes that
would develop on heating a cold workpiece directly
to the hardening temperature (Ref 4, 18).

Table 5-3 lists the recommended preheat tem-
peratures for various grades of tool steels. Not all
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tools require preheating. For example, small parts in
which temperature gradients on heating are mini-
mal, and parts with simple geometries that would
minimize stress concentrations due to section
changes, may not require preheating. In contrast,
high-speed tool steels hardened in salt baths may be
subjected to two preheating steps (Ref 19). As
shown schematically in Fig. 5-10, one of the preheat
steps is performed below the lower critical tempera-
ture, prior to austenite formation, and the other is
performed after austenite has formed, prior to heat-



ing to the final austenitizing temperature, which for
high-speed steels is quite high. Preheating and final
austenitizing are commonly accomplished in adja-
cent salt baths or furnaces set at the respective tem-
peratures, but depending on production require-
ments and grade of steel, may also be performed in
a single furnace (Ref 6). Figure 5-10 also shows that
three tempering treatments, as discussed later in this
chapter, can be applied to high-speed steels.

Austenitizing for hardening must accomplish
several critical functions for the subsequent quench-
ing and tempering heat treatment stages:

«  Establish the volume fraction of undissolved alloy
carbides that will contribute to wear resistance

«  Adjust the chemistry of the austenite to provide the
required M temperature, and thus a reasonable bal-
ance of martensite and austenite after quenching

«  Adjust the chemistry of the austenite to provide the
required hardenability in order to maximize the
amount of martensite formed on quenching or cool-
ing from the austenitizing temperature

. Adjust the chemistry of the austenite in order to
dissolve sufficient alloying elements, which on
quenching will be placed in supersaturation in the
martensite and thus be available for precipitation
and secondary hardening during tempering

«  Control austenitic grain size to prevent coarsening
and associated impaired fracture resistance

Remarkably, all of these very critical functions
are accomplished during a single heating in the
temperature ranges recommended for hardening the
specific grades of tool steels. The key to successful
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austenitizing is to control the extent of alloy carbide
dissolution as the tool steel composition approaches
equilibrium at high temperatures. As alloy carbides
dissolve, the alloying elements and carbon, which
once made up the carbides, partition into the
austenite. Thus, not only is the volume fraction of
the carbides controlled, but also the chemistry of the
austenite, which controls hardenability, M; tem-
peratures, retained austenite content, and secondary
hardening potential.

Austenite Composition,
Mg Temperatures,
and Retained Austenite

The effect of austenite carbon content on M tem-
peratures has been illustrated in Chapter 4. Alloying
elements also strongly influence Mg temperatures,
as shown in Eq 5-1 (Ref 20):

Ms(C) =539 -423C-304 Mn~121Cr- 177 Ni - 75 Mo
(Eq 5D

Equation 5-1 was developed for steels containing up
t0 0.6% C, 4.9% Mn, 5% Cr, 5% Ni, and 5.4% Mo.
Similar equations have been developed by other
investigators (Ref 2). For example, Payson and Sav-
age (Ref 21) have developed an equation that also
includes factors for silicon and tungsten. Although
Eq 5-1 has not been specifically developed for tool
steels, it and similar equations invariably show the
powerful effect of carbon on Mg temperatures and
that all alloying elements commonly used in steels,
with the possible exception of cobalt, lower Mg
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Fig. 5-10 schematic diagram of high-speed tool steel hardening heat treatment steps. Two stages of preheating are shown.

Source: Ref 19
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temperatures. As a result, in addition to carbon con-
tent, the higher the alloying element content of
austenite, the lower the M; temperatures and the
greater the amount of retained austenite at room
temperature. Thus, as austenitizing temperature is
increased and the austenite composition is enriched
with carbon and other alloying elements as carbides
dissolve, less martensite is formed on cooling to room
temperature. Figure 5-11 shows the effect of austeni-
tizing temperature on M; and retained austenite con-
tentina 1.1% C-2.8% Cr steel (Ref 22). Austenitiz-
ing temperature has a strong effect on martensite
transformation kinetics, and the data shown in Fig.
5-11 confirm the need in this steel to maintain rela-
tively low intercritical austenitizing temperatures
for hardening. At such temperatures, significant
amounts of carbon and chromium are still combined
in the form of spheroidized carbides, and almost
complete transformation to martensite occurs on
cooling to room temperature.

Figure 5-12 shows how variations in austenitiz-
ing temperature of A2 tool steel (1% C, 5% Cr, and
1% Mo) affect not only as-quenched hardness but
also hardness levels achieved by subzero cooling
and tempering (Ref 4). Again, the effects shown are
a direct result of increasing austenitizing tempera-
ture and the enrichment of austenite as the alloy
carbides dissolve. When the steel is austenitized at
950 °C (1740 °F), the recommended austenitizing
temperature for A2 steel, the as-quenched hardness
is a maximum because of almost complete transfor-
mation to martensite. Subzero cooling causes very
little change in hardness because very little
austenite is available to transform to martensite.
After austenitizing at successively higher tempera-
tures, retained austenite increases and as-quenched
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Fig. 5-11 Influence of austenitizing temperature on the
martensite transformation kinetics of a tool steel containing 1.1%
C and 2.8% Cr. Higher austenitizing temperatures lower M,
temperatures and increase the amount of austenite retained at
room temperature. Source: Ref 22
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hardness decreases. Subzero cooling in these speci-
mens effectively causes substantial amounts of re-
tained austenite to transform to martensite and sig-
nificantly increases hardness. With respect to
tempering, the higher austenitizing temperatures
cause greater dissolution of the alloy carbides and
greater supersaturation of the alloying elements
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Fig. 5-12 influence of austenitizing, subzero cooling, and
tempering temperature on hardness-of A2 tool steel. Source: Ref 4.



chromium and molybdenum in the martensite.
Therefore, a more intense secondary hardening re-
action at the higher tempering temperatures, where
chromium and molybdenum are able to diffuse and
precipitate as fine alloy carbides, occurs in the
specimens austenitized at high temperatures.

Austenite Grain Size
and Grain Growth

As austenitizing temperatures increase, austenite
crystal sizes or grain sizes increase. Although the
austenite transforms to martensite on quenching,
features of the austenite grain structure are carried
over into the tempered martensite. In particular, the
segregation of impurity elements and carbide for-
mation at coarse austenite grain boundaries may
cause intergranular fracture and lower toughness of
hardened steels. In order to recognize that it is
the vestiges of the high-temperature austenite
grain-boundary structure that affect properties in
fully hardened tool steels with tempered martensitic
microstructures, the high-temperature austenite
grain boundaries revealed by etching or fracture at
room temperature are sometimes referred to as
prior-austenite grain boundaries.

Similar to spheroidization, the thermodynamic
driving force for grain growth is reduction of inter-
facial energy, which in this case is the reduction of
grain-boundary energy that accompanies the re-
placement of fine grains by coarser grains. The
finest grains are always those that have formed just
after complete austenitization following the nuclea-
tion, growth, and impingement of austenite grains
during heating to and reaching the austenitizing
temperature. Grain growth in the absence of parti-
cles begins immediately and continues with increas-
ing time at temperature (Ref 7). However, in micro-
structures that contain second-phase particle
distributions, grain growth is retarded by the parti-
cles,

In low-alloy carbon steels, fine austenite grain
sizes are maintained by aluminum nitride precipi-
tates that pin the austenite grain boundaries. Thus,
grain growth does not begin immediately after
austenite formation, and a stable fine grain size is
maintained over a range of austenitizing tempera-
tures and times. However, at higher temperatures or
longer times, the aluminum nitrides coarsen and
dissolve, and rapid austenite grain coarsening may
occur. These fine-grained steels are the result of
aluminum deoxidation or killing during melting,
where some of the aluminum combines with oxygen
and floats out in the slag and some of the aluminum
remains in solution to eventually precipitate out as
aluminum nitride particles. In tool steels, the car-
bides that coexist with austenite serve a similar
function of grain size control. Equation 5-2 qualita-
tively relates a stable grain size, D, to characteristics

Principles of Tool Steel Heat Treatment

of a particle distribution that restrains grain growth
(Ref 23):

(Eq5-2)

where r is the radius of the particles and fis the volume
fraction of particles. Modifications of Eq 5-2 have been
developed (Ref 24), but the direct dependence of grain
size on particle diameter and its inverse dependence on
volume fraction remain the essential relationships of all
modified grain size equations.

In aluminum-killed steels, the volume fraction of
the aluminum nitride particles is very low, but the
particles are very fine, and therefore a fine stable
grain size is maintained. In tool steels, although
carbide particles may be quite coarse, the volume
fraction of carbides is high, and fine grain size is
maintained by virtue of high carbide volume frac-
tions. However, the carbide particle distributions
are a function of temperature, and at high tempera-
tures particles may coarsen and dissolve. In conse-
quence, austenite grain sizes coarsen drastically as
austenitizing temperatures increase and the particle
distributions lose their effectiveness in controlling
grain-boundary migration.

Figure 5-13 shows how austenite grain sizes in
various tool steels increase with increasing austeni-
tizing temperature. The grain sizes are plotted as a
function of the grain size estimated from fracture
surfaces by comparison to fracture surfaces of
specimens with known grain sizes. The smaller the
fracture grain size number, the finer the austenitic
grain size. For each type of steel, there is a range of
austenitizing temperatures where grain size is fine.
However, consistent with the dissolution of car-
bides with increasing temperature, grain coarsening
develops. Figure 5-11 shows that higher grain-
coarsening temperatures, the temperatures at which
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Fig. 5-13 Austenitic grain size as a function of austenitiz-
ing temperature for various tool steels
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rapid, discontinuous grain growth occurs, correlate
with the more highly alloyed tool steels, which have
more stable carbides and higher volume fractions of
carbides at high temperatures than do steels with
lower alloy contents.

Discontinuous grain coarsening is observed in
high-speed tool steels that have been doubly hard-
ened—that is, reaustenitized and hardened after a
previous austenitizing, quenching, and tempering
cycle (Ref 25, 26). This type of coarsening was
commonly observed, but the causes not understood,
prior to the 1950s. Austenite grains grew so large
that the shapes of the prior-austenite grains could be
readily observed on fracture surfaces with the un-
aided eye, and the appearance of the intergranular
fracture surfaces led to the term fish-scale fracture
to describe the coarse-grained fracture phenome-
non. Severe embrittlement accompanied the
grain coarsening. Figure 5-14 shows an actual
tracing of a very coarse grain, about 0.4 mm
(0.016 in.) in diameter, from a polished and
etched metallographic section of a specimen of
18-4-1 high-speed steel austenitized first at 1290
°C (2355 °F) and then reaustenitized at 1245 °C
(2275 °F) (Ref 26). The discontinuous growth of
this grain has replaced many fine grains the size of
the small grains in the surrounding matrix. The
cause of the coarsening was related to the rapid
dissolution of the very fine carbides produced dur-

ing previous hardening heat treatments. In contrast,
grain coarsening did not occur in annealed speci-
mens. The coarse carbides of the annealed micro-
structures resisted dissolution during the short-time,
high-temperature austenitizing used for high-speed
steels, leading to the recommendation that, if high-
speed tool steels must be rehardened, they should be
reannealed prior to the rehardening treatment.

Hardness and Hardenability

Hardness is the ability of a material to resist
indentation and is measured by a variety of stand-
ardized tests that define the size, shape, and hard-
ness of the indenter, and the load that is applied to
create the indentation (Ref 27). Hardness values are
then related to the length, width, or depth of the
indentation. In hardened steels, hardness is most
frequently measured with various loads on the
Rockwell C scale (HRC), which uses a diamond
cone indenter, or the Vickers hardness test (HV or
DPH), which uses a diamond pyramid indenter. Ta-
ble 5-4 gives equivalent hardness numbers for a
number of hardness tests. The Rockwell C tests are
valid only for measurements on higher-hardness
materials and are not valid below 20 HRC. Vickers
and Brinell (HB) hardness measurements are valid
not only for the HRC range but also for softer
materials such as tool steels in the annealed condition.

Fig. 5-14 Tracing of a very coarse austenite grain within a matrix of fine grains in a rehardened high-speed tool steel. 100x.

Source: Ref 26
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High hardness and microstructures that have high
hardness are the major objectives of the final heat
treatments applied to tool steels. Ideally, in plain
carbon and low-alloy steels, the highest hardness is
achieved by forming microstructures that consist
entirely of martensite. A completely martensitic
structure is unattainable, however, even if the trans-
formation of austenite to nonmartensitic micro-
structures can be suppressed. This is due to the
incorporation of second-phase particles, such as in-
clusions and carbide particles that are not dissolved
during austenitizing. Also, as carbon content in-
creases, the amount of retained austenite increases.

Figure 5-15 shows hardness as a function of car-
bon content for various microstructures that result
from the transformation of austenite and various
heat treatments of carbon steels (Ref 28, 29). The
highest hardness of any steel is associated with
martensitic microstructures (with qualifications, as
discussed), and the effect of large amounts of re-
tained austenite in high-carbon steels is indicated by
the cross-hatched region. The lowest hardness is
associated with microstructures consisting of ferrite
and spheroidized carbides produced by the anneal-
ing treatments described earlier. If the austenite
transforms to microstructures such as ferrite, pear-
lite, or bainite, hardness will be lower than that of a
martensitic microstructure, Also, as indicated in
Fig. 5-15, tempered martensitic microstructures
have lower hardness than as-quenched martensitic
microstructures. The latter observation holds for
plain carbon and low-alloy steels. In highly alloyed
tool steels, as discussed later, tempering may pro-
duce hardnesses that exceed even those of fully
martensitic microstructures.

Hardness is related to chemical composition,
crystal structure and perfection, and the size and
distribution of the various phases that make up the
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Fig. 5-15 Hardness of various microstructures as a func-
tion of carbon content in steels. The cross-hatched area indicates
variations due to retained austenite. Source: Ref 28 and 29
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microstructure. High hardness correlates with high
resistance to slip and dislocation motion, high
work-hardening rates, and high strengths. For ex-
ample, Table 5-4 shows correlations of hardness
with ultimate tensile strength., In martensite, the
carbon-dependence of the high hardness of marten-
site is attributed to carbon atoms trapped in the
octahedral interstitial sites of the martensitic crystal
structure, as shown in Chapter 4 (Ref 30). Other
contributing factors to the strength of martensite are
the dislocation substructure of the martensite, dy-
namic interactions of carbon atoms with disloca-
tions during strain hardening (Ref 31), and, in
martensite tempered at low temperatures, the effect
of fine transition carbide particles that precipitate
from martensite supersaturated with carbon (Ref
32). Carbon, therefore, by its interaction with
other structural elements of a martensitic micro-
structure, is the dominant factor controlling the
strength of martensite. Substitutional alloying
elements have a relatively small effect on the
martensite strength.

Hardness, as discussed, is a measure of the
strength of a microstructure and, in the context of
heat-treated steels, is taken to be a measure of the
strength of martensitic microstructures and the suc-
cess of the hardening process. Hardenability refers
to the ability of a given steel to form martensite,
which in the context of heat-treated steels equates to
the ability of a steel to form microstructures of the
highest possible hardness. A comprehensive defini-
tion states: “Hardenability is the capacity of steel to
transform partially or completely from austenite to
some percentage of martensite at a given depth
when cooled under some given conditions” (Ref
33). There are many parts to this definition. The
reference to steel implies a given chemical compo-
sition and microstructural condition as produced by
austenitizing. The incorporation of partial transfor-
mation to martensite leaves open the possibility of
establishing hardenability criteria related to less
than complete martensite formation. In this regard,
the widely used Bain and Grossmann hardenability
system assumes full hardening with only 50%
martensite (Ref 34). Finally, the definition indicates
that cooling conditions influence martensite forma-
tion. The latter consideration relates factors such as
quenching media, quenching effectiveness, and sec-
tion size to the diffusion-controlled transformations
of austenite that compete with martensite formation.

In order to compare the hardenabilities of steels
as a function of composition, the Bain and Gross-
mann system removes the variations due to cooling
in various media by establishing the concept of the
ideal diameter. The ideal diameter, Dy, of a steel is
the diameter of a bar that hardens to 50% marten-
site in an ideal quench where the surface of the bar
is assumed to cool instantly to the temperature of
the quenching medium. Thus, the larger the ideal
diameter, the higher the hardenability of the steel,



independent of the technological factors that affect
quenching.

Hardenability is a function of carbon content,
austenitic grain size, and alloy content, and Fig.
5-16 and 5-17 show how these parameters are used
to calculate ideal diameters. First, an ideal diameter
based on steel carbon content and austenitic grain
size is selected from Fig. 5-16, and then multiplying
factors for the amounts of the various alloying ele-
ments are selected from Fig. 5-17. The ideal diame-
ter from Fig. 5-16 is then multiplied by the factor for
each alloying element to determine the final Dj.
Critical diameters—the size of bars that will harden
to 50% martensite in a given quenching medium—
can then be determined for various quench severi-
ties (Ref 2, 34). As the composition axes of Fig. 5-16
and 5-17 show, the Bain/Grossmann system for evalu-
ating hardenability is applicable to medium-carbon
steels with relatively low alloy contents.

Diffusion-Controlled Phase
Transformations of Austenite

Hardenability is directly related to the diffusion-
controlled transformations of austenite that com-
pete with the transformation of austenite to marten-
site. These transformations include the transformation
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of austenite to proeutectoid ferrite and cementite,
pearlite, and bainite. The atomic mechanisms by
which these transformations proceed, and the mi-
crostructures and properties that result from the
various phase transformations, have been the sub-
ject of continuous research, and the reader is re-
ferred to the literature for in-depth coverage of dif-
fusion-controlled austenite transformations (Ref
35-39). Similarly, the coupling of the isothermal
and continuous cooling kinetics of the various dif-
fusion-controlled transformations to the hardenabil-
ity of carbon steels has been the subject of extensive
research, especially in medium-carbon, low-alloy
hardenable steels (Ref 2, 33, 34, 40). This section
briefly reviews some of these concepts and de-
scribes the microstructural appearance of the prod-
ucts of diffusion-controlled transformation of
austenite. The role that diffusion-controlled phase trans-
formations play relative to the hardenability of high-car-
bon and alloy tool steels is then emphasized.

The Fe-C phase diagram, Fig. 5-3, and the related
discussion of normalizing heat treatments, show
that in hypereutectoid steels—that is, steels with
higher carbon content than the eutectoid carbon
concentration—cementite first forms on austenite
grain boundaries during cooling. Since the cemen-
tite forms prior to the eutectoid reaction, it is re-
ferred to as proeutectoid cementite. Similarly, in
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Fig. 5-16 Hardenability expressed as ideal critical diameter, as a function of austenite grain size and steel carbon content.
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low-carbon, hypoeutectoid steels, proeutectoid fer-
rite forms on austenite grain boundaries during
cooling prior to eutectoid transformation. Diffusion
of carbon from the austenite to growing grain-
boundary cementite is required because of the high
carbon content of the cementite, and for proeutec-
toid ferrite formation, because of its very low solu-
bility for carbon, carbon must diffuse away from the
growing ferrite grains into the adjacent austenite.

As a result of the enrichment of the carbon in
austenite adjacent to proeutectoid ferrite in hy-
poeutectoid steels and the depletion of carbon in
the austenite adjacent to proeutectoid cementite
in hypereutectoid steels, eventually the carbon
content of the austenite—regardless of the carbon
content of the starting austenite—approaches the
eutectoid composition. At this point, with further
removal of heat, the austenite transforms to a
lamellar mixture of ferrite and cementite referred
to as pearlite. This solid-state reaction in Fe-C
alloys is written:

Austenite (0.77C) «» Ferrite (0.02C) + Cementite (6.67C)
(Eq 5-3)

and occurs at 727 °C (1340 °F) under equilibrium
conditions. Equation 5-3 shows that considerable
partitioning of carbon by diffusion between the
various phases is required for pearlite formation.
Alloying will significantly change the equilibrium
austenite compositions and temperatures for the eu-
tectoid reaction, as has been shown in Chapter 4.

Figure 5-18 shows two light micrographs of pear-
lite microstructures. Figure 5-18(a) shows alternat-
ing ferrite (white) and cementite (gray) lamellae in
the pearlitic microstructure of a 52100 steel, and
Fig. 5-18(b) shows dark colonies of pearlite in a
4150 steel. In the latter micrograph, the ferrite and
cementite lamellae are too closely spaced to be re-
solved in the light microscope; therefore, the pearli-
tic structure appears uniformly dark. Pearlite inter-
lamellar spacing is a function of transformation
temperature and decreases with decreasing tempera-
ture as undercooling enables more lamellae to be
nucleated. As a result of the finer spacing and re-
duced diffusion distances, growth rates of pearlite
increase with decreasing temperature despite the
fact that carbon diffusion decreases with decreasing
temperature.

If the transformation of austenite is suppressed to
increasingly lower temperatures, the short-range
iron atom diffusion at the austenite/pearlite inter-
face that is required to transform the fcc austenitic
crystal structure to crystal structures of ferrite and
cementite is suppressed, and the mechanisms that
form the characteristic morphology of spherical
pearlite colonies can no longer operate. The result is
formation of bainite, a nonlamellar mixture of fer-
rite and cementite. In contrast to the roughly spheri-
cal colonies of pearlite, bainite assumes a more
regular, needlelike morphology.

Two morphologies of bainite in medium- and
high-carbon steels are- recognized. Upper bainite,
(Fig. 5-19) forms in blocks of parallel ferrite crys-
tals with intervening cementite crystals (Ref 41).
Often, except for the general parallel morphology,
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the ferrite and cementite crystals are too fine to be
resolved in the light microscope. Lower bainite, as
shown in Fig. 5-20 for a 1.1% C steel (Ref 42),
consists of irregularly arranged ferrite needles or
plates containing very fine cementite particles
within the needles. Again, the fine carbides in lower
bainite are not resolvable in the light microscope,
and TEM (Fig. 5-20a) must be used to show the very
fine intracrystalline carbides characteristic of lower
bainite.

In summary, as the austenite transformation tem-
perature decreases, or as cooling rates increase, the
austenite transformation products shift from proeu-
tectoid ferrite or cementite, to pearlite, to upper
bainite, to lower bainite. The microstructures be-
come finer with decreasing temperature, or with
increasing cooling rates, as carbon diffusivity de-
creases. Consistent with the finer structures, hard-
nesses of the austenite transformation products tend
to increase with decreasing transformation tempera-
ture. Eventually, if the diffusion-controlled trans-
formations of austenite can be suppressed to low
enough temperatures, either by rapid cooling or by
alloying, diffusion effectively ceases and the
austenite must transform to martensite by the diffu-
sionless shear mechanism described in Chapter 4.

Transformation Diagrams,
Jominy Curves, and
Hardenability: General
Considerations

Depending on alloy content, each steel has a unique
set of kinetics, or time-temperature-dependent rates,
at which austenite transforms to microstructures
produced by the various diffusion-controlled trans-
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formations of austenite. These kinetics are empiri-
cally characterized by isothermal transformation
(IT) and continuous cooling transformation (CCT)
diagrams. Hardnesses of the microstructures pro-
duced by arange of cooling rates are determined by
Jominy end-quench testing, and these results are
used to produce hardenability bands for a given
steel grade.

Figure 5-21 shows the interrelationships
among the various approaches used to charac-
terize diffusion-controlled transformations in me-
dium-carbon, low-alloy steels (Ref 43). Isothermal
transformation diagrams are experimentally deter-
mined by cooling austenite to temperatures below
the A3 or A_, temperatures, and holding at those
temperatures. Then the progress of the austenite
transformation at constant temperatures as a func-
tion of time is followed by dilatometry or metal-
lography. In order to use the metallographic
method, specimens must be quenched from the tem-
perature of interest after various times and exam-
ined to show the time-dependent increases in the
amounts of proeutectoid ferrite or cementite, pear-
lite or bainite, depending on the temperature range
transformation. The IT diagram in Fig. 5-21 is
shown by the dashed curves, which mark the begin-
ning and ending times for the various transforma-
tions at various temperatures.

Continuous cooling transformation diagrams are
determined by cooling specimens at various rates
from a given austenitizing temperature. Tempera-
ture and the dimensional changes that mark the
volume increases caused by austenite transforma-
tion are monitored continuously as a function of
cooling, and the hardnesses of fully transformed
specimens, which often may consist of a mixture of
microstructures, are often recorded on the diagrams.

(a)

(b)

Fig. 5-18 Pearlitic microstructures in 52100 steel (a) and 4150 steel (b). In the 52100 steel the roughly paraliel lamellae of
peatriite are resolved, but in the 4150 steel the interlamellar spacing is too fine to be resolved in the light microscope. Light micrographs.

Courtesy of K. Hayes and F.A. Jacobs
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The solid curves in Fig. 5-21 represent the CCT
diagram. Also included are several cooling curves
and the hardness values of the microstructures pro-
duced by those cooling rates. The CCT diagram is
shifted to lower temperatures and longer times than
the IT diagram because of reduced time at any tem-
perature for the nucleation and growth of the diffu-
sion-controlled transformation products.

The standardized Jominy end-quench test con-
sists of quenching only one end of an austenitized
1 in. (25 mm) diam specimen with a column of
water (Ref 44, 45) and then measuring hardness as
a function of distance from the quenched end. As a
result, a single specimen is subjected to a range of
cooling rates, from that of water quenching to air

Fig. 5-19 Upper bainite colonies, which appear as dark-
etching rectangular areas, in a 4150 steel. Each colony is
composed of many parallel |athlike crystals of ferrite with ce-
mentite particles between the ferrite laths. Light micrograph.
Courtesy of F.A. Jacobs

(a)

cooling, and effectively all the microstructures of a
large part of the CCT diagram are reproduced in a
single specimen. Thus, the water-quenched end will
have high hardness, corresponding to the martensi-
tic microstructure characteristic of the carbon con-
tent of the steel, and the hardness will gradually
decrease as mixtures of lower-strength micro-
structures successively replace martensite with in-
creasing distance from the quenched end. Figure
5-21 demonstrates the relationship of Jominy test-
ing to the CCT diagram.

Each grade of hardenable steel is manufactured to
a specification that establishes the allowable range
of chemical composition. Therefore, different heats
of steel of a given grade will have somewhat differ-
ent Jominy hardness profiles. The allowed ranges of
hardness curves for a given grade of steel then make
up hardenability bands, which specify allowable
variations in hardenability for that grade. Figure
5-22 shows the hardenability curves for SAE/AISI
4140H steel (Ref 46). Extensive collections of har-
denability curves exist for medium-carbon, plain
carbon, and low-alloy steels (Ref 46), and an atlas
of time-temperature IT and CCT diagrams for irons
and steels has recently been published (Ref 47).

Transformation Diagrams,
Jominy Curves, and
Hardenability: Tool Steels

The high carbon and alloy concentrations of most
tool steels cause significant differences in austenite
transformation behavior and hardenability com-
pared to those characteristics in the lower-carbon,
lower-alloy steels described in the previous section.
Figures 5-23 to 5-25 show IT diagrams for H-13,

(b)

Fig. 5-20 Lower bainite in a 1.10% C steel. (a) Light micrograph showing shape and distribution of bainitic plates. (b) TEM
micrograph showing fine carbide particles within a bainitic plate. Courtesy of M. Oka and H. Okamoto
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A-10, and T1 tool steels, respectively (Ref 48, 49).
The high alloy contents of these steels dramatically
increase the times for isothermal transformation
compared to low-alloy steels, and thus substantially
increase hardenability. The need for the substitu-
tional alloying elements, with their sluggish rates of
diffusion, to partition between the various phases dur-
ing austenite decomposition greatly increases the incu-
bation times for detectable amounts of transformation
products and substantially reduces the rates of the
diffusion-controlled transformations.

Each of the tool steels shows three major regions
of transformation. At high temperatures, proeutec-
toid cementite is the first transformation product,
followed by a C-curve for pearlite formation or, in
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the case of the T1 steel, for the formation of a
mixture of spheroidized ferrite and alloy carbide
particles. At lower isothermal transformation tem-
peratures, just above M there are C-curves for the
time-dependent transformation of austenite to
bainite. Finally, all the diagrams show the region of
martensite formation and estimates of the amount of
martensite formed as a function of temperature. At
intermediate transformation temperatures, effec-
tively no transformation occurs, even after many
hours of holding.

The very high hardenability of the highly alloyed
tool steels makes the results of Jominy testing unin-
formative, since the austenite transforms to marten-
site at all cooling rates achievable in a Jominy speci-
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men. However, in tool steels of lower alloy content,
Jominy curves do provide information. For exam-
ple, Fig. 5-26 shows Jominy curves for an L2
special-purpose tool steel austenitized at three dif-
ferent temperatures. The higher the austenitizing
temperature, the higher the hardness of the marten-
site and the better the hardenability. These changes
correlate with increasing amounts of carbon and
alloying elements taken into solution in austenite at
the higher austenitizing temperatures as alloy car-
bides increasingly dissolve. The Jominy curves
show that hardness increases as martensite is re-
placed by bainitic microstructures. However, speci-
mens austenitized at higher temperatures show
hardness peaks at distances from the quenched end
associated with lower cooling rates. These hardness
peaks are related to formation of pearlite with very
fine interlamellar spacing.

Many IT diagrams for tool steels are given in the
literature (Ref 47), but fewer CCT diagrams. Figure
5-27 shows examples of CCT diagrams for a hot-
work die steel H13 austenitized at 1030 and 1100 °C
(1885 and 2010 °F). The same transformation re-
gions as in the IT diagram of H13 in Fig. 5-23 are
shown; the major effect of austenitizing temperature
is to change the kinetics of proeutectoid carbide

formation. The higher austenitizing causes greater
dissolution of carbides in the austenite and pro-
motes grain-boundary carbide formation on cool-
ing.

Jatczak (Ref 50) has extended the Bain and
Grossmann system of characterizing hardenability
by ideal critical diameters to high-carbon steels con-
taining 0.60 to 1.10% C. A major difference in the
factors that control hardenability in high-carbon
steels, compared to medium-carbon steels, is the
much greater role that undissolved carbides play in
the high-carbon steels. When carbides are present,
grain size variations as a function of austenitizing
temperature are reduced, and hardenability is a
function of the degree to which alloying elements
are tied up with carbide particles. Figure 5-28 shows
multiplying factors for carbon as a function of
austenitizing temperature in high-carbon steels rela-
tive to medium-carbon steels. The multiplying fac-
tors increase with austenitizing temperature, but for
a given temperature decrease with increasing car-
bon content because of increasing carbide stability.
Figures 5-29 and 5-30 show the multiplying factors
for high-carbon steels austenitized at 830 and 927
°C (1525 and 1700 °F), respectively. The lower
austenitizing temperature is in the austenite-carbide
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two-phase field and is frequently used to reduce
retained austenite content and improve toughness in
high-carbon tool and bearing steels, while the
higher austenitizing temperature is commonly used
for carburizing, and specimens may be directly
quenched from this temperature. Figures 5-29 and

5-30 show the effectiveness of molybdenum in pro-
moting hardenability; in view of its strong carbide-
forming tendency, its effectiveness is quite sensitive
to austenitizing temperature. Silicon in molybde-
num-containing steels, as indicated by the curves
identified by Si* in Fig. 5-29 and 5-30, is also very
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effective in promoting hardenability, especially in sitic transformation products of low hardness might
steels austenitized at 925 °C (1700 °F). form. To evaluate the hardenability of such deep-

Jatczak has also studied the hardenability of hardening steels, Jatczak developed an air har-
highly alloyed tool steels that are capable of air denability test bar, lin. (25 mm) in diam, which is
hardening (Ref 51). Despite such high hardenabil- partially inserted into a 6 in. (152 mm) diam bar
ity, in very heavy sections of air-hardenable steels (Fig. 5-31). The entire assembly is austenitized and

cooling rates could be so slow that some nonmarten- cooled in still air; the cooling rates achieved range
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from essentially that of the air-cooled end of a
standard Jominy test to very low rates in the portion
of the test bar inserted in the large round. Figure
5-32 shows the results of testing four air-hardenable
cold-work die steels by the air-hardenability test.
The significant differences in the hardenability of
these steels would not be detectable by standard
Jominy testing.

Martensite Transformation
Kinetics and Stabilization

The transformation of austenite to martensite in
steels, to a first approximation, is a function only of
decreasing temperature. Such time-independent
transformation kinetics are referred to as athermal;
that is, they occur without thermal activation, in
contrast to thermally activated diffusion-controlled
transformations. Equation 5-4 describes the ather-
mal formation of martensite:

f=1-exp—(1.10x 102 AT) (Eq5-4)
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where fis the volume fraction of martensite and AT is the

undercooling below M; in degrees centigrade (Ref 52).
Thus, when the M temperature is known or can be
calculated—for example, from Eq 5-1—only the tem-
perature to which the steel is quenched, independent of
time, determines the amount of martensite formed.

Figure 5-33 shows the amounts of austenite and
martensite formed as a function of temperature for
a low-alloy tool steel. The solid curves represent the
progress of martensite formation during continuous
cooling from two austenitizing temperatures, 845
and 1010 °C (1550 and 1850 °F). The M for the
specimen austenitized at 1010 °C (1850 °F) is lower
than that of the specimen austenitized at 845 °C
(1550 °F), because of, as discussed earlier, the
greater dissolution of carbides and the correspond-
ing enrichment of the austenite with carbon and
other carbide-forming elements. The lower M; tem-
perature, as shown by Eq 5-1, results in a smaller
amount of martensite in the 1010 °C (1850 °F)
specimen at room temperature, compared to the
amount in the specimen austenitized at 845 °C
(1550 °F). However, further cooling below room
temperature of both specimens causes additional
transformation of austenite to martensite.

The dashed line in Fig. 5-33 shows that if cooling
is interrupted by quenching to 70 °C (160 °F) and
holding for 30 min. before continued cooling, the
martensitic transformation ceases until some lower
temperature is reached. This phenomenon, a retar-
dation of the athermal transformation kinetics of
austenite to martensite, is known as stabilization
and occurs during slow cooling (for example, dur-
ing oil quenching as compared to water quenching)
or when cooling is interrupted. Figure 5-34, present-
ing another example of stabilization, shows that the
effect of interrupted cooling is a function of time at
the hold temperature (Ref 53). The mechanism of
stabilization has been attributed to stress relaxation
or strain aging (i.e., the diffusion of carbon atoms to
potential sites of martensite plate nucleation) during
isothermal holding (Ref 54, 55). A study involving
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an Fe-19Ni-0.5C alloy showed that stabilization de-
velops over an aging temperature range of 300 to
~78 °C (570 to —108 °F) and concluded that several
mechanisms must be responsible for stabilization
over this temperature range (Ref 55).

Although athermal transformation of austenite to
martensite is the dominant mode of martensite for-
mation in steels, isothermal transformation is also
sometimes observed. In Fe-Ni-Cr and Fe-Ni-Mn
alloys, which have M; temperatures below room
temperature, the isothermal transformation of
austenite to martensite occurs as a function of time
with C-curve kinetics, as shown in Fig. 5-35 (Ref
56). The isothermal transformation in these alloys is
attributed to the thermal activation of small marten-
site nucleation sites or embryos for the nucleation of
stable martensite crystals (Ref 57, 58).

Measurements and models of martensite transfor-
mation kinetics, primarily in alloys with subzero M,
temperatures, have recently been comprehensively
reviewed by Raghavan (Ref 59). This author also
describes a third type of transformation Kkinetics,
termed burst kinetics, where large amounts of trans-
formation occur at a single temperature. This type
of kinetics occurs in Fe-Ni and Fe-Ni-C alloys with
subzero M temperatures and is dependent on the
dynamic nucleation of martensite plates by other
plates, a process termed autocatalysis.

Isothermal martensite formation has also been
documented in high-carbon steels. Okamoto and
Oka (Ref 60, 61) have characterized the morphol-
ogy, crystallography, and isothermal transformation
kinetics of two types of martensite in steels contain-
ing 1.10 to 1.8% C. Based on morphology, one type
is identified as thin plate isothermal martensite
(TIM) and the other as lenticular isothermal marten-
site (LIM). The TIM may become the nucleus of
lower bainite, which is then termed lower bainite
with midrib (LBm), or the nucleus of LIM, depend-
ing on the transformation temperature. Figure 5-36
shows an IT diagram that identifies the kinetics and
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transformation temperature ranges for the various
bainitic and martensitic transformation products in
an Fe-1.80C alloy (Ref 60).

Tempering

Tempering, the final heat treatment step applied
to tool steels, is defined as the heating of a marten-
sitic or hardened steel to some temperature below
the A; temperature; this step produces the final
structure and mechanical properties of a hardened
steel. The preceding austenitizing and quenching
steps of hardening are designed to produce the
as-quenched microstructures that can be tailored by
tempering to produce the desired performance of a
given tool steel. As-quenched microstructures con-
sist of martensite and retained austenite, produced
by cooling through the M, from the austenitizing
temperature, and alloy carbides retained during
austenitizing. The martensite is unstable, in view of
the high dislocation density or twin substructure
formed as a result of the shear transformation from
austenite, and is supersaturated with respect to both
carbon and alloying elements at whatever levels
were produced in the austenite after chemical parti-
tioning between the austenite and retained carbides
during austenitizing.

In carbon and low-alloy steels, the primary pur-
pose of tempering is to raise the toughness and
fracture resistance of hardened steels from the very
low values characteristic of as-quenched marten-
site. In more highly alloyed tool steels, tempering
can be used not only to increase hardness but also to
produce a dispersion of stable alloy carbides resistant
to coarsening during exposure to heating. Such coars-
ening would lower hardness and limit tool life during
high-speed machining or high-temperature forging.

Figure 5-37 shows schematically hardness as a
function of tempering temperature, assuming a con-
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Fig. 5-31 Air-hardenability test bar developed by Jatczak. Source: Ref 51
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stant time, or as a function of a tempering parameter
that includes both tempering temperature and time
as variables for four classes of tempering behavior.
Class 1 behavior is typical of carbon and low-alloy

Air-hardenability data

steels. Hardness decreases continuously with in-
creasing tempering; concurrently, toughness in-
creases—except in certain temperature ranges
where embrittlement phenomena develop (Ref 2).

Distance from end of air-hardenability bar, in.

Fig. 5-32 Resuits of air-hardenability testing of four air-hardening cold-work die steels. Source: Ref 51
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Class 2, 3, and 4 tempering behaviors are associ-
ated with various grades of alloy tool steels. Class 2
represents the medium- to high-alloy cold-work die
steels in which carbide precipitation and accompa-
nying softening are retarded by the alloy additions.

Principles of Tool Steel Heat Treatment

Many steels with low to medium alloy additions
have curves between those shown for classes 1 and
2. Class 3 tempering behavior is typical of the
highly alloyed high-speed steels that undergo sec-
ondary hardening, a precipitation hardening associ-
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steel. Source: Ref 53

Fig. 5-35 1T curves for martensite formation in an Fe-
23Ni-3.6Mn alloy. Curves are identified by the percentage of
martensite formed. Source: Ref 56
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ated with the precipitation of alloy carbides in tem-
pered martensite. The precipitation of high densities
of fine alloy carbides not only retards softening but
may also increase hardness to levels equal to or
exceeding those in the untempered condition. Class
4 behavior is representative of medium- to high-alloy
hot-work die steels in which secondary hardening de-
velops, but the overall hardness is lower than class 3
because of the lower carbon content of ihese steels.
The high defect density and supersaturation of
as-quenched martensite provide the thermodynamic
driving forces for a number of time-temperature-de-
pendent microstructural changes during tempering.
Also, retained austenite is unstable below A; and
must therefore transform during tempering. Eventu-
ally, the most stable structure that can be developed
by tempering is a spherical dispersion of coarse
carbides in a matrix of ferrite. However, before this
state is reached, many finer dispersions of carbides
develop in tempered martensite. The finer disper-
sions are a result of kinetic limitations associated
with short diffusion distances related to low tem-
peratures or the low diffusivity of alloying ele-
ments. In order of increasing tempering tempera-
ture, assuming a constant time of tempering, the
following microstructural changes evolve:

«  Carbon atom rearrangement in martensite crystals
(Al,...)

«  Transition iron carbide precipitation in martensite
crystals (T1)

«  Transformation of retained austenite (T2)

«  Cementite precipitation and lowering of martensite
tetragonality to produce a bec ferritic matrix of
tempered martensite (T3)

«  Precipitation of alloy carbides (T4)

These microstructural changes, and the mecha-
nisms by which they develop, have been of great
interest relative to their importance in creating the
final service microstructures of hardened steels.
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Fig. 5-36 IT curves for LM, TIM, and LBm in an Fe-
1.80C steel. Source: Ref 60
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Consequently, there are a number of good reviews
and summaries of tempering reactions and struc-
tures (Ref 62-67). The remainder of this section
briefly reviews selected aspects of the changes that
evolve during tempering.

Carbon atom rearrangement may take the form of
carbon atom segregation to dislocations and marten-
site crystal boundaries, clustering of small groups of
carbon atoms, development of modulated clusters
of carbon atoms on {102} crystal planes of marten-
site, or the long-period ordering of carbon atoms.
These changes occur around room temperature (in
the range of —40 to 100 °C (-40 to 210 °F) and are
due to the ability of the small interstitial carbon
atoms to diffuse at these temperatures. However,
despite the ability to diffuse, the diffusion distances
in this temperature range are very short, and the
resulting structures due to carbon rearrangement are
very fine. High-resolution TEM and electron dif-
fraction have been used to identify the structures
produced by carbon atom rearrangement, and elec-
trical resistivity changes have been used to follow
the kinetics of the rearrangements.

The carbon atom rearrangements occur at tem-
peratures below commercial tempering temperature
ranges. Therefore, it has been suggested that the
various rearrangements be referred to as aging reac-
tions (A1, A2, ...) (Ref 65) in order to distinguish
them from the tempering reactions or stages (T1,
T2, ...) that are commercially used to adjust micro-
structure and properties during tempering. The base
for characterizing and classifying the various tem-
pering reactions in hardened carbon steels was es-
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Fig. 5-37 Schematic diagram of hardness versus tem-
pering temperature (assuming constant time at each tempera-
ture) or versus a time-temperature tempering parameter for four
major types of tempering response in tool steels



tablished by a series of papers written by Cohen and
colleagues in the 1950s (Ref 68-71).

The first stage of tempering, T1, consists of the
precipitation of transition carbide particles at tem-
peratures between 100 and 200 °C (210 and 390 °F).
The crystal structure of the transition carbide was
first identified as hexagonal, and the carbide was
termed epsilon-carbide (e-carbide) in order to dif-
ferentiate it from cementite or 6-carbide (Ref 72).
More recently, the crystal structure of the transition
carbide was identified as orthorhombic and termed
eta-carbide (n-carbide) (Ref 73). The diffraction
patterns that identify the diffracting crystal planes
of structure can be readily indexed as either hexago-
nal or orthorhombic, and identification of the struc-
ture must be resolved by future work.

The transition carbides precipitate within marten-
site crystals as rows of very fine particles, only 2 to
4 nm in size. Not all of the carbon supersaturation
of the martensite is relieved by the transition car-
bide precipitation, and the martensitic matrix is es-
timated to retain about 0.25 wt% C in solution. The
first stage of tempering improves toughness,
but hardness decreases only slightly from that
of as-quenched martensite. High hardness and
strength are maintained because the low tempering
temperatures limit the size of the transition carbide
particles and cause little change in the dislocation
substructure of the as-quenched martensite. The
transition carbides have been estimated to have
compositions between Fe, 4C (Ref 72) and Fe,C
(Ref 73); no substitutional alloying elements, be-
cause of their very sluggish diffusion in the tem-
perature range of the first stage, are associated with
the formation of the transition carbides.

The second stage of tempering, T2, consists of
the transformation of retained austenite to mixtures
of ferrite and cementite, and for tempering times on
the order of 1 h, occurs in carbon and low-alloy
steels at temperatures between 200 and 350 °C (390
and 660 °F). This diffusion-controlled reaction is
characterized by an activation energy of 113 kJ/mol
(27 kcal/mol), consistent with the activation energy
for the diffusion of carbon in austenite. The carbides
formed are much coarser than the transition car-
bides and are responsible for a decrease in tough-
ness referred to as tempered martensite embrittle-
ment (Ref 2),

In highly alloyed tool steels, the retained
austenite is much more stable than in low-alloy
steels. As a result, the diffusion-controlled transfor-
mation of retained austenite is shifted to higher
tempering temperatures. Figure 5-38 shows hard-
ness changes and changes in the amount of retained
austenite in A2 tool steel as a function of tempering
temperature (Ref 74); it is apparent that some
austenite is retained to quite high temperatures.
Similar to hardened carbon and low-alloy steels, the
more highly alloyed austenite may transform to
bainitic mixtures of carbides and ferrite. However,
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depending on alloying, another mechanism of
austenite transformation during tempering of tool
steels consists of austenite transformation to
martensite on cooling after tempering.

Figure 5-39 shows length changes as a function
of tempering temperature, obtained by dilatometric
analysis, of an M2 tool steel heated three times to
tempering temperatures of either 540 or 570 °C
(1000 or 1060 °F) (Ref 75, 76). Prior to tempering,
this steel contained about 30 vol% retained
austenite. Strong indications of the volume changes
associated with martensite formation are noted after
cooling from the first tempering treatment, only
small indications during the second tempering, and
no indications after the third tempering. Martensite
formation after tempering is attributed to alloy car-
bide precipitation in the austenite during tempering
for secondary hardening. As a result of the reduced
carbon and alloy content of the retained austenite,
M; temperatures increase and martensite forms on
cooling to room temperature.

Whether the austenite transforms to coarse car-
bides at the tempering temperature or to untempered
martensite on cooling after tempering, either condi-
tion increases the sensitivity of a tool steel to brittle
fracture. As a result, double and triple tempering
treatments are applied to secondary-hardening tool
steels, either to spheroidize coarse carbides or to
temper the untempered martensite formed after the
first or second tempering treatments.

The third stage of tempering, T3, consists of the
precipitation of cementite. As more carbon com-
bines with iron in the form of cementite, eventually
complete relief of the carbon supersaturation of the
martensitic matrix is achieved. The tetragonality of
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of tempering in A2 tool steel. Source: Ref 74
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the martensite thus is eliminated, and the crystal
structure of the martensite becomes cubic. Although
the tempered martensitic matrix is now effectively
ferrite, it is still referred to as tempered martensite
because of its martensitic origin and the fact that the
martensitic crystals retain their lath or plate shape to
very late stages of tempering. In low-alloy steels,
once the ferrite and cementite structure has formed,
coarsening continues with increasing tempering.
Eventually a spheroidized microstructure, with very
low hardness and very high toughness, is produced.
Accompanying cementite formation and coarsen-
ing, the martensitic crystals coarsen and the high
dislocation density of the martensite is substantially
reduced by recovery, and by recrystallization, if at
high tempering temperatures there are sufficient re-
sidual dislocations to provide the necessary strain
energy for recrystallization (Ref 66, 67).

All alloying elements, depending on type and
amount, retard microstructural coarsening and thus
the rate of softening during tempering (Ref 77).
However, in highly alloyed tool steels, secondary
hardening dramatically reverses the softening typi-
cal of low-alloy steels. This reversal is caused by the
precipitation of fine alloy carbides in the tempered
martensitic matrix. Figure 5-40 shows the sequence
of alloy carbide types that develops in two tool
steels with various alloying element contents (Ref
78). Prior to the tempering conditions that produce
the secondary hardening peak, cementite has
formed, as expected from the progress of the third
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stage of tempering. At low and intermediate temper-
ing temperatures, the substitutional alloying ele-
ments do not have sufficient mobility to form car-
bide particles. At tempering temperatures above 500
°C (930 °F), alloying elements are able to diffuse,
albeit only over short diffusion distances because of
the low alloy element diffusion coefficients even in
this temperature range.

The limited diffusivity of the substitutional alloy-
ing elements initially keeps the precipitated carbide
particles fine, and thus the characteristic secondary-
hardening hardness peaks develop. At higher tem-
pering temperatures, however, diffusion acceler-
ates, and the first-precipitated alloy carbides are
replaced by others. These rapidly coarsen and hard-
ness rapidly falls. Tungsten, vanadium, molybde-
num, and chromium are the strong carbide-forming
elements most commonly used to achieve secon-
dary hardening and must be dissolved in austenite
during austenitizing in order to be incorporated dur-
ing quenching into martensite with sufficient super-
saturation for secondary hardening during temper-
ing. Figure 5-41 shows the effect of systematic
variations of the strong carbide-forming elements
on secondary hardening of a base 0.5% C steel (Ref
79).

The secondary-hardening alloy carbides form as
very small disks or needles on specific crystal-
lographic habit planes within the martensitic matrix
(Ref 80). Figure 5-42 shows an example of very fine
alloy carbide precipitate particles in a highly mag-
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Fig. 5-39 Dilatometric changes as.a function of three successive tempering steps in an M2 tool steel. Specimens were cooled
after tempering three times (1 h) at 540 °C (1000 °F) (a) and three times (2 h) at 570 °C (1060 °F) (b). Source: Ref 75
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nified martensite lath in tempered H13 tool steel.
Depending on the dominant alloying elements, the
alloy carbides go through sequences of carbides of
increasing stability, as shown in Fig. 5-40.

In chromium-rich steels the sequence of carbides
is M3C to M;C3 to M»3C¢, whereas in molybde-
num- and tungsten-rich steels the sequence is M5C
to M,C to MgC. The more stable carbides tend to
coarsen rapidly and to lower hardness and perform-
ance. Carbides with multiple alloying elements
have high stability and resistance to coarsening.
Manganese and nickel have relatively little effect on
tempering resistance, but cobalt (which in itself is
not a carbide former), when combined with molyb-
denum and tungsten, enhances secondary hardening
and promotes hardness retention to higher tempera-
tures. The cobalt may reduce the rate of recovery of
the martensitic substructure, thereby providing nu-
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Fig. 5-40 sequence of alloy carbide formation in two
steels. Steel A contains 0.8% C, 18% W, 4% Cr, 2% V, and 10%
Co; steel B contains 0.8% C, 9% W, 3% Cr, and 3% Co. Source:
Ref 78
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cleation sites for more and finer alloy carbide parti-
cles for secondary hardening (Ref 81).

Each tool steel has its recommended tempering
conditions for optimum performance. These tem-
peratures, together with recommended austenitizing
temperatures, are listed in Table 5-3. In order to
prevent cracking, tempering should be performed as
soon as possible after quenching, and heating to
tempering temperatures should be slow to ensure
uniform temperature distribution within a tool. Ta-
ble 5-5 presents approximate heating times to attain
various temperatures in parts of various sizes and
geometries. Slow cooling in still air after temper-
ing is recommended to minimize development of
residual stresses.
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Table5-5 Approximate heating times recommended to attain tempering temperatures

Time required to reach furnace temperature(a):

Tempering In hot air oven without circulation(b) In circulating air oven or an oil bath(c)
temperature Cubes or spheres Squares or cylinders Average flats Cubes or spheres Squares or cylinders Average flats
°C °F infmm minfin. in/mm minfin. in/n minfin, inf/mm minfin. inf/mm minfin. minfin,
120 250 12 30 22 55 32 80 0.6 15 0.8 20 12 30
150 300 12 30 2.0 50 3.0 75 0.6 15 0.8 20 1.2 30
175 350 1.2 30 20 50 2.8 70 0.6 15 0.8 20 12 30
205 400 1.0 25 1.8 45 2.6 65 0.6 15 0.8 20 1.2 30
260 500 1.0 25 1.6 40 24 60 0.6 15 0.8 20 1.2 30
315 600 10 25 1.6 40 2.2 55 0.6 15 0.8 20 1.2 30
370 700 0.8 20 1.4 35 2.0 50 0.6 15 0.8 20 1.2 30
425 800 0.8 20 1.2 30 18 45 0.6 15 0.8 20 1.2 30
>480 2900 0.8 20 1.2 30 1.6 40 0.6 15 0.8 20 1.2 30

(a) Data are given in minuies per millimeler, and in minutes per inch of diameter or thickness, with furnace maintained at the temperature indicated in column 1. Data may be
used as a guide for charges of irregular shapes and quantities by estimating total size of charge and applying the above allowance to the number of inches from outside to center
of charge. (b) Times indicated are for tools with dark or scaled surfaces. If surfaces or finish ground, or otherwise brighiened, twice as much time should be allowed in a still
hot air oven. No extra allowance need be made for bright surfaces in a circulating oven or in an oil bath. (¢) Oil baths are usually not used above 205 °C (400 °F).
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CHAPTER 6

Practical Aspects of Tool Steel

Heat treatment of tool steels is as important as the
selection of the grade itself. Machine tools or
production dies made from tool steels should
never have their rigid metallurgical requirements
compromised or outweighed by cost considera-
tions. These requirements involve control of the
surface condition and chemistry, the temperature
(often up to 1315 °C, or 2400 °F), the time at a
given temperature, and the heating and cooling
rates. Special attention must be paid to these re-
quirements in the design, construction, and op-
eration of furnaces used to heat treat tool steels,
especially those used for hardening, where metal-
lurgical factors become all-important. Attempt-
ing to reduce production costs by bypassing heat
treatment steps will yield an end product that fails
to meet tool life expectations and does not justify
its high initial expense.

Furnaces for heat treatment of tool steels in-
clude ceramic-lined salt bath furnaces, vacuum
furnaces, controlled-atmosphere furnaces, and
fluidized-bed furnaces.

Heat Treatment

Salt Bath Furnaces

Molten salts of various compositions are well
adapted to all operations in the heat treatment of
tool steels. .Salt bath heating is the predominant
method of hardening high-speed tool steels, provid-
ing excellent results for tools that cannot be ground
after hardening or that require an excellent surface
condition and sharp edges.

Table 6-1 lists various salt bath compositions and
processing temperatures for heat treatment of tool
steels. With correct operating conditions, tools can
be heat treated without carburization, decarburiza-
tion, or scaling. The surface will be fully hard with
a minimum of distortion. Three types of salt baths
are generally used:

o Preheating bath: minimizes thermal shock, equal-
izes temperature, and minimizes the amount of time
required at the high-temperature stage

o High-temperature bath: serves as the austenitizing

step

Table 6-1 Typical compositions and recommended working temperature ranges of salt mixtures

used in heat treating of tool steels

Salt mixture Composition, % Melting point Working range

No. BaCl; NaCl KCl CaCl2 NaNO3 KNO3 °C °F °C °F
Austenitizing salts (high heat)

1 98-100 . 950 1742 1035-1300  1895-2370
2 80-90 10-20 870 1598 930-1300 1705-2370
Preheat salts

3 70 30 Ve 335 635 700-1035 1290-1895
4 55 20 25 550 1022 590-925 1095-1700
Quench and temper salts

5 30 20 . 50 e . 450 842 500675 930-1250
6 . . . . 55-80 2045 250 482 285-575 545-1065
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o Quenching bath: equalizes the temperature and
ensures a clean surface after heat treatment

Most tools that are heat treated in salt baths are
fully hard from surface to core, regardless of the
section thickness. Distortion and residual stress are
minimized due to temperature uniformity.

Heat treatment in salt baths is accomplished by
conduction, with the molten salt providing a ready
source of heat as required. Although steels come in
contact with heat through the tool surfaces, the core
of a tool rises in temperature at approximately the
same rate as its surface. Heat is quickly drawn to the
core from the surface. Salt baths provide heat at a
rate equal to the heat absorption rate of the total
tool. Convection or radiation heating methods are
unable to maintain the rate of heating necessary to
reach equilibrium with the rate of heat absorption.
The ability of a salt bath to supply heat at a rapid
rate enhances the uniformity of properties and the
resultant tool quality. Heat-treating times are short-
ened, as well. For example, a bar 25 mm (1 in.) in
diameter can be heated to temperature equilibrium
in 4 min in a salt bath, whereas 20 to 30 min would
be required to obtain the same properties in convec-
tion or radiation furnaces.

Salt baths are efficient; about 93 to 97% of the
electric power consumed goes directly into heating.
Tool steels that are heat treated in salt baths typi-
cally are processed in ceramic-lined furmaces with
submerged or immersed electrodes containing chlo-

Alloy electrodes

Work-support angle
and seal tile

Ceramic or metal pot

Steel casing ____|

ride-based salts. More detailed information on the
salt bath furnaces described here can be found in
Ref 1.

Immersed-Electrode Salt Bath Furnaces. Ce-
ramic-lined furnaces with immersed (over-the-side)
electrodes (Fig. 6-1) have greatly extended the use-
ful range and capacity of molten salt equipment
compared to externally heated pot furnaces. The
most important of these advances are that:

«  The electrodes can be replaced without bailing out
the furnace.

+  Immersed electrodes allow more power capacity to
be put into the furnace, thus increasing production.

«  Immersed electrodes permit easy start-up when the
bath is solid. A simple gas torch is used to melt a
liquid path between the two electrodes, which al-
lows the electrodes to pass current through the salt
to obtain operating temperatures.

However, immersed-electrode furnaces are not
as energy-efficient as submerged-electrode fur-
naces (discussed below). The area in which the
immersed electrodes enter the salt bath allows
additional heat loss through increased surface
area. In the submerged-electrode furnaces shown
in Table 6-2 (furnaces A and B), the surface area
of the salt bath, A, is smaller than the surface area
of the salt bath plus the surface area of the im-
mersed electrodes, A + B, in the immersed-elec-
trode furnaces (furnaces C, D, and E). Placing a

To power supply

Pyrometer |
[
o el
Thermocouple a
s . ™~ Contactor
Transformer
Connectors

o
Insulating / TR
material L

Interlocking tiles

Fig. 6-1 Internally heated salt bath furnace with immersed electrodes and ceramic tiles
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good cast ceramic and fiber-insulated cover over the
bath and electrodes can reduce surface radiation
losses up to 60%.

Immersed-electrode furnaces are lined with su-
perduty fireclay brick. Approximately 130 mm (5
in.) of castable and insulating brick then surrounds
the fireclay brick on five sides. Figure 6-1 is a
schematic drawing of an immersed-electrode fur-
nace with interlocking tiles and removable elec-
trodes. The removable electrodes enter the furnace
from the top, and a seal tile is located in front of the
electrodes to protect them from exposure to air at
the air/bath interface. This protection helps prolong
electrode life. Table 6-2 compares the service lives
of electrodes and refractories for some basic furnace
designs.

Submerged-electrode salt bath furnaces have
the electrodes placed beneath the working depth for
bottom heating (Fig. 6-2). Many submerged-elec-
trode furnaces are designed for specific production

Table 6-2 Service life of electrodes and
refractories

Electrode

Castabie —1
inner wall ;.

-

Practical Aspects of Tool Steel Heat Treatement

requirements and are equipped with patented fea-
tures that offer certain economical and technical
advantages. General characteristics of submerged-
electrode furnaces include:

o Maximum work space with minimum bath area:
The electrodes do not occupy any portion of the bath
surface, so they come in contact only with the salt.
Consequently, bath size is smaller, and electrode life
increases many times over by incorporating unidi-
rectional wear and eliminating excessive deteriora-
tion at the air/bath interface.

+  Circulation-convection currents: Bottom heating
provides more uniform bath temperatures and bath
movement through the use of natural convection
currents.

o Triple-layer ceramic wall construction: The tem-

perature gradients through the wall cause any salt
penetrating the wall to solidify before it can pene-

Steel frame

Furnace
liner

[~ Firebrick

Electrode

Furnace A
el
X =7 i

Operating temperature Service life, years
°C °F Electrodes Refractories
Submerged-electrode furnaces
Furnace A
535-735 1000-1350 15-25 15-25
735-955 1350-1750 6-12 6-12
955-1175 1750-2150 5-7 5-7
1010-1285 1850-2350 2-4 24
Furnace B
535-735 1000-1350 10-20 10-20
735-955 1350-1750 4-8 4-8
955-1175 1750-2150 34 34
1010-1285 1850-2350 1-3 1-3 70
o
Immersed-electrode furnaces / ’O
Furnace C o
535-735 1000-1350 2-4(a) 4-5
735-955 1350-1750 1-2(a) 2-3
955-1175 1750-2150 Y—1(a) -2
1010-1285 1850-2350 Va1a(a) 1y
FurnaceD
535-735 1000-1350 2-4(a) 4-5
735-955 1350-1750 1-2(a) 2-3
955-1175 1750-2150 Y—1(a) 1-2
1010-1285 1850-2350 Ya-Ya(a) 1%
FurnaceE
535-735 1000-1350 2-4(a) 4-5
735-955 1350-1750 1-2(a) 2-3
955-1175 1750-2150 v—1(a) -2
1010-1285 1850-2350 Vi-W(a) 1%
Note: Service life estimates are based on the assumption that proper
rectification of chloride salts is being done, as well as routine unit

maintenance and care. (a) Hot leg only

Furnace D

Furnace E
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tratethecastrefractorymaterialthatformsthecenter
portion of the wall. The design requires from 5 to
8% of the initial salt charge to fill the ceramic pot.
By comparison, in some designs 140 to 150% of the
initial charge is needed to seal the ceramic walls of
furnaces built with two layers of ceramic brick,
backed up and supported by a steel plate. Salt pene-
trates the ceramic walls of any furnace and distorts
the geometry of the walls. Reducing the amount of
salt allowed to penetrate the ceramic walls aids in
maintaining dimensions and in promoting a longer
furnace life.

«  Electrode placement: Enclosing the electrode in a
clear rectangular box, free of any protruding ob-
structions, eliminates potential hazards to operating

personnel during cleaning. Any sludge formed in
the furnace is removed easily.

Automatic Heat Treating of Tool Steels. Figure
6-3 illustrates three heat-treating arrangements for
production heat treatment of tool steels. Table 6-3
gives relative process times and temperatures for
heat treating, and Table 6-4 gives process times for
twist drills. The systems are equipped for cycles
ranging from less than 1 min to 10 min. The parts
are suspended on tong-type fixtures and are carried
through the process by a chain conveyor on carrier
bars. To facilitate rapid transfer of the tool steels,
rotary transfer arms are placed between the preheat
and high-heat units and between the high-heat and

Table 6-3 Relative process times and temperatures for automated heat treating of tool steels

Operating temperature
Process stage °C °F Total time in furnace(a)
First preheat 650-870 1200-1600 X
Second preheat 760-1040 1400-1900 X
High heat 1010-1290 1850-2350 X
Isothermal quench 540-705 1000-1300 X
Air cool Room temperature Room temperature 6X, 12X, 24X
Wash, hot water 80-95 180200 6X
Rinse, hot water 80-95 180-200 X

(a) Sec Table 6-4 for drili sizes and times in the high heat indicated by an “X" in this table.

Modified basic
brick lining

Renewable
graphite
electrodes

Insulating material

Outer brickwork

Fig. 6-2 internally heated salt bath furnace with submerged electrodes. This furnace has a modified brick lining for use with

carburizing salts.
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quench units. Transfer-arm placement is chiefly
governed by the production rate; however, transfer
arms are always required between the high-heat and
the quench units to satisfy metallurgical conditions.
The lines also have areas above the furnaces to
accommodate air cooling of the tools. In special
cases, lines will be made with a station for an iso-
thermal nitrate quench after the neutral salt quench.
This additional stage allows rapid reduction of the
temperature of the tools and reduces the air cooling
time from 24x to 6x the time at the high-heat tem-
perature. Caution: Even if as little as 600 ppm of

Practical Aspects of Tool Steel Heat Treatement

nitrate salts is allowed to enter the high-heat fur-
nace, extreme surface damage can be done 1o the
tool being heat treated.

Rectification of Salt Baths. Neutral salts used
for austenitizing steel become contaminated with
soluble oxides and dissolved metals during use, due
to a reaction between the chloride salts and the
oxide layers present on fixtures and workpieces.
The buildup of resulting oxides and dissolved met-
als renders the bath oxidizing and decarburizing
toward steel, so the bath must be rectified peri-
odically.

X = cycle time

2X X
{ 5 [ o B H—~
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Fig. 6-3 Process designs for automated salt bath furnaces for heat treating of high-speed tool steels. Installations can be custom
designed to meet specific customer requests. (a) Does not include a wash and rinse operation. (b) Similar to (a) but includes a wash
and rinse operation that necessitates relocation of the load and unload operations. (c) Similar to (b) but includes a second quench and

a variation in wash cycles specified by the customer
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Baths of salts such as mixtures No. 1 and 2 in
Table 6-1 can be rectified with silica, methyl chlo-
ride, or ammonium chloride. The higher the tem-
perature of operation, the more frequent the need for
rectification. Baths in which the electrodes protrude
above the surface require daily rectification with
either ferrosilicon or silicon carbide. Baths operated
above 1080 °C (1975 °F) require rectification at
least once a day, with more frequent rectifica-
tion certainly recommended.

During rectification of a bath, the silica com-
bines with the dissolved metallic oxides to form
silicates. Although these silicates settle out as a
viscous sludge that can be removed, sufficient sol-
uble silicates can remain to cause the bath to be-
come decarburizing. Any sludge or salts obtained as
a by-product of the heat treatment must be disposed of
inaccordance with federal, state, and local regulations.

More effective methods of rectifying salt baths
are to bubble methyl chloride through the bath or
submerge ammonium chloride pellets in a perfo-
rated cage in the bath. The ammonium chloride
pellets react with the oxides to regenerate the origi-
nal neutral salt without sludge formation or bath
thickening.

To remove dissolved metals from high-tempera-
ture baths, graphite rods are introduced at operating
temperature. The graphite reduces any metallic ox-
ides to metals that adhere to the rod. The metal can
be scraped off and the rod reused.

To control the decarburizing tendency of high-
temperature baths, test specimens should be hard-
ened frequently by quenching them in oil or brine.
A file-soft surface indicates the need for more recti-

Table 6-4 Time cycles for heat treating of twist
drills

Diameter
mm in. Time
2.54-4.78 0.100-0.188 1 min, 30 s
4.80-8.08 0.189-0.318 1 min, 40 s
8.10-12.90 0.319-0.508 I min, 50s
12.93-18.24 0.509-0.718 2min, 1s
18.26-23.32 0.719-0918 2min, 20 s
23.34-38.10 0.919-1.500 2min, 40 s
102 mm (4 in.) diam cups 6 min
64 mm (2% in.) diam end 7 min
mills
76 mm (3 in.) diam end mills 10 min

Pieces in high heat on smaller diameters

2.54 mm (0.100 in.) = 160 pieces/tong = 480 pieces in bath = 1 2 kg
(2.61b)

4.78 mm (0.188 in.) = 85 pieces/tong = 255 pieces inbath =3.5 kg
(7.65 1b)

6.50mm (0.256 in.) = 63 pieces/tong = 188 pieces in bath =5.6 kg
(123 1b)

8.08 mm (0.318 in.) = 25 pieces/tong = 75 pieces in bath=3.9 kg (8.6
1b)

12.90 mm (0.508 in.) = 16 pieces/tong = 48 pieces in bath =8.3 kg
(18.21b)
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fication. This test may be supplemented by analy-
sis of the bath. High-heat baths containing more
than 0.5% BaO are likely to be decarburizing to
steel.

The following method can be used to rectify
austenitizing baths such as salt mixtures No. 2 and
3 in Table 6-1:

1. Add 57 g (2 oz) of boric acid for each 45 kg (100
Ib) of salt after every 4 h of operation.

2. Insert a 75 mm (3 in.) graphite rod into the bath for
1 h for every 4 h of operation.

Controlled-Atmosphere Furnaces

An atmosphere should be selected that will pro-
tect the surface of tool steel against the addition or
the depletion of carbon during heat treatment. It is
desirable to choose one that requires no adjustment
of composition to suit various steels. An ammonia-
based atmosphere containing 25 vol% N, and 75
vol% H; (class 601 of the American Gas Associa-
tion, or AGA) meets this requirement and has the
advantage of being sufficiently reducing to prevent
oxidation of high-chromium steels. In the range of
dew points generally found in this gas, —40 to -50
°C (40 to —60 °F), there is no serious depletion of
carbon, because the decarburizing action is slow
and any loss of carbon at the surface is partially
replaced by diffusion from the interior. For applica-
tions in which high superficial hardness is impor-
tant, a carburized surface can be obtained by the
addition of about 1% methane to the atmosphere.
Although an ammonia-based atmosphere costs
more than an endothermic gas atmosphere, this
seldom becomes important, because tool heat-
treating furnaces generally are comparatively
small and thus require a correspondingly small
quantity of gas.

Endothermic-based atmospheres are often used
to protect tool steel during heat treatment. Table 6-5
lists suggested ranges of dew point for an AGA
class 302 endothermic atmosphere when used for
hardening some common tool steels. Relatively
short heating times for hardening small tools allow
treatment to be carried out with the theoretical car-
bon balance of the atmosphere varying over a rather
wide range. However, for the hardening of large die
sections, the particular composition of the die steel
being treated requires careful control of the atmos-
phere if carburization or decarburization is to be
avoided during the relatively long heat-treating cy-
cle. More detailed information on the atmospheres
used to heat treat steels can be found in Ref 2.

Vacuum Furnaces

One of the most important considerations when
heat treating tool steels is that the treatment must be



accomplished with minimal change of the work-
piece surface. An excellent method is to minimize
the exposure to air during heat treatment by mini-
mizing or reducing the quantity of air in a vessel, as
with creating a partial vacuum. Vacuum furnaces
with pressures of 26 Pa to 1.3 mP (200 to 0.01 um
Hg) are possible with the sophisticated pumping
equipment integral to vacuum furnaces.

Vacuum furnaces have historically been popu-
lar with heat-treating processes such as brazing,
sintering, and outgassing. More recently, vac-
uwum furnaces have become predominant for
hardening of selected tool steels. One reason for
their widespread use is the freedom from environ-
mental problems they afford the user: In contrast
to salt bath heat treating, they eliminate disposal
problems. Another reason is their flexibility. Vac-
uum furnaces can be designed for operating tem-
peratures in excess of 2760 °C (5000 °F), and
they can be programmed to run an almost limit-
less variety of stress relieving, preheating, hard-
ening, and quenching cycles. Design of computer
hardware and software can allow these steps to be

Table6-5 Ranges of endothermic-atmosphere
dew point for hardening of tool steels

Data compiled for short times at temperature; furnace
dew point; AGA class 302 (39.8 N»-20.7CO-38.7Ho-
0.8CH,4) atmosphere

Furnace temperature(a) Dew point range
Steel °C °F °C °F
w2, W3 800 1475 7013 451055
S1 925 1700 4107 401045
S2 870 1600 41016 4010 60
01 800 1475 7012 451055
02 775 1425 7012 451055
07 855 1575 4102 25t036
D2, D4 995 1825 -7Tt0-1 2010 30
D3, D6 955 1750 -7Tt0-1 201030
H11, H12, 1010 1850 2107 351045
H13
T1 1290 2350 -1810-12 Oto 10
Ml 1205 2200 -15t0-12 5t010
F2,F3 830 1525 -Stol 231034

(a) Approximate midrange of austenitizing temperatures for the specific types of
tool steels
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programmed individually or sequentially to en-
hanceproductivity.

Hot-Wall Vacuum Furnaces. Until recently,
vacuum furnaces were inhibited by technical con-
siderations from being used for hardening of tool
steels. The early designs were hot-wall furnaces,
which had two limitations. First, the retort in which
the vacuum was developed lost considerable
strength when it was heated and tended to collapse.
Second, the retort had limited capability for the type
of quenching techniques required by tool steels.
Because of the demand of the heat-treating industry
for higher temperatures, lower pressures, rapid heat-
ing and cooling capabilities, and higher production
rates, hot-wall vacuum furnaces have essentially
become obsolete (with the exception of low-pres-
sure chemical vapor deposition and ion-nitriding proc-
esses).

Cold-Wall Vacuum Furnaces. Vacuum furnaces
now incorporate a heating unit inside a vacuum
chamber that is of double-wall construction. Be-
tween the two walls, water or coolant is circulated
for effective cooling of the vacuum chamber, ena-
bling high-temperature operation. These cold-wall
vacuum furnaces have been designed by various
manufacturers and offer countless variations in size,
pumping capacity, heating capacity, quenching
method, speed, computerization, and so on.

In cold-wall furnaces, the electric heating ele-
ments are located inside the retort. The heating ele-
ments can be made of a refractory metal, such as
tungsten, molybdenum, or tantalum or from graph-
ite rods or cloth. Properties of these materials are
compared in Table 6-6. The heating elements are
surrounded by refractory metal baffles that provide
insulation and direct radiant reflection. Centered or
positioned within the furnace is a refractory metal
hearth on which a fixtured or basketed workload can
be positioned.

Single-Chamber Vacuum Furnaces. A sim-
ple vacuum furnace consists of one chamber in
which the workpiece is both heated and cooled (Fig.
6-4). Cooling (quenching) is accomplished by
backfilling or blowing inert gas across the work-
pieces. In order to quench rapidly enough to obtain
the desired microstructure of tool steel, it is neces-
sary to increase the pressure of the quench gas
(usually nitrogen). This is accomplished by high-
velocity, high-pressure blowers that have reported

Table 6-6 Characteristics of heating elements used in vacuum furnaces
Upper operating Vapor pressure at
Melting point temperature limit 1600 °C (2910 °F) 1800 °C (3270 °F)

Material °C °F °C °F Pa torr Pa torr
Molybdenum 2617 4743 1705 3100 13x10% 10-8 1.3x 104 106
Tantalum 2996 5425 2500 4530 13x1079 10-11 1.3x% 10”7 109
Tungsten 3410 6170 2800 5070 1.3x10-11 10-13 13x10°9 10-11
Graphite 3700 6700 2500 4530 13x 101 10-13 1.3x 108 10-10
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cooling gas pressures of up to 60 kPa (6 bar). The
cooling rate required varies, depending on the type
of steel used and the size and shape of the work-
piece.

In evaluating vacuum heat treatment, it is also
necessary to consider flow patterns and furnace
load. A variety of vacuum furnace designs have
been developed that produce a wide range of cool-
ing rates by varying gas pressures, gas velocities,
and gas flow patterns. In some cases, gas quenching
may not be adequate to achieve the necessary cool-
ing rate for a component, and other quenching meth-
ods may need to be considered (i.e., salt bath,
fluidized bed, or oil quenching).

Multiple-chamber vacuum furnaces (inte-
grated quench furnaces) are designed to improve
throughput or enhance quench rate. While vacuum
furnaces typically have thermocouples available at
several locations in the furnace, as well as on the
surface of the load or within the confines of the load
itself, multiple-chamber furnaces (Fig. 6-5) allow
nearly continuous hardening of components. In
such systems, three chambers of modules exist:

Direction of
gas flow

) Work load
()

Heating
elements

Loading
door

O-ring

Hard surface
graphite felt

Insulated
door

« A purge (loading chamber)
« A multiple-zone heating chamber
« A quench chamber

A loaded tray automatically moves into the purge cham-
ber where decompression begins. Once the vacuum level
is similar to the level in the heating chamber, the tray or
basket is moved through an insulated door for heating.
Heating is accomplished by transfer through multiple
preheating zones and one final high-heat zone. Mean-
while, another tray has moved into the purge chamber.
Once the preprogrammed time interval has elapsed
in the high-heat zone, the basket is transferred to the
final quench chamber for immersion. Ultimately,
the basket is transported from the quench chamber
through a door to an unloading tray. Additional
information on multiple-chamber vacuum furnaces
is available in Ref 3.

Vacuum Furnace Kinetics. The suitability of a
vacuum furnace to harden a particular component is
governed by many factors, not the least of which is
the quenching capability. With gas quenching, the
effects of gas variables such as pressure, velocity,
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Fig. 6-4 schematic of a single-chamber batch-type pressure-quench vacuum furnace
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Fig. 6-5 schematic of a typical in-line multiple-chamber vacuum furnace
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and flow patterns are significant. Fundamentally, in
the cooling of any steel, the process is limited by:

»  Gas parameters that control the rate of heat transfer
from the surface of the component (surface thermal
resistance)

o Component parameters that control the rate of heat
transfer within the component from the center to the
surface of the workpiece (component thermal resis-
tance effect)

In general, gas parameters predominate in determining
the cooling rate in large-diameter components (greater
than 250 mm, or 10 in.). Both types of parameters must
be taken into consideration.

Gas Parameters. The gas parameter constituent of
heat removal is described by Eq 6-1:

Q=hA-AT (Eq6-1)

where Q is the heat removal rate, 4 is the heat transfer
coefficient, A is the surface area of the component, and
AT is the temperature difference between the component

Practical Aspects of Tool Steel Heat Treatement

During the initial cooling period, the gas tem-
perature has only a minor effect on the workpiece.
After this initial cooling period, however, the com-
ponent cooling rate becomes increasingly sensitive
to changes in gas temperature, with the cooling rate
decreasing as the gas temperature increases. Two
important features of furnace design that affect gas
temperature are:

e Heat exchanger vype, location, and size, which con-
trol the bulk gas temperature into the furnace

e  Flow distribution, which controls the local gas tem-
perature around the workpiece

High gas temperatures usually occur only in the
initial cooling period of a workpiece, when the ef-
fect of gas temperature is minimal, as discussed
previously.

The effect of the heat-transfer coefficient, 4, on the
cooling rate of a 25 mm (1 in.) diam slug is shown
in Fig. 6-6. The heat-transfer coefficient for a given
gas is related to local gas velocity, V, and gas pres-
sure, P, as follows:

and the gas. h=C(VvP)" (Eq6-2)
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Fig. 6-6 Piot of temperature vs. time showing the effect of gas temperature and heat-transfer coefficient, h, on the cooling of 25

mm (1 in.) diam steel slugs. Source: Ref 4
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where m and C are constants that depend on the furnace
type, component size, and workload configuration. Equal
increases in either V or P have the same effect on » and
hence on the cooling rate of a component.

The effect of increased gas velocity on cooling is
shown in Fig. 6-7. Local gas velocities were in-
creased around the components (25 mm, or 1 in. in
diam) by increasing the gas flow rate from 2.1 t0 3.5
m?3/s (4400 to 7500 ft3/min). The effect of increased
gas pressures on the cooling of similar components
is shown in Fig. 6-8.

Two practical considerations when increasing
either gas velocity or pressure are that:

High-pressure vacuum furnaces are required to be
designed and built to stringent safety regulations.
Increases in both gas velocity and pressure affect the
design of the blower and the power required to
recirculate the gases. (Forexample, doubling the gas
velocity increases the blower power by a factor of
eight, while doubling the gas pressure increases the
blower power only by a factor of two.)

The heat-transfer coefficient is also a function of
the gas properties. Figure 6-9 shows the effect of

four gases on the cooling of 25 mm (1 in.) diam
slugs. Nitrogen is usually the gas of choice because:

Hydrogen is explosive and must be used with ex-
treme care.

Helium is expensive.

Argon gives poor cooling rates.

It is evident that the cooling rates of steel com-
ponents are determined not only by gas parameters
such as gas temperature, gas velocity, and gas pres-
sure but also by the physical properties of the gas
itself (i.e., conductivity, density, and viscosity). In
practice, gas velocity and gas pressure are the most
significant factors in controlling component cooling
rates.

Component Parameters. Component size, shape,
and material properties control the rate of heat trans-
fer from the center of the material core to the surface
of the material. Material properties (i.e., density,
specific heat, and thermal conductivity) vary only
marginally from one steel to another and hence are
considered constants for the purpose of this discus-
sion. Component size and shape can vary greatly.

The effect of diameter on cooling is shown in
Fig. 6-10. At the surface of the component, the
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Fig. 6-7 Piot of temperature vs. time showing the effect of local gas velocity, V, on the cooling of 25 mm (1 in.) diam steel slugs.
Slugs are cooled with 105 kPa (15 psig) N, quench gas. Load size is 836.4 kg (1844 Ib). Source: Ref 4
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cooling rate is inversely proportional to the compo-
nent diameter (e.g., increasing the diameter by a
factor of two decreases the cooling rate by a factor
of two). The temperature at the center of the compo-
nent lags behind the temperature at the surface of
the component. This effect is more clearly shown in
Fig. 6-11, where the ratio of surface temperature
and center temperature is plotted over a wide range

1300 2370
€ 1100 2010 &
g g
2 2
° 900 —1650 ®
Q Q
3 £
@ 700 1290 o

500 930

O
180 220

Fig. 6-8 Piot of temperature vs. time showing the effect of
nitrogen gas pressure, P, on the cooling of M2 tool steei slugs,
25 mm (1 in.) diam by 48 mm (174 in.) long. Source: Ref 4
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of diameters and values of 4. At low values of A, gas
parameters predominate over the cooling rate, and
only negligible differences exist between the tem-
perature at the surface of the component and the
temperature at the center. As h increases, compo-
nent parameters begin to restrict the cooling rate of
the component, and large differences begin to de-
velop between the temperature at the surface and the
temperature at the center. These temperature differ-
ences can cause distortion and cracking in large-di-
ameter components.

The center cooling rate of the component is
usually of more interest. Figure 6-12 is a graph of
the variation in center cooling rate in M2 tool steel
over the temperature range 1200 to 600 °C (2190 to
1110 °F) for a range of values of h. For a large-di-
ameter component (e.g., 250 mm, or 10 in.), the
center cooling rate increases only marginally
with large increases in i, compared to increases
in a small-diameter component. For such compo-
nents, even fast oil or salt quenching (where 4 is
approximately 1000 to 5000 W/m? - K, or 200 to
900 Btu/ft? - h - °F) may not provide the center
cooling rate required to develop the desired steel
hardness.
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Fig. 6-9 Piot of temperature vs. time showing the effect of selected gases on the cooling of 25 mm (1 in.) diam tool steel slugs.

Source: Ref 4
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From this discussion of how component parame-
ters affect cooling rates, two important conclusions
can be drawn:

High values of / can cause large variations in tem-
perature between the center and surface of compo-
nents, particularly as the diameter increases, that
may result in cracking and/or distortion.

Even high values of 7 may not be able to cool the
center of large-diameter components fast enough to
harden them adequately.

Fluidized-Bed Furnaces

Fluidized-bed furnaces use a solid, rather than a
liquid or gas, for heat transfer. In general, the fur-
nace is composed of a layer of small, mobile parti-
cles of an inert refractory (for example, aluminum
oxide or silica sand) in a container that is heated and
fluidized by a flowing stream of gas. Objects to be
heat treated are immersed directly into the bed of
particles. More detailed information on both the
principles of fluidized-bed heat treating and the
types of furnaces used can be found Ref S.

A fluid bed results when a gas is passed upward
through a bed of small solid particles at a rate fast
enough to lift these particles and create turbulence.
This motion of particles, similar to that of a fluid, is
shown in Fig. 6-13. When gas is forced upward
through small holes in a supporting plate, two forces
meet to raise the particles: the buoyancy of the gas
and the retarding force known as aerodynamic drag.

Most fluidized-bed furnaces are used at tempera-
tures below 1095 °C (2000 °F), although some
manufacturers have furnaces capable of tempera-
tures through 1205 °C (2200 °F). The temperature
limitation is related to exposure damage (wear and
tear on the retort materials). Fluidized beds have
been designed to perform a wide variety of heat-
treating tasks, including stress relieving, preheat-
ing, hardening, quenching, annealing, and temper-
ing, as well as a variety of surface treatments, such
as carburizing, nitriding, and steam tempering. This
discussion deals primarily with aspects of neutral
hardening of tool steels.

Heat transfer with fluidized-bed furnaces is par-
ticularly good and offers characteristics approach-
ing those of molten salt bath furnaces. Heating
properties of the fluidized bed can be adjusted
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Fig. 6-10 Piot of temperature vs. time showing the effect of varying diameter, D, on the cooling of too! steels slugs. Source:

Ref 4
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Fig. 6-13 schematic showing the principle of the
fluidized-bed fumace. (a) Initially, the gas flows upward through
the permeable base to agitate the particles as the pressure is
gradually increased. (b) Eventually, the gas flow is sufficient to
lift the small particles of refractory materials and to transform the
particle movement into a violent, turbulent motion. Although the
particles are actually solid, the fiuidized bed simulates the motion
of a liquid. Source: Ref 6
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through a wide range, because many parameters can
be varied. Some of the major variable parameters
are:

o PFarticle properties: size, shape, bulk density, and
absolute density

o Properties of the gas used to fluidize the bed: den-
sity, viscosity, heat capacity, and thermal conductiv-
ity

o System properties: flow of gas through the bed, total
weight of the particles in a given bed, cross section
and shape of the retort or bed container, and type of
permeable plate used to support the particles

One of the major attributes of the fluidized bed
is the high rate at which heat can be transferred from
the bed of particles to an immersed object. Coeffi-
cients of heat transfer on the order of 400 to 740
W/m? - K (70 to 130 Btu/ft? - h - °F) are possible.
This heat flow rate is two to ten times higher than
that provided by normal convection or radiation. In
addition, the rate of heat transfer in the full bed is
relatively independent of the temperature level and the
emissivity of the immersed object. The turbulence of
the fluidized bed is important in mixing and can effec-
tively minimize thermal gradients within the bed.

Figure 6-14 illustrates the nature of heat-transfer
in a fluidized bed. Under curve 1, the bed is non-
fluidized in a static state, with low heat-transfer
rates that increase only slightly with velocity. After
the minimum fluidization velocity (V) is reached, h
increases rapidly over a comparatively narrow velocity
range (curve 2). At a certain optimum velocity (Vop),
the heat-transfer coefficient reaches a maximum
(hmay) and then tends to diminish as the fluidized bed
attains more gaslike properties (curve 3).

The actual heat-transfer rate experienced in a
fluidized bed depends on the fluidizing gas velocity
and its thermal conductivity, the size, density, and
thermophysical properties of the bed particles, and
the geometry and structural design features of the
furnace. Besides velocity, particle size is the most

—

Heat transfer
coefficient, h

Static ~%— Fluidized +
bed | bed |

V.
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Local gas velocity, V —

Fig. 6-14 Heat-transfer coefficient, h, rises with the in-
crease in velocity of the fluidized bed until a peak value, h max,
is reached at the optimum velocity, V., Source: Ref 7
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important of these parameters: h rises as particle
diameter decreases. The parameters result in values
of h as high as 570 W/m? - K (100 Btu/ft? - h - °F),
similar to that obtained in liquid baths and up to five
times that obtained in a conventional open-fired
furnace. Figure 6-15 compares the heating rate in a
fluidized-bed furnace with that in other typical
modes of heating.

Fluidized-bed heat-treating furnaces are manu-
factured by several suppliers and are available in
three fundamental configurations. Two of the con-
figurations are fluidized by the products of combus-
tion and are known as internally fired and externally
fired types. For the third configuration, known as
the indirectly heated type, fluidization and heating
are accomplished independently.

The indirectly heated type is most often used for
neutral hardening and therefore is more applicable
to tool steel heat treating. Because the heating and
fluidization modes are independent of each other,
this type of furnace is used where special atmos-
pheres are required. Literally any gas can be used
for fluidization, and this type of furnace can accom-
modate a wide range of processes, including car-
burizing, carbonitriding, steam treating, and bright
annealing. An example of an indirectly heated
fluidized-bed furnace is shown in Fig. 6-16. The
furnace shown is heated electrically, but a fluidized-
bed furnace may also be fuel fired (simply by re-
placing the electric elements on the outside with a
suitable burner system) or both fuel fired and elec-
trically heated. In special configurations, furnaces
may also be cooled to operate at subambient tem-
peratures.

Fluidized-bed particles are similar in some re-
spects to salt baths and can provide a supporting
neutral environment. The fluidized particles do not
collect on the work surface, so no dragout or sub-
sequent cleaning is required. The aluminum oxide
or silica oxide particles can become contaminated,
but they are not typically considered an environ-
mental hazard, unlike the lead and salt compounds
used in other heat-treating methods. However, the
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Fig. 6-15 Fluidized-bed heating compared with conven-
tional immersion heating (molten salt and molten lead baths) and
convection heating for 16 mm (%4 in.) diam steel bars. Source: Ref 7



workpiece may be exposed to surface contamina-
tion upon removal from the high-temperature bed
(e.g., it may become decarburized during transfer to
a quenching media). Especially if multiple
fluidized-bed furnaces or a combination of furnaces
is used, potential contamination must be considered
in the layout of the heat-treating department.
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CHAPTER 7
Water-Hardening Tool Steels

Table 7-1 lists compositions of the water-harden-
ing grades of tool steel in current use. The water-
hardening steels are either essentially plain car-
bon steels or very low-alloy carbon steels. As a
result, the water-hardening tool steels are the
least expensive of tool steels and require strict
control of processing and heat treatment to
achieve good properties and performance. Car-
bon content is the primary factor determining
properties and heat treatment response, and the
Fe-C phase diagram can be used almost directly
to evaluate temperature ranges of phase stabil-
ity and processing.

The low alloy content of the water-hardening tool
steels yields few alloy carbides and, therefore,
lower wear resistance compared to more highly al-
loyed tool steels. Hardenability also is low, and
severe brine or water quenching is required to pro-
duce martensitic microstructures (hence the term
water hardening to describe this type of steel).
Despite rapid quenching, the water-hardening
tool steels may harden only to shallow depths. In
some applications, such as cold header dies, shal-
low hardening is beneficial in that it provides a
hard surface and a lower-strength, tougher core.
Other applications of water-hardening tool
steels include shear blades, blanking dies,
reamers, threading dies, taps, twist drills, lathe
tools, coining dies, woodworking tools, and
cutlery.

General Processing and
Performance Considerations

The carbon tool steels are used because high
hardness can be achieved if quenching is rapid
enough to produce fully martensitic micro-
structures, at least at the surface of hardened tools.
Fig. 7-1 shows that the hardness of as-quenched
martensitic steels is strongly dependent on carbon
content, especially for low- and medium-carbon
steels. At carbon contents within the range used for
W1 and W2 tool steels, maximum hardness for
martensitic microstructures can be achieved (Ref 1,
2). In order to preserve hardness in these carbon
steels, tempering is generally performed at low tem-
peratures. Fig. 7-1 also shows the hardness ranges
expected for carbon steels quenched to martensite
and tempered between 150 and 200 °C (300 and 390
°F). Another reason for low tempering temperatures
is that, without significant alloying additions, sof-
tening develops rapidly in the water-hardening
steels at higher tempering temperatures.

Although hardness provides a good measure of
strength and wear resistance of tool steels, it gives
no information on toughness or fracture resistance.
Fig. 7-2 shows a map of the types of fracture that
develop in low-temperature-tempered (LTT)
martensitic steels as a function of carbon content.
The diagram is based on fracture that results from
tensile loading or from loading under bending con-
ditions where high tensile stresses are applied to the

Table7-1 Composition limits for water-hardening tool steels

Composition(a), %
AlSI type UNS No. C Mn Si Cr Ni Mo w A
wi T72301 0.70-1.50(b) 0.10-040 0.10-040 0.15max  020max  0.10max  O.5max  0.10max
w2 T72302 085-1.50(b) 0.10-0.40 0.10-040 0O.15max  020max  0.10max  O.5max  0.15-0.35
w5 T72305  1.05-1.15  0.10-040 010040 040060 020max  0.10max  015max  0.10max

(a) 0.20% max Cu, 0.025% max P, and 0.025% max 8. (b) Specified carbon ranges are designated by suffix numbers.
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surfaces of tool steel components. Also, the diagram
assumes that the martensitic microstructures were
produced by quenching from above A, tempera-
tures. Under these conditions, as-quenched and LTT
martensitic microstructures in steel have high sus-
ceptibility to quench embrittlement (Ref 3), a brit-
tle, intergranular form of fracture where cracks fol-
low paths along prior-austenite grain boundaries.
When tool steels are intercritically austenitized be-
tween A, and A; temperatures or subjected to
compressive loading, as in many of the applications
listed above for the water-hardening tool steels,
overload fractures develop primarily in shear
through the microstructure of carbides and tem-
pered martensite.

Low alloy content, low resistance to softening
during heating or tempering, and the tendency to
brittle fracture establish the performance and manu-
facturing parameters for water-hardening tool
steels. Table 7-2 lists some of the properties and
processing factors for W1, W2, and W5 tool steels.
Performance factors are rated on a scale of 1 to 10,
where 1 and 10, respectively, represent low and high
performance in the various categories. For example,

wear resistance and hot hardness are rated low,
consistent with negligible alloying element
content, which translates to the absence of high-
hardness alloy carbides and low resistance to sof-
tening during heating. Low alloy content also is
reflected in low hardenability and shallow (S) hard-
ening.

The susceptibility to brittle intergranular fracture
strongly influences the processing of water-hardening
tool steels and accounts for their low rating with
respect to safety on hardening. As noted in the
discussion of Fig. 7-2, sensitivity to intergranular
fracture develops in fully austenitized steels. The
low intergranular fracture resistance is related to
phosphorus segregation and cementite formation at
austenite grain boundaries during hardening heat
treatments (Ref 3-5) and is associated with quench
crack formation during heat treatment, as well as
brittle fracture in service. Quench embrittlement is
avoided in hypereutectoid carbon tool steels by
austenitizing intercritically at temperatures between
760 and 845 °C (1400 and 1550 °F). The carbides
retained at these temperatures lower the carbon con-
tent of austenite and maintain a fine austenitic grain
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structure. As a result, the tendency to form grain-
boundary cementite is reduced, and grain-boundary
phosphorus segregation is diluted because of high
grain-boundary area. Thus, with proper control of
hardening temperatures, the sensitivity to inter-
granular fracture is reduced, and moderate tough-
ness, limited by resistance to transgranular ductile
or shear fractures, can be achieved in applications
for water-hardening tool steels (Ref 5).

Plain carbon steels are among the easiest tool
steels to forge. Recommended forging temperatures
0f 980 to 1065 °C (1800 to 1950 °F), as shown in Table
7-2, place the carbon tool steels in the single-phase
austenite field. Therefore, no excess carbides,
which might decrease forgeability, are present dur-
ing forging. Prolonged holding at forging tempera-
tures should be avoided in order to minimize decar-
burization and scaling. The best forging
temperature for a given steel depends on carbon
content. The lower the carbon content, the higher
the forging temperature. For example, a 0.70% C
steel may be forged at 1050 °C (1925 °F), whereas
950 °C (1825 °F) is best for a steel containing
1.20% C. Recommended finishing temperatures
similarly depend on carbon content, decreasing
from 815 °C (1500 °F) for 0.70% C steel to 790 °C
(1450 °F) for a 1.20% C steel. After forging, pieces
may be air cooled.

Although normalizing is not absolutely necessary,
forgings can be normalized from a temperature above
Acm and air cooled. As discussed in Chapter 5, a
normalizing treatment will develop a more uniform,

Water Hardening Tool Steels

fine-grained austenite structure, but will tend to
form a microstructure of pearlite and grain-bound-
ary cementite. Annealing is necessary after forging
or normalizing or after cold working, Benefits of
annealing include lower hardness for machining,
relief of residual stresses induced by mechanical
working, and development of a structure that will
respond uniformly to hardening. The best micro-
structure for machining of carbon tool steels con-
sists of a fine distribution of carbides in ferrite or a
mixture of pearlite and spheroidized carbides in
ferrite (Ref 6). Too coarse a spheroidized micro-
structure is not good for machinability and will
increase the time during hardening required for disso-
lution of carbide particles to the level required for good
hardenability.

Hardening and Microstructure
of Water-Hardening Tool Steels

As noted in the previous section, the high hard-
ness of water-hardening tool steels is obtained by
intercritical austenitizing and rapid quenching to
form martensite. In addition to the beneficial effects
of intercritical austenitizing on elimination of
quench cracking and quench embrittlement, main-
taining austenitizing temperatures between A; and
Acm also reduces retained austenite, which if pre-
sent in large amounts would substantially reduce
hardness and wear resistance. The carbides that are
retained during intercritical austenitizing reduce the
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Fig. 7-2 Types of fracture as a function of carbon content and tempering temperature in carbon steels. Source: Ref 1
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carbon content of the coexisting austenite. As a
result, M temperatures are increased relative to a
fully austenitized structure, and more martensite
forms (i.e., less austenite is retained) on quenching
to room temperature.

Fig. 7-3 shows examples of the microstructures
formed by austenitizing a W1 tool steel, containing
0.94% C and 0.21% Mn, above and below A, (Ref
7). When the steel was austenitized at 790 °C (1450 °F),
as shown in Fig. 7-3(a), the hardened microstructure
consisted of very fine tempered martensite (dark)
and spheroidized carbides (white). No retained
austenite was resolvable in the light microscope. In
contrast, the microstructure of a specimen quenched
from an austenitizing temperature of 855 °C (855 °F)
consisted of coarse plates of tempered martensite
(dark) and retained austenite (white) (Fig. 7-3b).
Although the carbides and retained austenite in the
two microstructures both appear white, they are
distinguished by their shapes: The carbides are pre-
sent as spherical particles, or oblong particles with
curved boundaries, and the retained austenite is pre-
sent as geometrically shaped or triangular patches
between the martensite plates.

The microstructure in Fig. 7-3(b) is considered to
be a result of overheating during austenitizing. A
consequence of heating above Ay, is that, without
the grain-boundary pinning effects of undissolved
carbide particles, grain size increases rapidly. Thus,

the conditions for austenite grain-boundary embrit-
tlement are enhanced, and quench cracking is more
likely. Fig. 7-4 shows the results of an early study
that related the incidence of quench cracking in
carbon tool steel to austenitic grain size: The
coarser the grain size, the higher the incidence of
quench-cracked pieces (Ref 8).

Quench cracking is the result of tensile stresses
developed during the through-hardening of carbon
and low-alloy steels. The tensile stresses develop
because the exterior of a part transforms to marten-
site before the interior. When the interior eventually
transforms to martensite, the resulting expansion
causes tensile stresses in the hardened surface. If an
embrittling condition that lowers the cohesive
strength of the microstructure exists—as, for exam-
ple, the combined effect of phosphorus segregation
and cementite formation in a coarse-grained
austenite—and if the quenching stresses exceed that
cohesive strength, cracking will occur. However, if
surface tensile stresses can be reduced or even be made
compressive, cracking may not occur. Carburized
steels, with thin, hardened high-carbon case mi-
crostructures and soft low-carbon core micro-
structures formed by transformation well above
surface M temperatures, are examples of heat-
treated components that develop surface com-
pressive stresses and in which quench cracking is
eliminated (Ref 9).

Table7-2 Performance factors and processing information for water-hardening tool steels

Factor w2 ws

Major factors

Wear resistance(a) 24 34
Toughness(b) 37 3-7

Hot hardness 1 1

Minor factors

Usual working hardness, HRC 58-65 58-65 58-65

Depth of hardening S S

Finest grain size at full hardness, Shepherd standard 9 9

Surface hardness as-quenched, HRC 65-67 65-67 65-67

Core hardness (25 mm, or 1 in., diam round), HRC 38-43 38-43 3843
Manufacturing factors

Availability 4 4 2

Cost 1 1 1
Machinability 9 9 9
Quenching medium w w w
Hardening temperature, °C (°F) 760-845 (1400-1550) 760-845 (1400-1550) 760-845 (1400-1550)
Dimensional change on hardening H H H

Safety on hardening L L L
Susceptibility to decarburization L L L
Approximate hardness as-rolled or forged, HB 275 275 275
Annealed hardness, HB 159-202 159-202 163-202
Annealing temperature, °C (°F) 740-790 (1360-1450) 740-790 (1360-1450) 740-790 (1360-1450
Tempering range, °C (°F) 150-345 (300-650) 150-345 (300-650) 150-345 (300-650)
Forging temperature, °C (°F) 980-1065 (1800-1950) 980-1065 (1800 -1950) 980-1065 (1800-1950)

Note: Ratings are explained in Chapter 2. (a) Wear resistance increases with increasing carbon content. (b) Toughness decreases with increasing carbon content and depth of

hardening.
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Hardenability of Water-Hardening
Tool Steels

The hardenability of water-hardening tool steels
is low because little or no alloying elements are
available to slow the diffusion-controlled transfor-
mations of austenite during cooling. Fig. 7-5 shows
an IT diagram for a W1 tool steel. The curves for the
start and finish of the diffusion-controlled transfor-
mations follow a single C-curve. The nose of the
C-curve represents the most rapid transformation of
austenite, and at the temperatures around the nose,
transformation is initiated and completed within
seconds. Therefore, quenching must be very severe
to prevent diffusion-controlled transformation of
austenite to transformation products other than
martensite.

Above the nose of the C-curve, austenite trans-
forms to pearlite, and below the nose austenite
transforms to various forms of bainite. These de-

Fig. 7-3 Microstructures of W1 tool steel containing 0.94%
C and 0.21% Mn. (a) Austenitized at 790 °C (1450 °F), brine
quenched and tempered at 165 °C (325 °F). (b) Austenitized at 855
°C (1575 °F), brine quenched and tempered at 165 °C (325 °F)

Number of pieces with quenching cracks, %

Water Hardening Tool Steels

composition products of austenite have been de-
scribed in Chapter S, and Fig. 7-6 shows various
cementite-ferrite microstructures formed in a car-
bon steel as revealed by high-resolution light mi-
croscopy. Pearlite colonies appear as dark nodules,
upper bainite appears as fine, featherlike regions,
and lower bainite appears as dark-etching plates or
needles. The single C-curve and short transforma-
tion times for diffusion-controlled transformation
of austenite in carbon tool steels are in sharp con-
trast to the well-separated, double C-curves and
very long transformation times for diffusion-con-
trolled transformation of austenite in more highly
alloyed tool steels.

The relatively low hardenability of water-hardening
tool steels results in only partial hardening of sec-
tions of any size. For example, Fig. 7-7 shows the
partial penetration of high-hardness martensite in a
19 mm (0.75 in.) diam round bar of brine-quenched
W1 tool steel. Depth of hardness penetration, to the
distance from the surface where hardness drops
below a given value (for example, 55 HRC as de-
fined in Fig. 7-7), has been used as a measure of
hardenability for shallow-hardening steels. Figures
7-8 and 7-9 show the effects of small amounts of
alloying elements on hardenability in terms of
depth of hardness penetration for bars of 25 and 19
mm (1 and 0.75 in.) diam, respectively. Figure 7-8
shows the effects of small combined amounts of
manganese, silicon, chromium, and nickel on har-
denability of brine-quenched 1% C steels, and Fig.
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Fig. 7-4 Quench crack severity as a function of grain size for
carbon tool steel austenitized at two temperatures. Source: Ref 8
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7-9 shows the effects of manganese plus silicon
amounts on hardenability of high-carbon steels with
two modest levels of chromium.

Hardenability of high-carbon W-type steels has
also been evaluated by determining ideal diameters
according to the method of Grossmann (Ref 10-12).
Table 7-3 lists critical diameters for brine-quenched
high-carbon steels containing about 1.0% C with
low alloy contents (Ref 11), Table 7-4 shows the
effects of manganese, silicon, and chromium vari-
ations on ideal critical diameters of 1.27% C
steels, and Table 7-5 shows the effect phosphorus
variations on hardenability of 1.0% C tool steels.
Phosphorus, an undesirable residual element be-
cause of the role it plays in quench cracking and
quench embrittlement, has been found to increase
hardenability of medium- and high-carbon steels
(Ref 13, 14).

Hardenability has also been discussed in Chapter
S, along with the work of Jatczak (Ref 12), which
shows the important effect of austenitizing above
and below A.p, on the hardenability of high-carbon
steels. Fig. 7-10 also shows the effect of austenitizing
temperature on the hardenability of water-hardening
tool steels (Ref 15). The section size that will
harden to 60 HRC on oil quenching increases
with increasing austenitizing temperature for
three arbitrary classifications of hardenability,
based on control of minor alloying additions as
discussed above. Increasing hardenability with in-
creasing austenitizing temperature is consistent

with increased solution of carbides and increased
grain size.

Tempering of Water-Hardening
Tool Steels

As-quenched martensitic specimens have very
low toughness and high residual stresses. Therefore,
hardened carbon tool steels should be tempered im-
mediately after hardening, preferably before the
tool reaches room temperature, in order to pre-
vent cracking and increase toughness. The as-
quenched hardness of water-hardening tool steels
drops rapidly as a function of tempering tempera-
ture. Fig. 7-11 shows hardness changes as a func-
tion of tempering temperature for tempering times
between %5 and 2 h for a 1% C tool steel. The
approximate temperature ranges of the three stages
of tempering, as described in Chapter 5, are shown.
In view of the absence of alloying elements in car-
bon tool steels, all microstructural changes are de-
pendent primarily on carbon atom diffusion to form
the various distributions of carbides within the ma-
trix tempered martensite. Therefore, tempered mi-
crostructures coarsen rapidly, and hardness de-
creases accordingly.

Hardness changes are also a function of temper-
ing time. Figure 7-12 shows hardness changes as a
function of time at various tempering temperatures
for a W1 tool steel (Ref 16). At a given temperature,
hardness at first decreases rapidly from that of
as-quenched martensite but then decreases much
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more slowly with increasing time. These observa-
tions reinforce the rule that temperature is a much
more important parameter than time with respect to
the tempering process.

Austenitizing temperature and alloying, within
the narrow range applied to water-hardening tool
steels, also affect hardness and microstructural

Water Hardening Tool Steels

changes during tempering. Figure 7-13 shows tem-
pering curves for shallow-hardening, medium-hard-
ening, and deep-hardening groups of water-harden-
ing tool steels. The more highly alloyed steels show
better resistance to softening during tempering.
Higher austenitizing temperatures, which put more
carbon in solution in the austenite, and conse-

Table7-3 Compositions and hardenabilities of W-type tool steels

Critical diameter
for brine quench
H=5.0)
Observed

Heat Composition, % Calculated (approx.)
No. C Mn Si Cr Ni v Mo mm in. mm in.
1 1.02 0.09 0.03 0.05 0.02 0.03 0.03 38 0.15 <12.7 <0.5
2 1.03 0.28 0.15 0.04 0.02 nil 89 0.35 <12.7 <0.5
3 1.07 0.15 0.09 0.05 0.10 nil 5.1 0.20 <12.7 <0.5
4 1.07 0.34 0.22 0.10 0.03 nil 114 0.45 <127 <0.5
5 1.00 0.24 0.17 009 0.07 0.01 11.4 0.45 127 0.5
6 1.09 0.26 0.26 0.17 0.20 nil 11.4 0.45 12.7 0.5
7 1.04 0.29 0.16 0.15 0.14 0.03 12.7 0.50 15.2 0.6
8 1.00 0.31 0.28 0.13 0.07 0.03 15.2 0.60 17.8 0.7
9 0.97 046 0.29 0.17 0.05 nil 203 0.80 203 0.8
10 0.99 0.36 0.31 0.15 0.17 0.03 19.1 0.75 203 0.8
11 0.98 0.50 0.37 0.23 0.12 0.03 229 0.90 25.4 1.0
12 0.94 045 0.36 0.21 0.16 nil 25.4 1.0 254 1.0

Note: Ideal critical diameters calculated using data of Jaiczak and Devine (Ref 11) and converted to critical diameter for H = 5.0 according to curves of Grossman (Ref 10)

Table 7-4 Effect of manganese, silicon, and chromium on the hardenability of 1.27% C steels

Penetration, 19 mm

(0.75 in.) diam round Ideal critical diameter, mm (in.)
in Ygq in. Observed,
Heat Composition, % 790 °C 870 °C 790 °C Calculated
designation C Mn Si Cr Other (1450 °F) (1600 °F) (1450 °F) [43] ) [&)]
A 1.26 0.13 0.04 0.02 (a) 5 5% 163(0.64) 10.7(042) 11.2(0.44) 8.1(032)
B 1.26 0.31 0.27 0.09 (b) 8 14 18.8(0.74) 20.1(0.79) 6.1(0.24) 17.8(0.70)
C 1.30 0.40 0.27 0.29 © 13 Through  20.6(0.81) 20.6(0.81) 363(1.43) 254(1.00)
(a)0.010% S. 0.010% P.(b)0.010% S, 0.018% P. (¢) 0.010% S, 0.016% P. 0.02% Mo
Table7-5 Effect of phosphorus on the hardness penetration in 1% C tool steels
Depth of hardened
case in 255 mm (1 in.) diam
brine quenched
Composition, % from 775 °C (1430 °F)
C Mn Si Cr Ni S P mm in.
1.01 0.34 0.24 0.26 0.27 0012 0014 5.59 0.220
0.040 11 0.280
1.00 0.31 0.28 0.17 0.18 0.015 0.015 4.06 0.160
0.040 5.08 0.200
Source: Ref 14
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quently higher carbon in the martensite, produce
microstructures with somewhat higher hardness
than do lower austenitizing temperatures.
Hardness of carbon tool steels, as described
above, decreases slowly with increasing temper-
ing in the first stage and then more rapidly. The
hardness decreases are continuous, except for the
very beginning of stage 1, where hardness may
increase slightly in high-carbon steels due to very
fine-scale transition carbide precipitation (Fig 7-
12) (Ref 17). Evaluation techniques other than

hardness measurements, however, show that some
properties, especially those related to fracture, are
not continuous in the tempering temperature range
used for the water-hardening steels. In high-
strength, low-toughness, high-carbon martensitic
steels tempered at low temperatures, very small sur-
face flaws initiate tensile fracture; as aresult, tensile
testing is not reliable. Mechanical property
changes must therefore be assessed by less notch-
sensitive techniques such as torsion or compres-
sion testing.

(b)

Fig. 7-6 Microstructures of water-hardening tool steels. (a) Upper bainite (fine, feathery structure) and peariite (dark nodules).

(b) Lower bainite and retained austenite. Courtesy of J.R. Vilella
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Figure 7-14 shows a series of torsion stress-strain
curves for a 1.1% C steel quenched from 790 °C
(1450 °F) and tempered at various temperatures
(Ref 18). Tempering between 150 and 200 °C (300
and 390 °F) improves strength and ductility com-
pared to as-quenched specimens, but tempering at
250 °C (480 °F) lowers ductility even though
strength is decreased. Torsion impact testing (Fig.
7-15) shows a similar maximum in fracture resis-
tance between 150 and 200 °C (300 and 390 °F) and
a sharp drop in specimens tempered around 260 °C
(500 °F) (Ref 19). The peak in torsion impact
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Fig. 7-7 Hardness profile of a 19 mm (0.75 in.) diam bar
of brine-quenched W1 steel containing 1.06% C, 0.27% Si,
0.36% Mn, 0.010% S, 0.015% P, and 0.05% Cr. Data from
Teledyne VASCO
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strength is a function of austenitizing temperature,
and Fig. 7-16 shows that the low-temperature peak
in torsional strength is shifted to higher tempering
temperatures with increasing austenitizing tempera-
tures. These changes represent complex interactions
between the mechanisms of plastic deformation as
affected by carbon in solution and transition carbide
formation in martensite, and the mechanisms of
fracture associated with larger carbides that contrib-~
ute to the initiation and propagation of torsional
shear fractures. These interactions have been dis-
cussed relative to LTT medium-carbon martensitic
steels (Ref 1, 20, 21), but are largely unexplored in
high-carbon hardened steels.

The decrease in toughness of hardened steels tem-
pered in the range of 250 to 350 °C (480 to 660 °F) has
been referred to as tempered martensite embrittle-
ment (Ref 22). In medium-carbon steels, tempered
martensite embrittlement may take several forms,
ranging from intergranular fracture to transgranular
cleavage and ductile fracture, depending on the
phosphorus and carbon content of the steel. All of
the mechanisms have been linked to the formation
of carbides during the second and beginning third
stage of tempering, and the effect of embrittlement
is more severe the greater the toughness of the steel
in the unembrittled condition. In high-carbon hard-
ened steels, which have inherently low toughness
even if tempered below the embrittlement range,
tempered martensite embrittlement tends to main-
tain that low toughness, rather than substantially
decrease toughness.

Figures 7-17 and 7-18 show the Charpy V-notch
(CVN) impact toughness and fracture toughness,
respectively, of a low-alloy 52100 steel containing
1% and 1.5% Cr (Ref 5). This steel is closer in
composition to the low-alloy L-type tool steels dis-
cussed in Chapter 8, but similar fracture behavior is
expected in water-hardening steels austenitized be-
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70
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Fig. 7-8 Etfect of total manganese, silicon, chromium, and nickel contents on the depth of hardness penetration in 25 mm (1
in.) diam bars of steels containing 1% C and brine quenched from 790 °C (1455 °F)
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low their A.p, temperature. The 52100 specimens fracture toughness testing. The low-toughness duc-
were intercritically austenitized at 850 °C (1560 °F), tile fracture is attributed to the high-carbon tem-
therefore, the hardened microstructures consisted of pered martensitic matrix and the high density of
spheroidized carbides dispersed in a matrix of tem- closely spaced carbide particles. The slight decrease
pered martensite. All fracture surfaces consisted of in toughness after tempering between 200 and 300
microvoids formed around the spheroidized carbide °C (390 and 570 °F) was attributed to the formation
particles, and thus the fracture is classified as duc- of additional void-nucleating particles during the
tile. Nevertheless, toughness is very low, whether second stage of tempering. Phosphorus content had
measured by impact loading in CVN specimens or a relatively small effect on specimens tempered at
by static loading of precracked specimens during low temperatures but a greater effect after high-tem-
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perature tempering, during which phosphorus at-
oms could diffuse to carbide interfaces and lower
carbide/matrix interfacial fracture resistance.
Specimens of the 52100 steels austenitized above
Acm at 965 °C (1770 °F) were embrittled by phos-
phorus segregation and cementite formation at

Tempering temperature, °F
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Fig. 7-11 Hardness as a function of tempering tempera-
ture for 1% C tool steels. Tempering times between %, and 2 h.
AQ, as quenched. Data from Teledyne VASCO
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austenite grain boundaries, and in the compact ten-
sion fracture toughness tests, unstable crack propa-
gation occurred by brittle intergranular fracture in
the as-quenched condition and after tempering at all
temperatures up to 300 °C (570 °F). The specimens
austenitized at 965 °C (1770 °F) also were sensitive
to quench cracking, and all quenched CVN speci-
mens showed quench cracks in the specimen
notches. Figure 7-19 compares the transgranular frac-
ture surface of a 52100 specimen austenitized at 850 °C
(1560 °F) to the largely intergranular fracture surface of
a 52100 specimen austenitized at 965 °C (1770 °F). Both
specimens were tempered at 200 °C 390 °F) for 1 h.

The transformations and microstructural changes
that develop during tempering of martensite, in addi-
tion to changing mechanical properties, cause dimen-
sional changes. Figure 7-20 shows the relative length
changes that occurred as a function of time during
tempering of a W1 tool steel containing 1.07% C at a
number of temperatures (Ref 23). During low-tem-
perature tempering, the specimens contract as the
tetragonality of the high-carbon as-quenched
martensite is reduced by transition carbide precipita-
tion. At tempering temperatures of 120 °C (250 °F)
and higher, the contraction is reversed, and specimens
begin to expand as retained austenite, with its close-
packed crystal structure, transforms to bainitic mix-
tures of ferrite and cementite. The dimensional
changes associated with the transformation of the re-
tained austenite shift to shorter times with increasing
tempering temperature. This response to tempering is
shown clearly in Fig. 7-21.
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Fig. 7-12 Hardness asa function of tempering time at various temperatures for W1 steel containing 0.98% C, 0.30% Mn, and 0.30%

Si. Specimens were hardened by brine quenching after 1 h at 870 °C (1
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The gradual contraction of hardened specimens at
room temperature, as shown in Figure 7-20, is of
considerable practical importance. The gradual
change in dimensions at low temperatures, often
termed aging, is a serious concern in accurate meas-
uring tools where dimensional stability is of prime
importance. The dimensional instability may be re-
duced by tempering at high temperatures, but this
approach decreases hardness and, consequently,
wear resistance. Lement et al. (Ref 24) have studied
the effect of various tempering heat treatments, in-
cluding refrigeration and double tempering, on di-
mensional changes at room temperature for times up
to 1 year. The results are shown in Table 7-6. For a
hardness level of 65 HRC, a simple 1 h temper at
150 °C (300 °F) is just as effective in minimizing
dimensional changes as more complex heat treat-
ments. Repeated cycles of low-temperature tempering
at 150 °C (300 °F) and cooling in dry ice at —76 °C
(~105 °F) have also been suggested to stabilize dimen-
sions of tools and gages (Ref 25).
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Table 7-6 Effect of heat treatment of W1 steel on dimensional stability at room temperature

Total change in length on aging at 20 °C (68 °F),

Thermal treatment, °C (°F) pm/m or pin.fin.
First temper Refrigeration Second temper Hardness, HRC 1 month 3 months 1year
150 (300), 1 h None None 65 -3 -6 -10
150 (300), 1 h ~-86(-123) None 65.5 -8 -10 -14
150 (300), 1 h -196 (-321) None 65.5 -10 -14 -17
150 (300), 1 h —-86(-123) 150(300),1h 65.5 -10 -10 -14
150 (300), 1 h -196 (-321) 150 (300), 1h 65.5 -8 -11 -16
175(350), 1 h None None 64.5 -3 -6 -10
205 (400), 1 h None None 63 -2 -3 -7
260 (500), 1 h None None 615 -2 -3 -3
None -196 (-321) 150 (300), 1 h 67.5 -4 -9 -13
None -196 (-321) 175(350), 1h 66 -4 -8 -9
None -196 (-321) 205 (400), 1h 63.5 -3 -5 -6
None -196 (-321) 260 (500), 1h 59.5 -3 -5 -5

Note: All specimens were initially hardened by water quenching from 790 °C (1450 °F). Source: Ref 24
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Fig. 7-19 Fracture surfaces of hardened 52100 steel after austenitizing at 850 °C (1560 °F) (a) and 965 °C (1770 °F) (b). Source:
Ref 5
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CHAPTER 8

Low-Alloy Special-Purpose Tool Steels

The low-alloy special-purpose tool steels, desig-
nated as group L steels in the AISI classification
system, are similar to the water-hardening tool
steels but have somewhat greater alloy content. The
higher alloy content increases wear resistance, or
tool life, and also increases hardenability relative to
the water-hardening steels. In view of their higher
hardenability, for most applications the L steels can
be oil quenched, a factor that minimizes dimen-
sional changes during hardening. Parts with simple
shapes or heavy sections made from L-type steels
(for example, rolling-mill rolls) can be water or
brine quenched. At one time at least seven grades of
L steels were used in varying amounts (Ref 1), but
currently only types L2 and L6, with various carbon
levels, are manufactured and used. The fourth edi-
tion of Tool Steels includes considerable information
about the L-type tool steels that are no longer used.

Table 8-1 lists the compositions of the L2 and L6
tool steels, and Table 8-2 provides processing and
performance information for these steels. This
chapter will discuss the metallurgy of the L steels
in the order presented in these tables: first the
chromium-alloyed L steels with carbon contents
above 0.65%, then the chromium-alloyed steels
with carbon contents below 0.65%, and finally the
nickel-alloyed L6 steels. Applications for the L
steels include tools such as precision gages, cold-
heading dies, swaging dies, rock drills, shears,
woodworking tools, punches and dies, drills,

broaches, and cutlery. Nontool uses include bear-
ings, bearing races, and small- to medium-size rolls.

Low-Alloy Chromium Tool Steels
with High Carbon Content

Chromium, the major alloying element added to
L2 tool steels, affects hardenability and tempering
resistance; the higher the chromium content, the
better the hardenability and the better the resistance
to softening during tempering. Figure 8-1 shows
hardness-penetration curves for brine-quenched 38
mm (1.5 in.) diam rounds of 1.10% C steels austeni-
tized at two temperatures. The steels with higher
chromium contents harden to deeper depths than the
lowest-chromium steel. Although hardness de-
creases for all the steels with increasing distance
into the rounds, indicating bainite formation, the
higher hardness of the higher-chromium steels at a
given location correlates with bainite-martensite
mixtures with a higher martensite content than in
the lowest-chromium steel. The higher austenitizing
temperature, 815 °C (1500 °F) versus 790 °C (1450 °F),
shows the beneficial effect of increased chro-
mium and carbon in austenite solution on har-
denability. The effect of chromium on increasing
depth of hardening has been applied in bearing
manufacture. Table 8-3 shows how chromium
content can be adjusted to provide the proper har-
denability for through-hardened bearings of differ-
ent sizes (Ref 2).

Table 8-1 Compositions of low alloy L-type tool steels

Nominal composition, mass %

AlSItype UNS No. c Mn

L2, high carbon T61202  0.65-1.10  0.10-0.90
1.2, medium carbon T61202  0.45-065  0.10-0.90
L6 T61206  0.65-075  0.25-0.80

(a) optional

Si Cr v Ni Mo
0.50max  0.70-1.20 0.10-0.30
0.25 0.70-1.20 0.10-0.30 0.25 max(a)
0.25 0.60-1.20 0.20-030¢(a) 1.25-2.00  0.50 max(a)
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Table 8-2 Performance factors and processing information for low-alloy special-purpose tool steels

Factor L1, high carbon L2, medium carbon Lé
Major factors
Wear resistance(a) 2-3 1 1 3
Toughness(b) 46 7 7 6
Hot hardness 2 2 2 2
Minor factors
Usual working hardness, HRC 45-63 45-60 45-62 45-62
Depth of hardening M M M M
Finest grain size at full hardness,Shepherd standard 9 9 8, 8
Surface hardness as-quenched, HRC 58-67 64-61 56-62 58-63
Core hardness (25 mm or 1 in., diam round), HRC 54-60 47-58 54-58 58-62
Manufacturing factors
Availability 2 2 2 2
Cost 1 1 1 1
Machinability 8 8 8 7
Quenching medium w,0 w,0 w,0 (0]
Hardening temperature, °C (°F) 760-815 790-925 800-885 760-790
(1400-1500) (1450-1700) (1475-1625) (1400-1450)
Dimensional change on hardening H H M M
Safety on hardening L L M M
Susceptibility to decarburization M M M M
Approximate hardness as-rolled or forged, HB 350 300 300 400
Annealed hardness, HB 163-202 163-202 163-207 183-255
Annealing temperature, °C (°F) 760-815 790-830 790-830 760-790
(1400-1500) (1450-1525) (1450-1525) (1400-1450)
Tempering range, °C (°F) 175-540 175-540 175-595 175-540
(350-1000) (350-1000) (350-1000) (350-1000)
Forging temperature, °C (°F) 980-1095 980-1095 980-1095 980-1095
(1800-2000) (1800-2000) (1800-2000) (1800-2000)

Note: Ratings ase explained in Chapter 2. (a) Wear resistance increases with increasing carbon content. (b) Toughness decreases with increasing carbon content and depth of
hardening.
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Vanadium, also an alloying element added to L2
tool steels, actually reduces hardenability some-
what, if the steels are austenitized at low tempera-
tures. Figure 8-2 shows reduced hardness penetra-
tion in steels, with about the same carbon and
chromium contents, when vanadium is added. This
effect is related to the very strong carbide-forming
ability of vanadium and to the fact that at low
austenitizing temperatures, around 800 °C (1475 °F),
vanadium carbides do not dissolve. Finely dispersed
vanadium carbide particles thus maintain a very fine
austenitic grain size, which reduces hardenability
(see Chapter 4). The strong carbide-forming charac-
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Fig. 8-2 Hardness-penetration curves for 40 mm diam
by 150 mm (1% by 6 in.) round bars of L2 tool steel with and
without vanadium, brine quenched from 800 ° C (1475 °F).
Data from Teledyne VASCO

Table 8-3 Chromium content required for
through-hardening of listed sizes

Ball diameter
mm in, Cr,%
3.2-16 Y% 0.75-1.05
16-29.8, %—1%s 1.05-1.35
>29.8 >1 %6 1.35-1.65

Low-Alloy Special Purpose Tool Steels

teristics of vanadium and the associated fine
austenitic grain sizes, however, are desirable because
they increase fracture resistance and resist grain coars-
ening during overheating.

Due to their relatively low alloy content, the L-type
tool steels are readily forged (typically between 980
and 1095 °C, or 1800 and 2000 °F) and may be air
cooled after forging. Annealing is performed at rela-
tively low temperatures, as listed in Table 8-2, in
order to produce a very fine dispersion of carbides
in ferrite for subsequent hardening.

Hardening of the high-carbon L, tool steels is
dependent on austenitizing and the transformations
that occur during cooling. Table 8-4 shows exam-
ples of hardening temperatures for selected grades
of L2 steels. The somewhat better hardenability of
the L steels compared to the water-hardening steels
makes possible adequate martensite formation by
oil quenching in most applications, but in some
cases water quenching may be required for suffi-
cient depth of hardening. Table 8-4 shows that
austenitizing temperatures for water quenching are
lower than those for oil quenching, consistent with
the fact that more severe water quenching can ac-
complish hardening without the benefits of the en-
hanced carbon and chromium solution that occurs at
higher austenitizing temperatures. Water quench-
ing, however, must be used with care because of the
increased possibility that the higher surface tensile
stresses generated by more severe quenching will
cause quench cracking. The latter precaution ap-
plies especially to the L2 grades with higher har-
denability by virtue of high manganese contents
within the specification range.

The L-type tool steels have austenite transforma-
tion characteristics typical of low-alloy steels;
namely, the transformation kinetics as a function of
temperature are characterized by a single C-curve as
compared to the two well-separated C-curves for
transformations in the highly alloyed tool steels.
Figure 8-3 shows an IT diagram for a 1% C steel
containing 1.21% Cr (Ref 3). As discussed in Chap-
ter 4, Jominy end-quench testing relates austenite
transformation kinetics to the hardness of the micro-
structures formed by continuous cooling. Figures
8-4 to 8-7 show Jominy end-quench curves for vari-
ous L2 steel compositions. The effects of carbon
content between 0.70 and 1.00% and chromium con-
tents of 0.80 and 1.40% are shown for a constant
vanadium content of 0.2%. The effect of austenitizing
at three temperatures also is shown for each grade.

Table 8-4 Typical compositions and hardening temperatures for L2-type steels

Typical compoesition , %

Hardening temperature, °C (°F)

C Mn Cr \ Water quench Qil quench

0.70 0.25 0.80 0.20 775-815 1425-1500 815-860 1500-1575
0.80-1.00 0.25 0.80 0.20 760805 1400-1480 800-845 1475-1550
1.00 0.25 1.40 0.20 760805 1400-1480 815-870 1500-1600
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The higher the austenitizing temperature, the
higher the hardness of the fully martensitic micro-
structures that form at the quenched end of the
Jominy specimens and the greater the distance from
the quenched end to which high hardness is main-
tained. The carbide that forms in the L steels during
annealing is cementite, which incorporates a limited
amount of chromium in its crystal structure (Ref 4).
At the higher austenitizing temperatures, as the car-
bides dissolve, increasing amounts of chromium
and carbon go into solution in the austenite, produe-
ing the changes shown on the Jominy curves. Fig-
ure 8-8 shows similar effects of hardening tem-

perature on hardness profiles of brine-quenched 89
mm (3.5 in.) diam rounds of an L2 steel and illus-
trates the relatively shallow hardening of the L
steels in heavy sections. A unique aspect of the L2
steel Jominy curves is the small hardness peak, at
cooling rates slower than those at which bainite
form, associated with the formation of pearlite with
very fine interlamellar ferrite-cementite spacing
(Ref5, 6).

Figure 8-9 shows a CCT diagram for a 1.0% C
steel alloyed with manganese, nickel, chromium,
and molybdenum (Ref 7). Although this grade is no
longer produced, the diagram illustrates the pro-
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gression of microstructures from martensite through
pearlite as cooling rate decreases for this type of
steel (Ref 8). Carbides retained after austenitizing
are a constant component of all the transformed
microstructures.

If hardenability is adequate, and with appropriate
cooling rates and section sizes, the austenite of the
low-alloy L-type tool steels transforms to martensi-
tic microstructures. The martensite transformation
kinetics, tempering, and associated dimensional
changes have been extensively studied as a result of
sponsorship of Cohen and colleagues at the Massa-
chusetts Institute of Technology by manufacturers
of gage blocks (Ref 9-16). Much of this work has
been summarized in a book by Lement (Ref 16).

Low-Alloy Special Purpose Tool Steels

The amount of martensite formed in a low-alloy
steel during a continuous quench to room tempera-
ture is a function only of the M temperature of the
austenite from which it forms. The athermal marten-
site transformation during continuous cooling and
the stabilization of the transformation during inter-
rupted cooling have been described in Chapter 5.
The M; temperature is in turn directly related to the
composition of the austenite as determined by alloy
composition and austenitizing temperature.

Figure 8-10 shows the effect of austenitizing tem-
perature on M temperatures in 1.1% C steels with-
out chromium and with two levels of chromium
(Ref.14). Again, the strong effect of carbide disso-
lution as a function of temperature is shown. This
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Fig. 8-5 Jominy end-quench curves for L2 tool steel, containing 0.80% C, 0.80% Cr, and 0.20% V, after quenching from three

hardening temperatures. Data from Teledyne VASCO

70

TR Sy \K
60 =

oY
NS
.
b\ “
50 L)

Hardness, HRC

\ —
0 DR B R O D o
~~§_..~~ N ..~\\\
30 = TN
Austenitizing temp. s P ‘~->

-==T775°C he N
20— ..... 815°C ~

— B45°C 1
10 |

1 2 3 4 56 7 8 910 12 14 16 1820 24 32

Distance from water-cooled end, s in.

Fig. 8-6 Jominy end-quench curves for L2 tool steel, containing 0.92% C, 0.80% Cr, and 0.20%V, after quenching from three

hardening temperatures. Data from Teledyne VASCO

145



Tool Steels

effect was related earlier to increased hardenability;
here, another effect of chromium and carbon dis-
solved in austenite is noted— namely, lower M,
temperatures. As a result, less martensite forms on
reaching room temperature, and more austenite is
retained. For example, Table 8-5 shows that the
amount of retained austenite increases as increased
austenitizing temperature dissolves more carbides
in 1.1% C steels with varying amounts of chro-
mium. In view of martensite athermal formation
kinetics, retained austenite present at room tempera-
ture can be transformed by refrigeration. However,
arrested cooling— which causes stabilization and
reduces the rate of martensite formation when cool-
ing is resumed— must be taken into account.

Differences in cooling rate also affect martensite
transformation kinetics. Slower cooling rates lower
the rate of martensite transformation and result in
higher amounts of retained austenite on cooling to a
given temperature. Table 8-6 shows the effect of
various cooling schedules on the amount of retained
austenite formed in an L2 tool steel (Ref 17), and
Fig. 8-11 compares the hardness of transformed
microstructures and the amount of retained
austenite formed during water and oil quenches as a
function of austenitizing temperature (Ref 10). In-
dependent of cooling media, the amount of retained
austenite increases rapidly in specimens austeni-
tized above 845 °C (1550 °F) and approaches a
maximum in specimens austenitized above 1010 °C
(1850 °F), the temperature above which significant
grain coarsening also develops.

Retained austenite in as-quenched specimens of
L-type tool steels is not stable at room temperature
and transforms to martensite with increasing time at
room temperature. Figure 8-12 shows the isother-
mal transformation of retained austenite as a func-
tion of time at room temperature for L2 steel con-
taining 1.0% C, 1.56% Cr, and 0.20% V and
quenched in various media to produce various

as-quenched amounts of retained austenite (Ref 13).
The expansion created by the transformation of re-
tained austenite to martensite creates stress; there-
fore, tempering soon after quenching is recom-
mended to prevent the development of this
additional source of stress after quenching.

Tempering of the low-alloy, high-carbon L2-type
tool steels causes a continuous decrease in hardness
with increasing tempering temperature, and higher
chromium contents reduce the rate of softening, as
shown in Fig. 8-13. At tempering temperatures be-
low 200 °C (390 °F), the first stage of tempering
(@i. e., transition carbide precipitation in martensite
crystals) constitutes the major change in micro-
structure. Hardness remains relatively high, or may
even increase slightly, toughness increases, residual
stresses decrease, and specimen dimensions con-
tract. Figure 8-14 shows that retained austenite is
stable in the first stage of tempering (Ref 18).

The second stage of tempering (i.e., the transfor-
mation of retained austenite to carbide-ferrite mi-
crostructures) proceeds rapidly with tempering at
temperatures above 200 °C (390 °F) in the low-alloy
L2-type steels (Fig. 8-14). Hardness drops rapidly
and toughness is reduced. A beneficial effect, how-
ever, of the elimination of retained austenite is in-
creased dimensional stability under service stresses
in applications such as gages and ball and roller
bearings (Ref 19). If retained austenite is present in
these applications, it may transform, by stress- or
strain-controlled mechanisms (Ref 20), to marten-
site with attendant increases in part dimensions.

Figure 8-15 shows the dimensional changes that
occur as a function of tempering time and tempera-
ture in a low-alloy L2 tool steel containing 1.0 % C,
1.5 % Cr, and 0.2 % V. The slight expansion at room
temperature and below is attributed to isothermal
transformation of retained austenite to martensite.
At higher tempering temperatures there is an overall
contraction that correlates with the decrease in
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tetragonality of the martensite as transition carbides
precipitate and relieve the carbon supersaturation of
the martensite. At higher temperatures, the initial
contraction period is followed by expansion, as re-
tained austenite transforms to ferrite and carbides in the
second stage of tempering. The diffusion-controlled
transformation of the retained austenite is a function
of time and temperature, and at the lower tempering
temperatures requires considerable time for initia-
tion. The dimensional changes associated with
austenite transformation go through a maximum
with increasing tempering temperature, and at
higher temperatures are overwhelmed by the con-
traction associated with third-stage formation of
ferrite and cementite and the complete elimination
of tetragonality in the tempered martensite.

The dimensional changes shown in Fig. 8-15 are
based on changes produced only during tempering
of as-quenched hardened microstructures. The hard-
ening process results in an expansion relative to the

Table 8-5 Effect of austenitizing temperature
and chromium content on retained austenite
and undissolved carbides in 1.1% C steels

845 °C (1550 °F) 925 °C (1700 °F)
Ch Retamned  Undissolved Retained  Undiscolved
content, % austenite, % carbide, % austenite, % carbide, %
0 16 0.5 20 0
1.5 7 4.5 22 1.6
2.8 2 6.9 21 35

(a) All specimens were brine guenched to 25°C (77 °F)
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spheroidized annealed structure of ferrite and car-
bides, and to obtain the over-all change in dimen-
sions on hardening and tempering, this length
change, estimated to be +1500 micro-in./in. for L2
type steels with 1.0% C, should be added to the
changes shown in Fig. 8-15.

Torsional impact strength of high-carbon L-type
steels as a function of tempering temperature is
shown in Fig. 8-16 (Ref 21). Included for compari-
son is a curve for a plain carbon water-hardening
steel. All the steels show a maximum in torsional
impact strength when tempered between 150 and
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200 °C (300 and 390 °F), but then show a marked
decrease in toughness when tempered at tempera-
tures above this range. This decrease in toughness,
formerly referred to as 260 °C (500 °F) embrittle-
ment, is now termed tempered martensite embrittle-
ment. The major cause for the drop in toughness is
the introduction of coarse carbide particles during
the second stage of tempering. Tempered martensite
embrittlement also reduces CVN impact toughness
and fracture toughness, as described for a 52100
steel in Chapter 7.

Figure 8-17 shows static torsion curves for high-carbon
L-type steels with and without addition of vana-
dium. The vanadium-containing steel shows better
ductility than the steel without vanadium, and both
steels show a decrease in ductility in specimens
tempered in the tempered martensite embrittlement
range.

The comments that have been made here with
regard to the increase in toughness with tempering
in the first-stage temperature range are based on
specimens properly hardened at intercritical
austenitizing temperatures as noted in Table 8-2 for
the various L tool steels. Austenitizing for harden-
ing at temperatures above A, (i.e., overheating on
heat treatment) will cause grain coarsening and as-
sociated phosphorus segregation and cementite for-
mation at austenite grain boundaries. Such embrit-
tled grain boundaries are then extremely sensitive to
intergranular fracture during quenching or in serv-
ice, as discussed in earlier chapters.

Low-Alloy Chromium Tool Steels
with Medium Carbon Content

The medium carbon content (between 0.45 and
0.6 %) of these L2 tool steels makes possible good
combinations of high strength and toughness in
hardened and tempered conditions. As Table §-2
shows, the toughness of the medium-carbon L2
steels is much improved relative to the high-carbon
L2 steels, but wear resistance is reduced. Other
medium-carbon types of tool steels, such as L6,

Table8-6 Effect of cooling rate in the martensite
transformation range on retained austenite in
an L2-type steel

Quenching treatement Retained austenite , %
Water quenched to 20 °C (68 °F) 58
Qil quenched to 20 °C (68 °F) 70
Salt quenched to 230 °C (450 °F), 6.1
water quenched to 20 °C (68 °F)
Salt quenched to 230 °C (450 °F), 6.2
oil quenched to 20 °C (68 °F)
Salt quenched to 230 °C (450 °F), 10.6
air cooled t0 20°C (68 °F)

(a) Composition: 1.0% C, 1.5% Cr, 0.2% V; austenitized at 845 °C (1500 °F); 4.0%
undissolved carbide. Source: Ref 17
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which contains nickel as described below, and the
medium-carbon S-type tool steels alloyed with sili-
con and tungsten may have comparable toughness
but may be less favored than the medium-carbon L2
grades for various reasons. For example, the nickel-
containing steels are less machinable, the silicon-
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containing steels are more susceptible to decarburi-
zation, and the tungsten-containing steels, although
they have better wear resistance and hot hardness,
are more expensive.

Forging temperatures for the medium-carbon L2
steels are listed in Table 8-2. Forging is readily
accomplished, with finishing temperatures down to
845 °C (1550 °F) allowable with the application of
reasonable care. Somewhat slower rates of heating
to forging temperatures than those used for plain
carbon steels may be used to prevent cracking. The
medium-carbon L2 steels can be air cooled after
forging, and furnace cooling from the annealing
temperature range listed in Table 8-2 should result
in well-annealed microstructures with annealed
hardness values in the listed range.

For hardening, the medium-carbon L2 steels have
relatively low sensitivity to austenitizing tempera-
ture. The A, temperature is reduced relative to the
high-carbon grades of L2 tool steel; therefore, the
dissolution of carbides plays a reduced role in har-
denability. Also, vanadium additions maintain fine
austenitic grain sizes at austenitizing temperatures
up to 925 °C (1700 °F). Figure 8-18 shows the
relatively flat hardness and fine grain size as a func-
tion of austenitizing temperature for an L2 steel
containing 0.45% C.

Figure 8-19 shows an IT diagram for an L2 steel
containing 0.50% C. Two overlapping C-curves,
one for ferrite and pearlite, the other for bainite, are
apparent. Pearlitic hardenability (i.e., resistance to
pearlite formation) is higher than bainitic har-
denability; therefore, the formation of a proeutec-
toid constituent or bainite limits hardenability.
When molybdenum is added to this grade of steel,
the shift between pearlite and bainite C-curves is
accentuated, as shown in Fig. 8-20 and 8-21 (Ref
22, 23). Jominy end-quench curves for L2 steels
with 0.50 and 0.60% C are shown in Fig. 8-22 and

Low-Alloy Special Purpose Tool Steeis

8-23, respectively. Higher carbon content raises the
hardness of the martensite formed at the water-
quenched end, according to Fig. 7-1, and maintains
higher hardness at greater distances, corresponding
to slower cooling rates, from the quenched end.

Hardness as a function of tempering temperature
is shown in Fig. 8-24 for a number of medium-carbon
L2-type steels. In the vanadium-containing grades,
increasing carbon content maintains higher hard-
ness through the first stage of tempering. At higher
tempering temperatures, hardness decreases con-
tinuously but at a lower rate with increasing carbon
content. Additions of molybdenum cause signifi-
cant retardation of softening at high temperatures.

The L2 tool steels with medium carbon content at
and below 0.50% C have limited sensitivity to
quench embrittlement, as would be expected from
Fig. 7-2. As a result, tensile testing can be applied
to evaluate mechanical properties of hardened and
tempered specimens. Table 8-7 compares the me-
chanical properties of two medium-carbon L2
steels, almost identical in composition except for
vanadium content. After tempering at 425 °C (800
°F), the vanadium-containing steel shows not only
higher strength and hardness, but also increased
ductility relative to the vanadium-free steel. Other
sets of mechanical properties for medium-carbon
L2 steels are listed in Table 8-8 as a function of
tempering temperature and heat treatment parame-
ters, such as quench media and austenitizing tem-
perature. Oil quenching of 0.45% C L2 steels re-
duces strength, but increases ductility compared to
water quenching. Higher carbon content increases
strength, but reduces ductility, even in oil-quenched
specimens.

Elevated-temperature mechanical properties of
an L2 steel containing 0.50% C are listed in Table
8-9. Only tests at temperatures at or below the
tempering temperature applied to the steel prior

Austenitized 845 °C, quenched as indicated
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Fig. 8-12 Isothermal decomposition of austenite at room temperature in an L2 steel, containing 1.0% C, 1.56% Cr, and 0.20%
V, after different quenching treatments. Specimens quenched to temperatures above room temperature were held at temperature for

5 min and air cooled. Source: Ref13
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to testing yield stable properties; otherwise, as shown,
the specimens lose strength and soften rapidly.
Various measurements of toughness as a function
of tempering temperature are shown in Fig. 8-25 to
8-27. All the medium-carbon L2 steels show an
increase in toughness from the as-quenched condi-
tion to LTT maxima around 200 °C (390 °F). Tem-
pering at higher temperatures, between 315 and 425 °C
(600 and 800 °F), produces a minimum in toughness
referred to as tempered martensite embrittlement.
This embrittlement is related to the formation of
additional, coarse carbides by the transformation of

Tempering temperature, °F

300 500 700 900 1100 1300
70

Hardness, HRC

150 260 370 480 595 705
Tempering temperature, °C

austenite in the second stage of tempering (Ref 26).
The additional carbides provide sites for microvoid
nucleation under stress conditions that cause duc-
tile, shear fractures. Under tensile loading condi-
tions, if phosphorus content is on the high side of
specification limits, an intergranular fracture mode
of tempered martensite embrittlement may develop
(Ref 26, 27).

The energy absorbed in the various tests includes
that associated with the plastic deformation, prior to
fracture, of microstructures consisting of tempered
martensite crystals and retained austenite, as well as
the energy absorbed in the fracture process at various
particle dispersions. Fine-scale, difficult-to-resolve
changes in the fine structure of martensite, retained
austenite, and particle dispersions, as affected by
alloy content, austenitizing temperature, quench
rate, and tempering temperature, must account for
the variations in the toughness values shown in
Fig. 8-25 to 8-27, both at the maxima and at the
minima in toughness produced by tempering the
medium-carbon L2 steels at low temperatures. The
fine-scale differences in microstructures and their ef-
fect on deformation and fracture have not been fully
evaluated at this time; therefore, experience and em-
pirical measurements of properties and toughness
must continue to suffice as guidelines for the selection
of various tool steel grades and heat treatments.

The good combinations of strength and toughness
of the medium-carbon L2 steels make them desir-
able for applications requiring good fracture and
shock resistance. Applications have included
wrenches, jack screws, shear blades, chisels, rivet
sets, gears, driveshafts, gripper dies, drop-forging
dies, springs, spindles, and arbors. Heavier applica-
tions may require more alloying for increased har-
denability, and in view of the relatively low wear
and tempering resistance of these steels, applica-
tions that require wear performance are best limited
to short-run, less demanding service.

Low-Alloy Chromium Tool Steels
Containing Nickel

The L6 grade of low-alloy tool steels contains
nickel in addition to chromium. Nickel is an

Composition, %

Hardening

Curve C SI Mn Mo Cr

temperature
A °C °F

Hardening

medium Specimen size

0.70 0.25 020 0.80
0.80 0.25 0.20 0.80
0.92 0.25 020 0.80
1.03 0.25 0.32 1.41
1.00 0.35 0.30 1.20
0.97 1.60 1.56 2.85

—

v oA W

1 (diam) x 1% in,
1 (diam) x 1% in.
1 (diam) x 1% in.
1 (diam) x 1% in.
1 (diam) x 1% in.
4% (diam)x 8 in.

0.20 795 1460 Water
0.20 780 1430 Water
0.20 775 1425 Water
1.19 805 1480 Brine
830 1525 Oil
845 1550 Oil

Fig. 8-13 Hardness as a function of tempering temperature for various L-type steels. Curves 1, 2, 3, and 5, Teledyne VASCO;

curve 4, Crucible Steel Co.
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austenite-stabilizing element and thus lowers the A}
and Aj critical temperatures and extends the tem-
perature range of austenite stability. Also, nickel is
not a carbide-forming element; therefore, it goes
into solid solution in austenite and ferrite and pro-
vides solid-solution strengthening to those phases.
In contrast, chromium is a ferrite-stabilizing and
carbide-forming alloying element in steels. The ef-
fects of nickel make the L6 steels slightly less ma-
chinable than the L2 steels without nickel, as well
as lower the annealing and hardening temperatures
somewhat compared to those used in the chromium
steels.

The hardenability of L6 tool steel is good, and all
grade variations can be oil quenched. Hot hardness
and softening resistance during tempering are low;
thus, the L6 steels are not used for elevated-temperature
service. Relatively high carbon content provides
good low-temperature wear resistance. Typical tool
applications are woodworking saws and knives,
shear blades, blanking dies, punches, and press-
brake dies. Nontool uses include spindles, clutch
parts, gears, and ratchets.

Forging of the L6 steels is readily accomplished
in the temperature range of 980 to 1090 °C (1800 to
2000 °F), with finishing temperatures as low as 845 °C
(1550 °F). The molybdenum-containing variety of
L6 tool steels has high hardenability; therefore, this
grade of steel should be cooled from forging tem-
peratures at rates slower than those of air cooling.
Again, because of high hardenability, L6 steels
should not be normalized, but should be annealed
after forging and before hardening.

The L6 steels, as noted above, are oil hardening, and
as Fig. 8-28 shows, the molybdenum-containing grade
can even be hardened by cooling with an air blast.
Figure 8-28 also shows that austenite grain coarsen-
ing is not severe up to austenitizing temperatures of

Low-Alloy Special Purpose Tool Steels

about 955 °C (1750 °F). The L6 steels show no
pronounced tendency to decarburize on hardening,
and virtually any type of hardening furnace is ade-
quate. When hardening large or intricate sections, it
is advisable to heat slowly through the critical tem-
perature range, 650 to 760 °C (1200 to 1400 °F).
Figure 8-29 shows an IT diagram for an L6 steel.
Well-developed pearlite and bainite C-curves are
present, and pearlite formation substantially lags
bainite formation. These transformation charac-
teristics result in good hardenability, as shown in

Tempering temperature, °F
AQ 200 400 600 800 1000 1200

Hardened from 845 °C
Oil quench

4

Hardness \j
40 16

B 6

20 \
10 ‘ Retained austenite 4
0 0

AQ 95 205 315 425 540 650
Tempering temperature, °C

Hardness, HRC
w
<)
>
o

Retained austenite, %

Fig. 8-14 Hardness and retained austenite as a function
of tempering temperature in a high-carbon L-type tool steel.
Source: Ref 18

+200
) \ 0°C
0 f— e —
—_] o 20 °C
-200 . E— 150°C
120°C ~

—400 ~15$

Vi

Length change, pmv/m or pin./in.

205 °C k 65°C
-600 55 °C
Dimensional changes on tempering 260 °C
-800 |- (1.0C, 1.5Cr, 0.2V)
845 °C, quenched into oil at 20 °C
Tempered as indicated
-1000 L —L
0.1 0 10 100 1000 10,000

Tempering time, h

Fig. 8-15 Length changes on tempering a high-carbon L2 tool steel. Tempering time is considered to begin 1.5 h after

quenching. Source: Ref 13
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Table 8-7 Mechanical properties of
medium-carbon L2 steels with and without

vanadium(a)

Property Steel A(b) Steel B(c)
Tensile strength, Mpa (ksi) 1523 (220.9) 1605 (232.8)
Yield point, Mpa (ksi) 1384 (200.7) 1546 (224.2)
Yield-tensile ratio 0911 0.963
Elongation, % 9.6 104
Reduction of area, % 359 43.1
Hardness, HV 457 481
Izod impact, J(ft-1bf) 16.3(12.0) 16.3(12.0)

(a) Oil quenched from 840 °C (1545 °F); tempered at 425 °C (800 °F). (b)
Composition: 0.49% C, 0.76% Mn, 0.21% Si, 1.07% Cr. (c) Composition: 0.50%
C,0.79% Mn, 0.31% Si, 0.98% Cr, 0.20% V

Tempering temperature, °F
AQ 200 400 600 800 1000

300 ; 220
[}
270 '- 200
[}
245 —t+—1 180
[}
[}
215 ——{ 160
!
[}
190 1 140 ot
el 64 HRC ! B
e 58 HRC ~y -
8 180 7 120 §
E ! 3
5 E
@ 135 T 100 €
8 n i .
i A 2
110 l ﬁ /-' 7 80
e 1 \ U
63HRC /[¢ , |}
80 T v / 4 60
RN
Y. b7
55 / Kaly Iy 40
AP
R il
30T P 20
0 0
AQ 95 205 315 425 540
Tempering temperature, °C
Composition % Hardening
temperature Hardening
Curve C Cr \ °C °F medium
1 0.70 0.80 0.20 800 1475 Water
2 1.03 1.50 805 1480 Brine
3 1.06 790 1450 Brine

Fig. 8-16 Torsional impact energy absorbed as a func-
tion of tempering temperature for high-carbon L-type steels.
Curve 1, Bethlehem Steel Co.; curves 2 and 3, Ref 21
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the Jominy end-quench curves of Fig. 8-30. The
increased hardenability with increasing austenitiz-
ing temperature reflects significant carbide dissolu-
tion and increasing availability of carbon, chro-
mium, and molybdenum in austenite solution for
good hardenability on quenching.

The effect of tempering on the hardness of L6-type
steels is shown in Fig. 8-31. Hardness decreases
continuously with increasing tempering, and the L6
grade with molybdenum shows the best tempering
resistance. For wood-cutting saws, a tempered hard-
ness of 45 to 50 HRC has been found desirable,
whereas most other applications require hardness in
the range of 58 to 62 HRC, as obtained by LTT.

Impact strength as a function of tempering tem-
perature as determined by several testing techniques
is shown in Fig. 8-32. The torsion impact test shows
a low-temperature maximum in toughness, but the
unnotched Izod and Charpy impact tests show only
an increase in toughness with increasing tempera-
ture, even in the tempered martensite embrittle-
ment range. The excellent torsional ductility of
as-quenched and quench-and-tempered L6 tool
steel is shown in Fig. 8-33. However, Table 8-10
shows that ductility as measured by tensile testing
is low in specimens tempered at low temperatures,
but increases with increasing tempering tempera-
tures above 315 °C (600 °F).

Figure 8-34 shows the dimensional changes that
develop on tempering of an L6 tool steel (Ref 28). The
curves show the changes relative to the expansion that
occurred during hardening and the formation of as-
quenched martensite. At low temperatures where tran-
sition carbides precipitate and lower the tetragonality
of the martensitic crystal structure, the specimens con-
tract. Expansion develops at higher tempering tem-
peratures where austenite transforms to bainite. After
transformation of retained austenite, contraction again
develops as the remaining tetragonality of the tem-
pered martensite is relieved.
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Table 8-8 Tensile properties of L2 type steels after tempering at various temperatures

Tempering temperature Tensile strength Yield strength
Elongation Reduction of Hardness,
°C °F MPa ksi MPa Ksi in 50 mm (2 in.), % area, % HRC
L2 (0.50% C,0.80% Cr,0.20% V) oil quenched from 860 °C (1575 °F) (Ref 24)
315 600 1655 240 5 10 42
370 700 1379 200 10 30 38
425 800 1158 168 14 45 33.5
480 900 965 140 17 55 29
540 1000 814 118 20 62 23.5
595 1100 690 100 22 66 215HB
650 1200 586 85 24 68 187 HB
705 1300 517 75 25 70 160 HB
120.45% C,0.55% Mn, 0.95% Cr,0.20% V) water quenched from 925 °C (1700 °F) (Bethlehem Steel Co.)
None 2137 310
150 300 2117 307
205 400 2075 301
260 500 2000 290 1710 248 8 31
315 600 1806 262 1613 234 8 33
370 700 1634 237 1517 220 9 35
425 800 1510 219 1407 204 10 37
480 900 1413 205 1324 192 11 39
540 1000 1331 193 1241 180 12 40
595 1100 1255 182 1151 167 14 42
650 1200 1020 148 924 134 17 46
12(0.50% C,1.30% Cr,0.20% V) water quenched from 860 °C (1575 °F) (Bethlehem Steel Co.)
150 300 1862 270 1793 260 4 4 55
205 400 2000 290 1793 260 17 54
260 500 1903 276 1717 249 9 25 52
315 600 1772 257 1607 233 30 51
370 700 1634 237 1503 218 10 . 49
425 800 1496 217 1379 200 47
480 900 1358 197 1241 180 11 40 41
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595 1100 1083 157 1000 145 15 49 37
650 1200 945 137 876 127 19 54 30
705 1300 807 117 745 108 22 61 20
L2 (0.50% C,0.70% Mn, 1.00%Cr, 0.20% V) oil quenched from 860 °C (1575 °F) (Ref 25)
205 400 2055 298 1813 263 1 5 58
260 500 2069 300 1813 263 4 12 56
315 600 1951 283 1724 250 7 27 54
370 700 1772 257 1620 235 10 37 52
425 800 1586 230 1489 216 11 42 50
480 900 1407 204 1345 195 12 44 45
540 1000 1255 182 1207 175 13 46 41
595 1000 1151 167 1083 157 16 47 38
0.53% C,0.54% Mn, 0.66% Cr, 0.33% Mo) oil quenched from 845 °C (1550 °F) (Allegheny Ludlum Industries)
204 400 2275 330 1758 255 5 6.5 57
315 600 1889 274 1627 236 6.5 280 52
425 800 1600 232 1434 208 9.7 36.6 46
540 1000 1269 184 1124 163 12.2 45.8 39
650 1200 958 139 855 124 18.0 56.4 32
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Fig. 8-17 Comparison of static torsion torque deformation curves for L-type steels with (left) and without (right) vanadium after
tempering at three temperatures. Data from Teledyne VASCO
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Table 8-9 Elevated temperature tensile properties of L2 tool steel(a)

Hardness before Tensile Yeld strength Hardness after
testing, Testing temperature strength (0.2% offset) Elogati Reducti testing,
HRC °C °F MPa ksi MPa ksi in 50mm (2in.), % ofarea, % HRC
Tempered at 315 °C (600 °F)

53.8 260 500 1851.3 2685 1620 235 12.0 40.5 520
53.8 315 600 1643.8 2384 1438.3 208.6 13.0 46.5 52.0
543 425 800 1225.2 177.7 1099.1 159.4 13.6 55.8 48.7
535 540 1000 834 121 748.1 108.5 210 69.0 43.2
54.5 650 1200 338 49 303 4 86.2 93.5 360
Tempered at 425 °C (800 °F)

503 260 500 15983 2318 1398.3 2015 9.1 227 47.5
50.3 315 600 1492.8 2165 13273 1925 11.8 39.0 47.0
49.7 425 800 1207 175 1079.8 156.6 12.5 550 45.5
49.8 540 1000 8384 1216 724 105 16.0 64.8 425
493 650 1200 328.2 47.6 2875 417 60.5 884 350
Tempered at 540 °C (1000 °F)

45.5 260 500 13893 2015 1160.4 1683 9.1 313 42.0
45.5 315 600 1327.3 1925 11149 161.7 10.7 364 41.5
46.0 425 800 1121.1 162.6 992.2 1439 12.0 49.5 41.2
453 540 1000 8357 121.2 767.4 1113 19.0 70.9 40.2
45.0 650 1200 293.7 426 2834 41.1 62.7 89.6 35.7

(a) Composition: 0.50% C, 0.70% Mn, 1.00% Cr, 0.20% V, oi} quenched from 870°C (1600 °F); tempered at indicated temperatures. Source: Ref 25
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Fig. 8-19 (T diagram for L2 tool steel containing 0.50% C, 0.80% Mn, 1.00% Cr, and 0.20% V. Data from Crucible Steel Co.
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Fig. 8-20 IT diagram for an L2 steal containing 0.59% C, 0.96% Mn, 1.06% Cr, 0.54% Mo, and 0.12% V. Source: Ref 22
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Fig. 8-22 Jominy end-quench curves for L2 steel, containing 0.50% C, 0.80% Cr, 0.20% V, after quenching from three different
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Fig. 8-23 Jominy end-quench curves for L2 steel, containing 0.60% C, 0.80% Cr, and 0.20% V, after quenching from three
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157



Tool Steels

Tempering temperature, °F

AQ 200 400 600 800 1000 1200
64

L. < W\ o60%cC

Hardness, HRC
N
4
}/ Y™
/

AQ 95 205 315 425 540 650
Tempering temperature, °C

Composition, % Hardening temperature
Hardening

Curve C Mn Cr Mo v °C °F medium

1 0.50 0.20 0.80 0.20 815 1500 Water

2 0.60 0.20 0.80 0.20 800 1475 Water

3 0.50 0.70 1.00 0.20 815 1500 Water

4 0.55 0.55 0.65 035 870 1600 0il

5 0.43 0.85 1.15 0.50 900 1650 0il

6 0.45 1.60 1.10 0.25 900 1650 QOil

Fig. 8-24 Etiect of tempering temperature on a number of medium-carbon L-type steels. Curves 1 and 2, Teledyne VASCO;
curve 3, Universal-Cyclops Steel Corp.; curve 4, Allegheny Ludlum Industries; curves 5 and 6, Vulcan Kidd Steel Division

Table 8-10 Tensile properties of L6 tool steel(a)

Tempering

temperature Tensile strength Elongation in50mm  Reduction Hardness,
°F °C MPa Ksi Qin), % of area, % HRC
205 400 2055 298 13 20 57
315 600 2004.72 290.75 43 93 535
425 800 1591.02 230.75 85 24.7 47
540 1000 1341.97 194.63 12.5 340 42
650 1200 966.2 140.13 18.8 472 32

(a) Composition: 0.68% C, 0.60% Mn, 0.65% Cr, 1.40% Ni, 0.20% Mo; austenitizing temperature 815 °C (1500 °F); oil quenched, tempered 2h. Source: Allegheny Ludlum
Steel Corp.
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Fig. 8-25 Notched izod impact energy absorbed versus tempered hardness for medium-carbon L2 steels. Curve 1, Ref 25;
curve 2, Allegheny Ludlum Industries; curve 3, Teledyne VASCO
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Fig. 8-26 &tect of tempering temperature on the torsion impact properties of L2 steels containing 0.50% C after different
hardening treatments. Specimens were 6.25 mm (0.250 in.) diam rounds broken at a speed of 1200 rev/min. Data from Bethiehem
Steel Co.
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CHAPTER 9

Shock-Resisting Tool Steels

The shock-resisting tool steels, designated as group
S steels in the AISI classification system, have been
developed to produce good combinations of high
hardness, high strength, and high toughness or im-
pact fracture resistance. Table 9-1 lists the compo-
sitions of the currently used S-type steels. Besides
manganese, chromium, and molybdenum, which
are commonly added to tool steels to provide har-
denability and tempering resistance, silicon is a ma-
jor addition unique to the S-type steels. Silicon
provides tempering resistance and also produces, in
some tempered conditions, a microstructure with
reduced sensitivity to fracture. Tungsten is also
added in significant amounts in the S1 grade. Table
9-2 presents performance and processing informa-
tion regarding the S-type steels.

Silicon-containing hardened steels were origi-
nally developed for springs and are still widely used
for spring applications where good fatigue resis-
tance is required. Combinations of high hardness
and toughness make the S-type steels applicable to
chisel, punch, and die applications. As shown in
Table 9-1, carbon content in the S tool steels is
maintained around 0.5%, a level which makes pos-
sible the development of a high-strength tempered
martensitic microstructure without the incorpora-
tion of coarse carbides that would lower toughness.
The effects of silicon are described in the next sec-
tion.

Alloying Effects of Silicon

Silicon contents of up to 0.3% are common in all
types of steels as a result of the use of silicon for
deoxidation during steelmaking. Additions of sili-
con above 0.3% are made in the S-type tool steels
primarily to provide resistance to softening during
tempering and to maintain a fracture-resistant mi-
crostructure. Silicon is a ferrite-stabilizing element
in steels; therefore, A; and Aj critical temperatures
are raised, necessitating higher hardening tempera-
tures. Silicon also promotes decarburization of
steels and oxidizes readily when exposed to air or
atmospheres containing partial pressures of oxygen.
A well-known effect of silicon in this regard is the
intergranular formation of silicon oxides at the sur-
face of carburized steels during gas carburizing (Ref
1). Decarburization will lower wear and fatigue re-
sistance; it should be avoided by atmosphere control
during heat treatment or, if necessary, removed by
grinding or polishing.

Silicon is not a carbide-forming element in steels,
but instead promotes graphite formation or graphi-
tization during lengthy, high-temperature exposure,
especially in higher carbon steels. Graphitization in
the S-type steels is not a major problem because of
their medium carbon contents and additions of
strong carbide-forming elements that also assist in
preventing graphitization.

Table9-1 Composition limits of shock-resisting tool steels

Composition(a), %

AlSItype No. C Mn Si Cr Ni Mo w \

S1 T41901 0.40-0.55 0.10-0.40 0.15-1.20 1.00-1.80 0.30 max 0.50 max 1.50-3.0  0.15-0.30
S2 T41902 0.40-0.55 0.30-0.50 0.90-1.20 e 0.30 max 0.30-0.60 0.50 max
S5 T41905 0.50-0.65 0.60-1.00 1.75-2.25 0.50 max . 0.20-1.35 0.35 max
S6 T41906 0.40-0.50 1.20-1.50 2.00-2.50 1.20-1.50 1.20-1.50 0.30-0.40
S7 T41907 0.45-0.55 0.20-0.90 0.20-1.00 3.00-3.50 1.30-1.80 0.20-0.30(b)

(2)0.25% max Cu, 0.03% max P, and 0.03% max S. (b) Optional
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Figure 9-1 shows the positive effect of increasing
silicon content on the tempering resistance of steels
containing 0.6% C and 0.8% Mn (Ref 2). This effect
is related to the fact that silicon is a non-carbide-
forming element and its solubility in cementite is
very low. Therefore, the nucleation and growth of
cementite in the second and early third stages of
tempering is severely retarded because silicon must
diffuse away from regions of cementite formation
(Ref 3). The very low solubility of silicon in cemen-
tite and its rejection from cementite to high concen-
trations at cementite-ferrite interfaces has been di-
rectly confirmed by an atom probe study (Ref 4).

The fact that cementite formation during temper-
ing is suppressed by silicon has two effects: Disper-
sions of fine transition carbides in martensitic crys-
tals persist to higher tempering temperatures, and
retained austenite also remains stable to higher tem-
pering temperatures. The effect of high silicon addi-
tions on austenite retention rather than cementite
formation has also been documented in bainitic
transformations; bainitic microstructures in high-
silicon steels consist of ferrite and austenite rather
than ferrite and cementite (Ref 5, 6).

The high toughness of the silicon-containing
S-type steels may be related to the retardation of the
second stage of tempering. In particular, prevention
of the decomposition of retained austenite would
prevent the formation of coarse cementite particles
associated with tempered martensite embrittlement
and reduced fracture resistance (Ref 7). The addi-
tion of silicon for increased tempering resistance to
promote toughness has also been effectively used in
the design of ultrahigh-strength structural steels
(Ref 8, 9). An example of such a steel is 300M, a
high-silicon (1.45 to 1.8%) modification of 4340
steel that contains nominally 0.4% C, 0.8% Cr,
1.8% Ni, and 0.25% Mo.

Shock-Resisting Steels
Containing Tungsten

The S1 steels are also referred to as tungsten
chisel steels because of their wide use in shock-re-
sisting tools, such as chisels, shear blades, forming
dies, and rock drills. The tungsten addition also
permits S1 steels to be used for hot-working opera-
tions. The alloying, except for the lower carbon

Table 9-2 Performance factors and processing information for shock-resisting tool steels

Factor S1(045% C) $1(0.55% C) S2 S5 S6
Major factors
Wear resistance 4 4 2 2 2
Toughness 8 8 8 8 8
Hot hardness 5 5 2 3 3
Minor factors
Usual working hardness, HRC 50-58 50-58 50-60 50-60 50-56
Depth of hardening M M M M M
Finest grain size at full hardness, 8 8 8 9 8
Shepherd standard
Surface hardness as-quenched, HRC 55-58 55-58 61-63 61-63 56-58
Core hardness (25 mm, or 1 in., diam round), 55-58 55-58 56-60 58-62 56-58
HRC
Manufacturing factors
Availability 3 3 3 3 2
Cost 2 2 1 1 1
Machinability 8 8 8 8 8
Quenching medium [0} [0} w [0} [0}
Hardening temperature, °C (°F) 900-980 900-980 845-900 870-925 915-955
(1650-1800) (1650-1800) (1550-1650) (1600-1700) (1675-1750)
Dimensional change on hardening M M H H H
Safety on hardening M M L M M
Susceptibility to decarburization M M H H H
Approximate hardness as-rolled or forged, 400 400 425 425 400
HB
Annealed hardness, HB 183-223 183-223 183-217 192-223 192-223
Annealing temperature, °C (°F) 790-815 790-815 760-790 760-800 790-815
(1450-1500) (1450-1500) (1400-1450) (1400-1475) (1450-1500)
Tempering range, °C (°F) 205-650 205-650 150-425 150-425 150-425
(400-1200) (400-1200) (300-800) (300-800) (300-800)
Forging temperature, °C (°F) 1010-1120 1010-1120 1010-1120 1010-1120 1010-1120
(1850-2050) (1850-2050) (1850-2050) (1850-2050) (1850-2050)

Note: Ratings are explained in Chapter 2.
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content of the S1 steel, is similar to the oil-hardening
07 cold-work tool steel. Compared to the other
S-type steels, S1 has slightly better impact tough-
ness and wear resistance, primarily because of its
tungsten content. Tungsten is not particularly effec-
tive in increasing hardenability, however, and the
deep hardening of S1 steels is due to chromium,
silicon, manganese, or molybdenum additions.

The S1 steels can be forged at temperatures as
high as 1120 °C (2050 °F). Slow heating to the
forging temperature is recommended to minimize
thermal gradients, but prolonged soaking at forging
temperatures is not recommended because of the
potential for decarburization. After forging, parts
should be cooled slowly, and in large tools, normal-
izing at 900 °C (1650 °F) is advisable prior to
annealing. For best machinability, and to minimize
the danger of cracking, parts should be annealed
after forging or normalizing.

The S1 steels have sufficient hardenability for
hardening by quenching in oil from temperatures
between 815 and 950 °C (1500 and 1750 °F). The
moderate cooling rates of oil quenching minimize
distortion and reduce susceptibility to quench
cracking. However, precautions should be taken to
minimize decarburization on hardening. If an at-
mosphere furnace or neutral salt bath is not avail-
able, pack hardening in a carbon-containing mate-
rial is adequate to minimize decarburization. Also,
preheating between 650 and 760 °C (1200 and 1400 °F)
helps to reduce time at austenitizing temperatures
and consequently the time for decarburization.
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Fig. 9-1 Etfect of silicon on the tempered hardness of
0.6C-0.8Mn steels hardened at 870 °C (1600 °F), water
quenched, cooled to ~195 °C (-320 °F), and tempered for 2 h at
the temperatures shown. Source: Ref 2
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The amount of carbon dissolved in austenite,
which is a function of steel carbon content and
austenitizing temperature, determines the maximum
hardness obtainable on hardening S1-type steels.
Figure 9-2 shows surface hardness as a function of
austenitizing temperature for several Si steels. A
comparison of curves 2 and 3 for the same steel
quenched in oil and water shows that water quench-
ing produces consistently higher hardness at lower
hardening temperatures. Also, comparison of
curves 1 and 4 shows that higher steel carbon con-
tent translates directly to higher hardness. Vana-
dium additions maintain fine austenitic grain sizes
up to austenitizing temperatures of 955 °C (1750 °F).

Isothermal transformation diagrams for S1 steels
without and with silicon additions are shown in Fig.
9-3 and 9-4, respectively. The diagrams cannot be
compared directly because different austenitizing
temperatures were used, but both show that har-
denability is limited by bainite formation. The flat
Jominy end-quench curves shown in Fig. 9-5 for
three heats of a low-silicon S1 steel demonstrate the
good hardenability of this steel type. Figure 9-6
illustrates the effect of carbon content on hardness
profiles through S1 steel bars of various diameters;
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Fig. 9-2 Efiect of hardening temperature on the surface
hardness of various S1 steels. Curves 1 and 5, Allegheny
Ludlum Industries; Curves 2 and 3, Bethlehem Steel Co.; curve
4, Latrobe Steel Co.
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the higher-carbon steel has consistently higher
hardness for a given size of bar than does the lower-
carbon steel.

The effects of silicon, molybdenum, and vana-
dium on hardenability of S1 steels are shown in the
Jominy end-quench curves of Fig. 9-7 (Ref 10,11).
Carbon, manganese, chromium, and tungsten were
held roughly constant in the subject set of steels.
The silicon addition without either molybdenum or
vanadium strongly promotes hardenability. When
the latter elements are present, even greater in-
creases in hardenability are observed.

Figures 9-8 and 9-9 show hardness as a function
of tempering temperature for a number of S1-type
steels. Both compare the tempering resistance of the
S1 steels to that of a plain carbon steel containing
0.5% carbon; the rate of softening of the S1 steels is
substantially lower than that of the plain carbon
steel. The increased tempering resistance of the
various S1 steels is related to both silicon content
and the content of the carbide-forming elements.
Shock-resisting tools manufactured from S1 tool
steels are usually tempered to 54 to 57 HRC and
when used for hot work are tempered to 44 to 52
HRC.

Toughness of as-quenched S1 steels increases to
a low-temperature-tempering (LTT) maximum after
tempering between 150 and 260 °C (300 and 500 °F),
and then drops from this maximum after tempering

in the tempered martensite embrittlement tempera-
ture range of 315 to 425 °C (600 to 800 °F), as
discussed in earlier chapters. Figures 9-10 and 9-11
show these changes in toughness as a function of
temperature as determined by various types of
toughness testing. The results of unnotched Charpy
tests (Fig. 9-10) show better impact performance for
a high-silicon S1 steel, whereas notched impact
testing (Fig. 9-11) shows lower toughness for a
high-silicon steel, compared to steels with lower
silicon contents. The notched Izod tests indicate low
toughness even in the high-silicon specimens tempered
below the tempered martensite embrittlement range.

A decrease in Charpy impact toughness due to
silicon content was also found by Koshiba and
Kuno (Ref 10). Figure 9-12 shows their results for
hardened S1 steels tempered at 400 °C (750 °F) and
tested at temperatures up to 500 °C (930 °F). Tough-
ness reaches a plateau for testing temperatures
above 205 °C (400 °F) and increasing silicon con-
tent lowered toughness at all testing temperatures.
Toughness is related to the plastic deformation that
precedes fracture as well as to the brittle or ductile
mechanisms of fracture. Since silicon retards the for-
mation of crack-enhancing carbides, perhaps the role
silicon plays in strengthening and strain hardening of
the matrix microstructure of tempered martensite and
retained austenite accounts for the reduced toughness
observed in the higher-silicon steels.

815 1500
760 > 1400
70%
705 ° 11300
\\ 70%
650 i < 1200
TN 50%
595 n ° 41100
1%
540 Austenitizing temperature, 955 °C ° {1000
e 8 40% %0 w
5 40 " 80% | g
g 425 P -] 800 g
85%
§ 370 |~ Beginning of // 85% 1 5
martensite /] o
315 7l°°l/l Transformation 95% complete 95% -1 600
o P T wonepodedom = o
260 LH =4-4-1 - s00
90% || .be--Tf 95%
205 - - 400
4] 95%
150 == - 300
9170I/°l 97%
95 - 200
9;,::2 Seconds Minutes Hours 99%
40 PO I W | ] 111 I 11100

152 3456 810 1520304560152 3 456 810 1520304560152 3 4 56 810 1520 3045 60

Time

Fig. 9-3 IT diagram for an S1 steel containing 0.50% C, 2.75% W, 1.25% Cr, and 0.20% V. The amount of transformation after

30 h is shown on the right-hand side. Data from Crucible Steel Co.

168



Figure 9-13 shows the results of static torsion
testing on the ultimate torsional strength and defor-
mation of an S1 steel. These data show that torsional
ductility, similar to other measurements of tough-
ness, also reaches a peak and then decreases. Since
this steel was not alloyed with silicon, the decrease
in ductility can be attributed to the formation of
carbide particles during the second stage of temper-
ing.

The effect of tempering temperature on the
room-temperature tensile properties of S1 steels
is shown in Fig. 9-14. Carbon level significantly
influences the mechanical properties, with higher
carbon content increasing ultimate tensile and
yield strengths and lowering ductility. Reduction
of area, which is related to strain hardening and
the amount of post-uniform necking deformation
in tensile specimens, shows the greatest sensitiv-
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Fig. 9-4 1T diagram for an S1 steel containing 0.50% C,
0.25% Mn, 0.75% Si, 2.50% W, 1.25% Cr, and 0.20% V. Data
from Uddeholm Company of America, Inc.
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ity to carbon content in the S1 steels. This observa-
tion is consistent with other work (Ref 12) where
specimens of LTT steels, even though they were
able to plastically deform and fail by ductile frac-
ture mechanisms, exhibited characteristically low
necking deformation and reduction of area if they
contained 0.5%C.

Mechanical properties as a function of tempering
temperature, as determined by bend testing, are pre-
sented in Fig. 9-15 (Ref 13). The effect of elevated
temperatures on tensile properties is shown in Fig.
9-16. Little improvement in ductility and little
change in strength are noted at temperatures below
315 °C (600 °F).

Shock-Resisting Tool Steels
without Tungsten

Performance factors and recommended process-
ing temperatures for the S-type tool steels without
tungsten are listed in Table 9-2. Without the tung-
sten additions, wear resistance and hot hardness are
lower, but the combination of medium carbon and
high silicon content provides comparable high
toughness ratings for the S-type steels with and
without tungsten. Without carbide-stabilizing addi-
tions of tungsten, susceptibility to decarburization
and graphitization increases as discussed earlier,
and precautions should be taken to minimize soak-
ing prior to forging and to provide surface protec-
tion during annealing. The S-type steels should al-
ways be annealed after forging.

Hardenability of the S-type steels is generally
good and, depending on the level of alloying and
section size, either water or oil quenching may be
applied. Figure 9-17 shows the effects of austenitiz-
ing temperature on the surface hardness of oil- and
water-quenched specimens for S-type steels with
varying levels of carbon content. Although the har-
denability of these steels is higher than plain carbon
steels, they are only mildly susceptible to cracking
during hardening by water quenching. Figures 9-18
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Fig. 9-5 Jominy end-quench curves for three heats of an S1 steel containing 0.53% C, 0.28% Si, 0.20% Mn, 2.00% W, 1.65%

Cr, and 0.25% V. AQ, as quenched. Data from Teledyne VASCO
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and 9-19 show Jominy end-quench hardenability
bands for various sets of S-type steels, demonstrat-
ing differences in hardenability effected by various
combinations of alloying elements. In Fig. 9-18,
band 1 was based on 27 heats, band 2 on 5 heats, and
band 3 on 4 heats. Molybdenum additions are espe-
cially effective in increasing hardenability (Fig. 9-18),
but vanadium, if specimens are austenitized at tem-

peratures where vanadium carbides maintain a very
fine austenite grain size, contributes to lower har-
denability (Fig. 9-19).

Isothermal transformation diagrams for various
shock-resisting tool steels are shown in Fig. 9-20 to
9-23. With increasing contents of silicon and other
alloying elements, the diffusion-controlled transfor-
mations to pearlite and bainite are increasingly re-
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tarded and controlled by diverging C-curve kinetics.
These changes in transformation behavior are con-
sistent with increasing hardenability and deeper
hardening of the more highly alloyed S-type steels.

The effect of alloying on hardness changes as a
function of tempering for various S-type steels is
shown in Fig. 9-24 through 9-27. Resistance to
softening is significantly higher in the silicon steels
than in plain carbon steels of comparable carbon
content. As discussed, silicon retards the forma-
tion of cementite during the second and early
third stages of tempering, thereby increasing the
temperature range of stability of the fine micro-
structure produced in the first stage of tempering.
Increased high-temperature resistance to temper-
ing is provided by alloying elements such as chro-
mium, molybdenum, and vanadium, which tend
to form fine alloy carbides at higher tempera-
tures.

The effects of tempering on toughness of S-type
steels are shown in Fig. 9-28 to 9-30. The strong
effect of carbon content on toughness under condi-
tions of bending or tensile loading is evident in the
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Shock-Resisting Tool Steels

results of unnotched Charpy tests (Fig. 9-28). The
very low toughness of the high-carbon steel is con-
sistent with the sensitivity to quench embrittlement
and intergranular fracture as discussed relative to
Fig. 7-2. Torsional impact testing, which is not in-
fluenced by intergranular fracture, provides a test-
ing approach sensitive to the shear resistance of
tempered specimens with microstructures consist-
ing of dispersed carbides in a matrix of tempered
martensite. Figure 9-29 shows the torsional impact
energy absorbed as a function of testing temperature
for various S-type steels (Ref 14). High silicon con-
tent shifts the low-temperature maxima in tough-
ness and the reduced toughness associated with
tempered martensite embrittlement to higher tem-
pering temperatures. These shifts in toughness are
consistent with the ability of silicon to prevent
the formation of coarse cementite particles that
would reduce ductile fracture resistance. Figure
9-30 illustrates the effects of carbon on hardness
and notched impact toughness as a function of
tempering temperature for two SS steels. Lower
carbon increases toughness at the expense of
hardness.
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Fig. 9-8 Hardness as a function of tempering temperature
for various S1 tungsten chisel steels. Curve 1, Allegheny Ludlum
Industries; curve 2, Teledyne VASCO; curve 3, Crucible Steel
Co.; curve 4, Carpenter Steel Co.

Flg. 9-9 Hardness as a function of tempering temperature
for various S1 tungsten chisel steels. Curve 1, Bethlehem Steel
Co.; curve 2, Columbia Tool Steel Co.; curves 3 and 4, Vulcan-
Kidd Steel Division of H.K. Porter Co.
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Tensile properties of some hardened S-type steels References
are listed in Table 9-3 as a function of tempering
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Fig. 9-17 Surface hardness of as-quenched rounds of
various silicon tool steels as a function of austenitizing tempera-
ture and quenching medium. (a) 0.46% C, 1.60% Si, 0.80% Mn,
and 0.40% Mo. Courtesy of Allegheny Ludlum Industries. (b)
0.55% C, 2.30% Si, 0.80% Mn, 0.50% Mo, and 0.25% V. Cour-
tesy of Bethlehem Steel Co. (c) 0.63% C, 1.95% Si, and 0.78%
Mn. Data from Bethlehem Steel Co.

Quenched hardness, HRC

(@)

{b)

()

1400
65

60

55

50

45

40

35

Shock-Resisting Tool Steels

Quenching temperature, °F
1500 1600 1700

1800

T T -1
Water quenched

T~
/

7 / Qil quenched -1

/

/

i Specimen size:7/s (diam) x 2Y/2 in.
A S R |

760

Quenched hardness, HRC

Quenched hardness, HRC

815 870 925
Quenching temperature, °C

Quenching temperature, °F

1400 1500 1600

Water quenched T
q e

60

ARY

50

Oil quenched

45
d

Specimen size: 1 (diam) x 5 in.
t 1

40
760 815 870

Quenching temperature, °C

Quenching temperature, °F

980

1500 1600 1700

65

Oif quenched

80 i~ water quenched

]

Specimen size: 1 (diam) x 5 in.
50 |

815 870
Quenching temperature, °C

926

175



Tool Steels

[&]
o
I
]
o
=
©
@
T
"0 4 8 12 16 20 24 28 32 36 40
Distance along end-quenched bar, /16 in.
Composition, % Quenching temperature
Curve C Si Ma Cr Mo v °C °F
1 0.55 2.00 0.85 0.25 0.20 855 1575
2 0.50 1.60 0.70 0.40 0.12 870 1600
3 0.55 2.00 0.90 0.25 1.20 0.25 855 1575

Fig. 9-18 Jominy end-quench hardenability bands for various silicon tool steels. Bands 1 and 3, Teledyne VASCQO; band 2,
Allegheny Ludium Industries

o s s MR A o b FERET LSS ERE (o
g e S S I
§ = 1
B ] — N
]
£ 40 |
0 4 8 12 16 20 24 28 32 36 40
Distance along end-quenched bar, */16 in.
Composition, % Quenching temperature
Curve C Si Mn Cr Mo v °C °F
1 0.60 2.00 0.85 0.25 0.25 0.20 870 1600
2 0.57 1.90 0.85 0.25 033 . 855 1575

Fig. 9-19 Jominy end-quench bands of S5 tool steel with and without vanadium addition. Band 1, Allegheny Ludium Industries;
band 2, Teledyne VASCO

900 AuStoniia 1650
ustenitizing
800 - temperEture. 1470 800 1470
/..- 845 °C 700 A e 1260
© 700 7 ] 1290 o /((
g / N g © 600 BN 1110 w
S 600 110 5 g 3 \\< ..... .
© © e g N @
[ 5 3 500 B VAlE 930 2
é 50 Calculated M, 90 g g \ \\ ( i ®
5 alculated Mg 3 gé 400 .“\\ i 250 §
400 750 & "N \ K ®
N L L1 M NG| [
s 300 s =N N 570
300 T 570 -
’ 200 0 -10 50 90 100} 390
0 0 L]
TN e2R28838888888
Al 20 Q00 QQ FNNOOOCOO 000 OR0 O
TNwogl 88 ‘"“‘"’988888§888
Time, s - v-‘:\im‘dggg
Time, s T -
Fig. 9-20 1T diagram for S2 tool steel containing 0.5% C, -
0.40% Mn, 1.00% Si, and 0.5% Mo. Data from Carpenter Steel Flg. 9-21 1T diagram for S4 tool steel containing 0.55% C,
Co. 0.87% Mn, and 1.74% Si

176



Shock-Resisting Tool Steels

760 T T T T 1400
___.--""' |t o | |
i 1~ - 17 HRC
. // 20
650 7 \ 1200
. WK
3y ottt .
2t
540 1000
1 L- 30 1 w
9: y——“"/ 9.—
-1 -1
‘é' 425 \ - 34 800 -é'
2 | A1 a3 g
3 Beginning of ( 47 | E
[ | martensite N K]
315 i \ 55 600
7T
o, \
205 HH 400
85& 59
LI
90%, J
[l -t
95 I H Seconds Minutes V4 Hours 200
L 1)1 L1 et WA
152 3456 810 1520 3045601.52 3 456 810 1520 304560152 3 456 810 1520 304560

Time

Fig. 9-22 17 diagram for S5 tool steel containing 0.6% C, 0.75% Mn, 1.90% Si, 0.25% Cr, and 0.30% Mo. Specimens
austenitized at 900 °C (1650 °F). Data from Crucible Stee! Co.

760 = 1400
f"’ /—\—'
G 29 HRC
650 N ST 34 HRC— 1200
™
\5"\-\
540 =2 1000
154 w
g g
-] - -1
s 4251 o5 quenched, L] 80% 800 ®
g | 60 HRC ve S —t §
5 L] 95% 5
= 315 +———600 F
Mg | 99%
70%
205 4 400
9%
e
Il +—
95 I l Seconds Minutes Hours 200
L1l 1Ly !

1.52 3456 810 1520 3045601.52 3 456 810 1520 3045601.52 3 456 810 1520 304560
Time

Fig. 9-23 1T diagram for S6 tool steel containing 0.43% C, 1.35% Mn, 2.25% Si, 1.35% Cr, 0.40% Mo, and 0.30% V. Specimens
austenitized at 925 °C (1700 °F). Data from Crucible Steel Co.

177



Tool Steels

Tempering temperature, °F

6 5AQ 200 400 600 800 1000
%‘ - -i:.1
-~ 'S
2 NOELN
o 60 .
<< s Ll .
I 3 “a a,
ﬂ 55 ;.-\\ M
2 ‘A\
kel .~
‘(l-i \\L NK
I 50 7 <
L
45

AQ 95 205 315 425 540
Tempering temperature, °C

Quenching
Composition, % temperature hi
Curve C Mn S Mo V °C °F medium

1 0.65 0.50 1.10 050 020 885 1625 QOil
2 050 045 1.10 050 0.20 855 1575  Water
3 050 045 1.10 050 0.20 900 1650 Oil

Fig. 9-24 Hardness as a function of tempering tempera-
ture for S-type silicon tool steels. Data from Universal-Cyclops
Steel Corp.

Tempering temperature, °F

65AQ 200 400 600 800 1000 1200 1400
T

60 >

55

\

Tempering temperature, °F
AQ 200 400 600 800 1000 1200 1400
65

T T
Water quench

55

I Oil quench

50

. AN

0.55% G \A \ \
35 \ N
i
30,

AQ 95 205 315 425 540

Hardness, HRC

650 760
Tempering temperature, °C

Fig. 9-25 Hardness as a function of tempering tempera-
ture for S-type silicon tool steels ( 0.54 to 0.60 % C, 0.75 to
0.92% MN, 1.90t0 2.00% Si, 0.00t0 0.25% V, and 0.00 t0 0.34%
Cr) and plain carbon steel (0.55% C). Water quench, 845 to 900
°C (1550 to 1650 °F); oil quench, 870 to 955 °C (1600 to 1750
°F). Combined data from Teledyne VASCO, Vulcan-Kidd Steel
Division of H.K. Porter Co., Crucibile Steel Co., and Bethlehem
Steel Co.

Tempering temperature, °F

2
I 50 N
73
8 D.55% c\
S 45
8 \
40
35
30

AQ 95 205 315 425 540 650 760
Tempering temperature, °C

Quenching
Compoasition, % temperature oyenching
Type € Mn S V Mo Cr °C  °F  medium

S5 050 0.70 1.60 0.00 0.25 0.00
S5 060 0.85 2.00 0.20 040 0.28

870 1600 Oilor
900 1650 Water

Fig. 9-26 Hardness as a function of tempering tempera-
ture for S5 silicon tool steels and plain carbon steel containing
0.55% C. Combined data from Teledyne VASCO, Bethiehem
Steel Co., and Allegheny Ludlum Industries

178

AQ 200 400 600 800 1000 1200
65
60 Q.
* PN
% 55 B LYY L—o—l\\
4 N 2
8 N
2 50
I \
" \\)
40

AQ 95 205 315 425 540 650
Tempering temperature, °C

Quenching
Composition, % temperature g, hi
Curve C Mn Si Mo V Cr °C °F medium
1 043 135 225 040 030 135 925 1700 QOil
2 0.55 097 195 1.07 025 0.29 870 1600 Qil

Fig. 9-27 Hardness as a function of tempering tempera-
ture for S6-type silicon tool steels. Curve 1, Crucible Steel Co.;
curve 2, Teledyne VASCO



Shock-Resisting Tool Steels

Tempering temperature, °F Tempering temperature, °F
AQ 400 600 800 1000 AQ : 400 | 6(])0 800 1000 1200
190 // i 140 190|159 HRC 1 3 4140
[} [ 4
160 120 160 59 HRC 27120
S — \\ B 1 lat 58 HRC // 212 o
- 135 100 2 2135 = % 100 -
g P | & g /AN L4 =
5 o 3 I é: 8110 }( \\ \ d 4;1 80 :‘é
& 10 7 80 g E o )i a
- 5 € 8o . / Nt 60 E
|51 / o S Y N
£ 80 A60 @ Y 5
s / /1T 2 & 55—/ 61HRC 4P
£ 55 / 2/ 1o € e
=) pd § 30 20
30 20 ] 0
A L AQ 205 315 425 540 650
0 0 Tempering temperature, °C
AQ 205 315 425 540 pering fempe
Tempering temperature, °C Quenching
Composition, % temperature Q hing
) Quenching Curve C Si Mo \4 °C °F medium
Composition, % temperatre  Quenching 1 055 230 050 025 870 1600  Oil
Curve C Si  Mn Mo Y °F__ medium 2 063 195 .. .. 845 1550  Water
1 055 230 080 0.50 870 1600  Oil POt e o 0
2 063 195 078 .. 845 1550  Water - - :
3 063 195 078 .. 870 1600 oil

Flg. 9-29 Impact energy absorbed during torsion testing
of S-type silicon tool steels subjected to various austenitizing
and quenching treatments. Curves 1 to 3, Bethieshem Steel Co.;
curve 4, Ref 14

Fig. 9-28 Impact energy absorbed during unnotched
Charpy testing of S-type silicon tool steels. Data from Bethlehem

Steel Co.
Tempering temperature, °F Tempering temperature, °F
AQ 200 400 600 800 1000 AQ 200 400 600 800 1000
65 4} 35 25
.. )
A 30 PN
ol ee—— SEE = A 7 \ )/:-/ 20
. 5 / 5
Q a . .
£ 55 s € 20 L 15 &
g . § .’ 'ﬁ g
o 1 “Q 2 . .- %
e 50 < 3 15 T u Sl 10
g - 2y Roo s
- D " z
45 7 hem====" 5
40 0 0
AQ 95 205 315 425 540 AQ 95 205 315 425 540
Tempering temperature, °C Tempering temperature, °C
Composition, % Quenching temp e Quenching
Curve C Mn Si Cr Mo \ °C °F medium
1 0.50 0.70 1.60 Ve 0.40 0.12 870 1600 0il
2 0.60 0.85 2.00 0.25 0.25 0.20 885 1625 0il

Fig. 9-30 Hardness and notched lzod impact energy absorbed as a function of tempering temperature for S5 tool steels with
two levels of carbon content. Data from Allegheny Ludlum Industries

179



Tool Steels: Sth Edition
George Roberts, George Krauss, Richard Kennedy, p 181-192
DOI:10.1361/t00s1998p181

Copyright © 1998 ASM International ®
All rights reserved.
www.asminternational.org

CHAPTER 10

Oil-Hardening CGold-Work Tool Steels

The oil-hardening cold-work tool steels, designated
as group O steels in the AISI classification system,
derive their high hardness and wear resistance from
high carbon and modest alloy contents. The high
carbon content makes possible the formation of
martensite of high hardness, and the alloying ele-
ments provide sufficient hardenability to make pos-
sible hardening of sections of reasonable size by oil
quenching. Alloy content is insufficient to provide
the alloy carbides necessary for cutting at high
speeds or hot-working applications; therefore, the
O-type steels are restricted to cold-work applica-
tions.

Table 10-1 lists the nominal compositions of the
various O-type tool steels, and Table 10-2 ranks the
performance and lists processing temperature data
for the steels. The high carbon content of the O-type
steels makes possible austenitizing for hardening at
relatively low intercritical temperatures where
austenite and carbides coexist. The reduced carbon
content of the austenite is still sufficient to provide
martensite of high hardness and good hardenability,
but fine grain size is maintained by the undissolved
carbides, and the low hardening temperatures and
oil quenching provide relative freedom from crack-
ing of intricate sections.

Combinations of alloying elements other than
carbon provide various levels of hardenability, as
well as special characteristics. For example, the
high silicon content of O6 tool steel causes graphite
formation, which enhances machinability and may

serve as a solid lubricant for improved die life, and
the high tungsten content of O7 tool steel provides
carbide-containing microstructures that maintain
very sharp cutting edges and high wear resistance for
applications such as roll turning tools, paper and
woodworking knives, and tools for finishing purposes.

Microstructures

Figure 10-1 shows light micrographs of typical
microstructures produced during various processing
stages for some O-type tool steels. Spheroidized
carbide particles dispersed in a matrix of ferrite,
produced by annealing an O2 tool steel at 725 °C
(1335 °F) and furnace cooling, are shown in Fig.
10-1(a). Figure 10-1(b) shows the microstructure of
an O1 tool steel austenitized at 815 °C (1500 °F), oil
quenched, and tempered at 220 °C (430 °F) to pro-
duce a hardness of 58.5 HRC. Spheroidized car-
bides (white), retained as a result of intercritical
austenitizing, are dispersed in a dark-etching matrix
of tempered martensite. This matrix consists of
crystals of martensite, very fine transition carbides
within the martensite crystals, and retained
austenite, all of which are too fine to be resolved in
the light microscope.

If an O-type steel is austenitized above A_,, the
upper critical temperature, all carbides dissolve and
the austenite takes into solution all the carbon and
alloying elements in the steel. Consequently,

Table 10-1 Composition limits of oil-hardening cold-work steels

Composition, %
AlSI type UNS No. C Mn Si Cr Ni Mo w v
o1 T31501  0.85-1.00 1.00-140 050max  040-060  0.30:nax 0.40-0.60  0.30 max
02 T31502  0.85-095 1.40-1.80 0.50max  050max  030max  0.30max 0.30 max
06 T31506  1.25-1.55(b) 030-1.10 055-1.50 030max  0.30max  02.0-0.30
o7 T31507  110—130 1.00max  060max  035-085 030max  030max  1.00-200  0.40 max

(a) 0.25% max Cu, 0.03% max P, and 0.03% max S. (b) Contains free graphite in the microstructure
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austenitic grain size increases, Mg temperature de-
creases, and a high sensitivity to intergranular frac-
ture and quench cracking develops. Figure 10-1(c)
shows the microstructure that develops when an Ol
tool steel is overheated by austenitizing at 980 °C
(1795 °F), oil quenching, and tempering at 220 °C
(425 °F). The black-etching plates of tempered
martensite and high volume fraction of retained
austenite (white) that mark an overheated condition
are now readily resolved. Typical distributions of
graphite in O6 tool steel are shown in Fig. 10-2.

Processing Prior to Hardening

All the O-type steels are somewhat sensitive to
cracking if rapidly heated to forging temperatures;
therefore, preheating to about 650 °C (1200 °F) is
good practice. The minimum permissible forging
temperature for manganese types is 815 °C (1500
°F) and for tungsten-chromium types is 870 °C
(1600 °F). Forging below these temperatures may
result in center bursts or surface cracking. Although
slightly air hardening, forged O-type steel tools may
be generally air cooled from forging temperatures—
except for small or intricately shaped parts, which

should be cooled in an insulating material. Normal-
izing, except for large parts, is ordinarily unneces-
sary, but forged parts should always be annealed
before hardening.

Manganese grades of O-type tool steels require
slightly lower temperatures for annealing than tung-
sten-chromium types (Table 10-2) and should be
cooled at slower rates, about 11 °C/h (20 °F/h), than
tungsten-chromium grades, which may be cooled at
about 28 °C/h (50 °F/h). Parts should always be
protected from decarburization during annealing.

The following isothermal schedule has been used
for annealing Ol and O2 tool steels:

1. Hold 4 h at 730 °C (1350 °F).

2. Heat to 780 °C (1440 °F) and hold 2 h.
3. Cool to 670 °C (1275 °F) and hold 6 h.
4. Cool in air.

Depending on the size of the charge and thermal
inertia of the annealing furnace, an isothermal an-
nealing cycle may sometimes prove more rapid than
conventional annealing. As described, the develop-
ment of a well-spheroidized, annealed micro-
structure takes considerable time, especially for the
tungsten-containing O-type steels.

Table 10-2 Performance factors and processing information for oil-hardened cold-work tool steels

Factor 01 02 06 07
Major factors
Wear resistance 4 4 3 5
Toughness 3 3 3 3
Hot Hardness 3 3 2 3
Minor factors
Usual working hardness, HRC 57-62 57-62 58-63 58-64
Depth of hardening M M M M
Finest grain size at full hardness, Shepherd standard 9 9 9 9
Surface hardness as-quencehd, HRC 61-64 61-64 65-67 61-64
Core hardness (25 mm, or lin., diam round), HRC 59-61 59-61 50-55 59-61
Manufacturing factors
Auvailability 4 3 2 2
Cost 1 1 1 1
Machinability 8 8 9 7
Quenching medium o] (0] (0] w,0
Hardening temperature, °C (°F) 790-815 760-800 790-815 790-885
(1450-1500) (1400-1475) (1450-1500) (1450-1625)
Dimensional change on hardening M M M M
Safety on hardening H H M M
Susceptibilty to decarburization M M M M
Approximate hardness as-rolled or forged, HB 325 325 375 325
Annealed hardness, HB 183-212 183-212 183-217 192-217
Annealing temperature, °C (°F) 760-790 745775 775 790-815
(1400-1450) (1375-1425) (1425)(a) (1450-1500)
Tempering range, °C (°F) 150-260 150-260 150-315 165-290
(300-500) (300-500) (300-600) (325-550)
Forging temperature, °C (°F) 980-1065 980-1050 980-1065 980-1095
(1800-1950) (1800-1925) (1800-1950) (1800-2000)

Note: Ratings are explained in Chapter 2. (a) Temperature shown is thal which would be used if annealing for reworking after hardening and tempering were necessary.
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Fig. 10-1 Microstructures of oil-hardening tool steels.
Light micrographs. Nital etch. (a) Spheroidized carbides in a
ferrite matrix of O2 tool steel annealed at 725 °C (1335 °F). (b)
Spheroidized carbides in a matrix of tempered martensite in O1
too! steel austenitized at 815 °C (1500 °F), oil quenched, and
tempered at 220 °C (430 °F) to a hardness of 58.5 HRC. (c)
Retained austenite and plate martensite in O1 tool stee! austeni-
tized at 980 °C (1795 °F), oil guenched, and tempered at 220 °C
(430 °F)

Oil-Hardening Cold-Work Tool Steels

Hardenability and Hardening

Figure 10-3 shows an IT curve for an O1 tool
steel (Ref 1). The transformation of austenite to
proeutectoid cementite/pearlite and bainitic micro-
structures is not separated into two well-defined
temperature ranges, consistent with the moderate
alloy content of the O1 steel. Manganese stabilizes
austenite, lowers A; temperatures, and thus makes
possible the low hardening temperatures recom-
mended for some O-type steels. Increasing harden-
ing temperatures result in increasing amounts of
retained austenite in quenched parts (Ref 2), a se-
vere example of which is shown in Fig. 10-1(c).
Table 10-3 lists the amounts of retained austenite
measured by x-ray diffraction in specimens of some
O-type steels subjected to various heat treatment
cycles (Ref 3). Refrigeration to —196 °C (=321 °F)
effectively reduces, but does not entirely eliminate,
retained austenite. Also, air cooling of the O1 tool
steel through the martensite formation range results
in greater amounts of retained austenite due to sta-
bilization.

Figure 10-4 shows the effect of austenitizing tem-
perature on the as-quenched hardness of O-type
steels. Maximum hardness of the O2 steel, contain-
ing only manganese and a little molybdenum, is
attained at temperatures as low as 760 °C (1400 °F),
whereas the chromium and tungsten-chromium
grades do not attain maximum hardness before
hardening temperatures above 845 °C (1550 °F) are
reached. The O7-type steels are usually hardened by
oil quenching, but parts of simple shape may be
water quenched safely. In O7 steels with low chro-
mium contents and without molybdenum, water
quenching is necessary to harden parts thicker than
25 mm (1 in.). Water quenching also allows the
use of lower austenitizing temperatures for hard-
ening, since the more rapid cooling makes up for
some of the loss of hardenability due to alloying
elements incorporated in retained alloy carbide
particles.

Figures 10-5 and 10-6 show Jominy end-quench
curves for O1 and O7 tool steels, respectively. The
O1 steel exhibits significantly deeper hardening ca-
pacity than does the O7 steel. The O1 steel also
shows marked improvement in hardenability when
austenitized at higher temperatures, in contrast to
the much milder effect of austenitizing temperature
on hardenability of the O7 steel. The stability of the
tungsten carbides in the O7 steel accounts for its
lower hardenability at a given austenitizing tem-

-perature, as well as the lower sensitivity of har-

denability to austenitizing temperature. The lower
hardenability of the O7 steels significantly limits
the size of part that can be hardened. For example,
through-hardening of O1 steel bars 63.5 mm (2.5
in.) in diameter can be accomplished by oil quench-
ing from 800 °C (1475 °F), but only bars with
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diameters of less than 16 mm (0.625 in.) would be
through-hardened in an O7 steel oil quenched from
815 °C (1500 °F). The O6 tool steels, which contain
silicon and therefore some graphite, also contain
additions of manganese and molybdenum and are
relatively deep hardening.

Tempering

Figure 10-7 presents hardness as a function of
tempering temperature for several O-type steels.
The O7 chromium-tungsten grades have higher tem-
pering resistance than the O1 and O2 steels. With

Fig. 10-2 Typical distributions of graphite (biack features) in O6 tool steel. Light micrographs, 1000x. Nital etch. (a) Annealed
microstructure, transverse section. (b) Annealed microstructure, longitudinal section. (c) Hardened microstructure, transverse section.

(d) Hardened microstructure, longitudinal section
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molybdenum, the tempering resistance of Ol and
02 tool steels is about the same, but without the
molybdenum, the O2 steel softens somewhat more
rapidly than does O1 steel. Despite these differ-
ences, all the O-type steels soften continuously with
increasing tempering; therefore, to preserve high
hardness the O-type steels are tempered at low tem-
peratures, typically between 150 and 260 °C (300
and 500 °F).

Figures 10-8 to 10-12 show measurements of
toughness, determined by various experimental ap-
proaches, as a function of tempering temperature for
hardened O-type steels. Figure 10-8 compares un-
notched impact toughness at constant hardness val-
ues for three O-type steels. Compared to the O2 and
07 steels, the O1 steel shows the best impact tough-
ness at high hardness.

All the measurements of toughness show a small
maximum in specimens tempered between 150 and

Oil-Hardening Cold-Work Tool Steels

260 °C (300 and 500 °F), the tempering temperature
range where high hardness is maintained. Tough-
ness then decreases as specimens are tempered in
the tempered martensite embrittlement range, where
coarse carbide particles are produced by the decom-
position of retained austenite (Ref 5). Higher tem-
pering temperatures produce large increases in
toughness, or ductility, as shown by increases in
ultimate deformation measured in static torsion
tests (Fig. 10-11 and 10-12). The substantial in-
creases in toughness obtained by high-temperature
tempering, however, are accompanied by signifi-
cant decreases in hardness and strength in the mod-
erately alloyed O-type tool steels.

Bend strengths and maximum deflections ob-
tained during bend testing as a function of temper-
ing temperature are shown for O1 and O7 tool steels
in Fig. 10-13 and 10-14, respectively. The bend
strength increases from that of the as-quenched state

Table 10-3 Retained austenite in O1 and O7 tool steels at room temperature and after refrigerating

at-196° C (-321 °F)
Austenitizing treatment Retained austenite, % (a)
Temperature
Type °C EF Time, min Treatment A(b) Tr B(b) Tre Ch) Tn D(b)
01 790 1450 30 85 5.5 10.5 11
07 870 1600 30 135 6.5
(a) Determined by x-ray (b) Tre, A, ailg hed 10 20 °C (68 °F); treaiment B, oil quenched to 20 °C (68° F) and cooled 10 -196 °C(~321 °F); treatment

C, oil quenched to 50 °C (125 °F) and air cooled 10 20 °C (68 °F); treatment D, salt quenched 10 230 °C (450 °F) and air cooled 10 20 °C (68 °F)
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Fig. 10-3 1T diagram for O1 tool steel, containing 0.85%C, 1.18% Mn, 0.26% Si, 0.50% Cr, and 0.44% W, after austenitizing at
790 °C (1450 °F) for 1 h. Critical (Ac,) temperature: 745 °C (1370 °F). Prior condition: annealed. Source: Ref 1
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to a maximum after tempering of around 315 °C (600
°F), then drops with increasing tempering tempera-
ture as bend ductility increases. Table 10-4 lists
tensile properties and hardness of O1 and O7 tool
steels as a function of tempering temperature.
Specimens tempered below 425 °C (800 °F) are too
notch sensitive to provide reliable results, but as
Table 10-4 shows, mechanical properties can be
determined for specimens tempered at 425 °C (800 °F)
and higher. The very low values of elongation and
reduction of area of the O7 tool steel tempered at the
lower temperatures reflect low fracture resistance
and the absence of necking.

Figures 10-15 and 10-16 show the dimensional
changes that occur during tempering of O-type
steels, The magnitudes of the dimensional changes
depend on specimen size and dimension measured,
but all specimens show an increase due to hardening
from the annealed state, as best shown in Fig. 10-16.
The dimensions of as-quenched specimens contract
as martensite loses its tetragonality in the first stage
of tempering. Figure 10-16 shows that O] and O7
steel specimens hardened at 845 °C (1550 °F) and
900 °C (1650 °F), respectively, undergo much more
expansion on hardening than an O1 specimen hard-
ened at 790 °C (1450 °F). This observation is ex-

Austenitizing temperature, °F

plained by the greater solution of carbon in
austenite at the higher austenitizing tempera-
tures and the subsequent greater tetragonality
of the martensite that forms from that austenite.
Also, it follows that the greater the tetragonal-
ity of the as-quenched martensite, the greater
the contraction in specimen dimensions as
tetragonality is relieved during the first and
third stages of tempering.

Following the initial contraction on tempering,
specimen dimensions expand as retained austenite
with its close-packed crystal structure transforms to
ferrite and cementite with more open crystal struc-
tures during the second stage of tempering. The
expansion is greatest in specimens that retain
more austenite because of exposure to high
austenitizing temperatures for hardening, as dem-
onstrated in Fig. 10-16. Therefore, if an absolute
minimum in dimensional change is required, 02
tool steel, which can be hardened from low
austenitizing temperatures that minimize both
martensite tetragonality and retained austenite
content, may be selected.

Selection and Applications

By far the most popular oil-hardening steel is the
O1 grade. Ol tool steel can be hardened from a
relatively low austenitizing temperature, has suffi-

1400 1450 1500 1550 1600 1650 1700
70 ‘E 3 3 cient hardenability to produce adequate depth of
5 0--" L /o hardening and surface hardness in all but the very
651 |/} e Tl o largest tools, is not sensitive to grain growth on
y—- ~¥ _¢ ST TRy . . .
e g 17 2 4 overheating, has slightly higher toughness than the
«/s ¥ — . . . .
71 ~ L. other oil-hardening steels, and is the most widely
60 T 7 .
Q N /5 available of the O-type steels.
4 . . .
T S As noted in the previous section, 02 tool steel
g 5503— exhibits the lowest dimensional changes on heat
S B treatment. Type O6 tool steel, by virtue of graph-
£ s0bt ite distribution in its microstructure, provides
3 good machinability for the fabrication of intri-
4 cate dies, and type O7 is the most wear resistant
45 of the oil-hardening tool steels and may be pre-
ferred for tooling applications for longer produc-
40 tion runs.
760 790 815 845 970 900 925
Austenitizing temperature, °C
Composition, % Quenching
Curve Type C Mn w Cr Mo A\ medium Specimen size
1 01 0.90 1.10 0.50 0.50 0oil 1 (diam) x 2 in.
2 02 0.90 1.55 0.30 oil 1 (diam) x 3 in.
3 o7 1.25 0.30 1.40 0.40 0.20 oil 1 (diam) x 2 in.
4 og) 1.25 0.30 1.40 0.40 0.20 Water 1 (diam) x 2 in.
5 1.05 0.70 0.50 1.60 oil 1 (diam) % 3 in.

Fig. 10-4 Effect of austenitizing temperature on as-quenched hardness of oil-hardening cold-work die steels. Curves 1 to 4,

Allegheny Ludlum Industries; curve 5, Columbia Tool Steel Co.
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All the oil-hardening cold-work tool steels are
used for similar applications, including:

Taps

Reamers
Broaches
Blanking dies
Forming dies
Gages

Small shear blades

Hobs
Thread-rolling dies
Master tools
Punches
Burnishing tools
Knurling tools
Feed rolls

Slitting saws
Circular cutters
Drills

Coining dies
Cold-trimming dies
Plastic molds
Drawing dies

Oil-Hardening Cold-Work Tool Steels
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Table 10-4 Tensile properties of O1 and O7 tool steels

Tempering temperature Hardness, Tensile strength Yield strength (0.2 % offset) Elongationin 50 mm Red of
°C °F HRC MPa KSI MPa KSI 2in), % area, %
Type Ol(a)
425 800 50 1710 248 1538 223 8.0 17
480 900 47 1496 217 1358 197 85 19
540 1000 44 1269 187 1165 169 9.5 22
595 1100 39 1096 159 979 142 12.0 28
650 1200 31 917 133 814 118 17.0 33
705 1300 22 772 112 634 92 270 44
Type O7(b)
425 800 54.2 1875 272 1800 261 0.6 0.3
480 900 52.1 1779 258 1641 238 0.8 13
540 1000 50.4 1634 237 1510 219 1.0 0.8
595 1100 46.8 1441 209 1276 185 2.1 2.6
650 1200 40.2 1110 161 1020 148 52 9.2
705 1300 30.9 883 128 821 119 93 123

(a) Composition: 0.89 C, 1.10 Mn, 0.47 Cr, 0.41 W, 0.22 V; oil quenched. Source: Bethlehem Steel Co. (b) Composition: 1,17 C, 1.52 W, 0.75 Cr, 0.26 Mo, 0.16 V; 1600 °F;

oil-quenched. Source: Ref 6
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Fig. 10-5 Jominy end-quench hardenability curves for O1 tool steel containing 0.95% C, 0.30% Si, 1.20% Mn, 0.50% W, 0.50%
Cr, and 0.20% V, hardened from three different austenitizing temperatures. Data from Teledyne VASCO
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Fig. 10-6 Jominy end-quench hardenability curves for O7 tool stee! containing 1.20% C, 0.30% Mn, 0.26% Si, 0.70% Cr, 0.25% Mo,
1.56% W, and 0.20% V. Data from Teledyne VASCO
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Composition, % Hardening temperature Hardening
Curve Type C Mn w Cr Mo \4 °C °F medium
1 01 0.95 1.20 0.50 0.50 0.20 790 1450 Qil
02 0.90 1.55 0.30 790 1450 0il
2 o7 1.20 0.25 1.60 0.70 0.25 0.20 800 1475 Water
3 1.05 0.70 0.50 1.60 . 845 1550 Qil

Fig. 10-7 Etfect of tempering temperature on the hardness of oil-hardening cold-work die steels. Curves 1 and 2, Teledyne
VASCO; curve 3, Columbia Tool Steel Co.
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F ig. 10-8 unnotched Izod impact strength as a function of tempered hardness level for O-type tool steels. Note that in the usual
working hardness range (57 to 64 HRC), type O1 has the highest impact strength. Data from Allegheny Ludlum Industries
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Fig. 10-10 Effect of tempering temperature on torsion
impact strength of Q2 tool steel containing 1.60% Mn. AQ, as
quenched. Source: Ref 4
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Fig. 10-12 Resuits of static torsion tests of type 07 tool
steel containing 1.6% W as a function of tempering temperature.
The hardness before testing is noted along the abscissa. Data
from Teledyne VASCO
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Fig. 10-11 Resuits of static torsion tests of 01 tool steel
containing 1.2% Mn as a function of tempering temperature. The
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Fig. 10-15 Dimensional changes in O1 tool steel as a function of tempering temperature. Curve 1, Latrobe Steel Co.; curves 2
and 3, Uddeholm Company of America, Inc.; curve 4, Allegheny Ludlum Industries
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CHAPTER 11

Air-Hardening, Cold-Work Tool Steels

The air-hardening cold-work tool steels, desig-
nated as group A steels in the AISI classification
system, achieve their processing and performance
characteristics with combinations of high carbon
and moderately high alloy content. The high alloy
content is sufficient to provide not only air-harden-
ing capability, but also a distribution of large alloy
carbide particles superimposed on the micro-
structures developed by heat treatment processing.
The alloy carbides have very high hardness relative
to martensite and cementite, as discussed in terms of
tool steel alloy design in Chapter 4, and thus con-
tribute to enhanced wear resistance of A-type steels
compared to tool steels of lower alloy content. Al-
though the alloy content is high and the A-type
steels have good temper resistance with demon-
strated secondary hardening, their hot hardness rela-
tive to other even more highly alloyed tool steels is
not sufficient for high-speed machining or hot-work
applications; as a result, the A-type tool steels are
still largely used for cold-work applications.

Table 11-1 presents the nominal chemical compo-
sitions of the A-type tool steels, and Table 11-2 lists
processing and performance information. A major
processing advantage of these steels, compared to
tool steels that must be water or oil quenched, is that
air hardening produces minimum distortion and

very high safety and resistance to cracking during
hardening. Various combinations of manganese,
chromium, and molybdenum contents make possi-
ble the air-hardening capability of the A-type steels.
Table 11-1 shows that many of these steels are
alloyed with about 5% Cr, but others, such A4, A6,
and A10, have high manganese contents and lower
chromium contents. The latter adjustment in com-
position permits the use of lower austenitizing tem-
peratures for hardening, which in turn further re-
duces dimensional changes and minimizes
undesirable surface reactions such as decarburiza-
tion during hardening.

Silicon is a major alloying element in the A8, A9,
and A10 steels and helps to promote toughness, as
discussed for the S-type steels in Chapter 9. Also, in
combination with the high carbon contents of A10
steel, silicon promotes graphite formation. The
graphite content of A10 steel makes it highly ma-
chinable in the annealed condition, and in the hard-
ened condition, the graphite contributes to galling
and seizing resistance at tool steel die/workpiece
interfaces. Type A7 is the most highly alloyed of the
A-type tool steels, and earlier merited a classifica-
tion of its own as a special wear-resistant cold-work
die steel (Ref 1). The tungsten and high vanadium
contents of A7 steels, combined with high carbon

Table 11-1 Composition limits of air-hardening, medium-alloy cold-work steels

AISI UNS Composition, %

type No. C Mn Si Cr Ni Mo w \ Co
A2 T30102 0.95-1.05 1.00max 0.50max 4.75-550 030max 0.90-1.40 0.15-0.50

A3 T30103 1.20-1.30 040-0.60 0.50max 4.75-550 030max 0.90-1.40 0.80-1.40

A4 T30104 0.95-1.05 1.80-220 0.50max 090-2.20 030max 0.90-1.40

A6 T30106 0.65-0.75 1.80-2.50 0.50max 090-1.20 030max 0.90-1.40 e ...

A7 T30107 2.00-2.85 080max 0.50max 5.00-575 030max 090-140 0.50-1.50 3.90-5.15

A8 T30108 0.50-0.60 0.50max 0.75-1.10 4.75-550 030max 1.15-1.65 1.00-1.50

A9 T30109 0.45-0.55 0.50max 0.95-1.15 4.75-550 1.25-1.75 1.30-1.80 0.80-1.40

Al0 T30110 1.25-1.50(b) 1.60-2.10 1.00-1.50 1.55-2.05 1.25-1.75

(a) 0.25% max Cu, 0.03% max P, and 0.03% max S. Where specified, sulfur may be increased to 0.06 to 0.15% 10 improve machinability. (b) Contains free graphite in the

microstructure
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content, produce high volume fractions of alloy car-
bides; these promote very high wear resistance and
good hot hardness, but low toughness.

Microstructures

Figure 11-1 shows light micrographs of A7 tool
steel microstructures after annealing and after hard-
ening and tempering. The most apparent micro-
structural features are distributions of two sizes of
carbides. The larger carbides, often considered to
be massive on a microstructural scale, are pri-
mary alloy carbides that do not dissolve even
during high-temperature hot working or austenitiz-
ing of A-type steels. They are present because of the
high content of strong alloy carbide-forming ele-
ments such as chromium and molybdenum, and in
the case of the A7 steel, vanadium. The smaller
carbides are the secondary carbides formed at lower
temperatures by austenite decomposition to ferrite-
carbide microstructures, annealing, or tempering,
and spheroidization of the carbides in those micro-
structures. Figure 11-1(a) shows a high density of
smaller, secondary carbides that have been
spheroidized by lengthy annealing. Many of the
smaller carbides are dissolved during austenitizing
for hardening, as shown in Figures 11-1(b) and (c),
but the massive primary carbide distribution is
largely unchanged by hardening.

The matrices in which the resolvable carbides are
distributed consist of ferrite in the annealed micro-
structure (Fig. 11-1a) and tempered martensite in
the hardened microstructures Fig. 11-1b and c). De-
tails of the tempered martensitic microstructure are
too fine to be resolved in the light microscope, but
transmission electron microscopy shows that the
microstructure consists of plate-shaped martensitic
crystals within a matrix of retained austenite. An
example of this type of microstructure in a hardened
A2 tool steel was shown earlier in Fig. 4-21.

Processing Prior to Hardening

Table 11-2 shows processing temperature ranges
for forging and annealing. Preheating at tempera-
tures about 650 to 675 °C (1200 to 1250 °F) reduces
soaking time and the time for decarburization, to
which the A-type steels are highly susceptible be-
cause of their high carbon content. The chromium
A-type steels should not be forged below 900 °C
(1650 °F), but the manganese types may be safely
forged at temperatures as low as 815 °C (1500 °F).
In view of the air-hardening ability of the A-type
steels, they should be slowly cooled in insulating
materials after forging to at least 205 °C (400 °F).
Also, because of air hardening, the A-type steels
should not be normalized after forging but should
be annealed before machining or hardening.

Air-Hardening Cold-Work Tool Steels

Hardenability and Hardening

The alloy content of the A-type tool steels se-
verely retards the transformation of austenite to fer-
rite-carbide microstructures. Figure 11-2 shows an
IT diagram for an A2 steel austenitized at 1010 °C
(1850 °F). Two well-defined C-curves, one for pear-
lite and the other for bainite, characterize the
austenite decomposition. Substantial times are re-

Fig. 11-1 Microstructures of A7 tool steel. Light mi-
crographs, 1000x, nital etch. (a) Massive and smaller
spheroidized carbides in a ferritic matrix in a specimen box
annealed at 900 °C (1650 °F) and cooled at 25 °C/h (45 °F/h).
(b) Carbides in a matrix of tempered martensite in a specimen
austenitized at 955 °C (1750 °F), air cooled, and tempered at 150
°C (300 °F). (c) Carbides in a matrix of tempered martensite in a
specimen austenitized at 955 °C (1750 °F), air cooled, and
tempered at 315 °C (600 °F)
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quired to initiate the transformations, consistent
with the air hardening.

The air-hardening characteristics of A-type steels
make evaluation of their hardenabilities by Jominy
end-quench testing insensitive to differences in heat
treatment or alloying. As a result, Jatczak (Ref 3)
has developed a test to evaluate differences in har-
denabilities of deep-hardening steels subjected to
slow cooling rates equivalent to those characteristic
of cooling in very heavy sections of steel. This test
has been described in Chapter 5 and, as shown in
Fig. 5-32, is capable of evaluating differences in the
hardenabilities of deep-hardening A-type steels.
Generally, the as-quenched hardness of the chro-
mium A-type steels, air cooled from 950 °C (1740 °F)
should be 63 to 65 HRC, and hardenability should
be sufficient to fully harden a 50 by 150 by 250 mm
(2 by 6 by 10 in.) block.

The A-type tool steels are susceptible to decar-
burization during austenitizing for hardening, and
significant decarburization will lower the surface
hardness of hardened parts. Tools should be heated
in vacuum, or in salt baths, fluidized beds, or fur-
naces with neutral or slightly carburizing atmos-
pheres; packing in appropriate compounds such cast
iron chips or charcoal is also used to protect sur-
faces from the loss of carbon. Too high a protective
carbon potential, however, will lead to carburization
and associated low surface hardness because of ex-
cessive retained austenite. The rate of decarburiza-
tion increases with both time and temperature; and
decarburization can also be minimized by preheat-
ing, which will minimize soaking time at high
austenitizing temperatures where decarburization
most rapidly develops.

Proper control of austenitizing is critical for the
achievement of optimum hardened microstructures
and properties in the air-hardened cold-work tool
steels. Too low an austenitizing temperature will
leave too high a content of carbon and alloying
elements incorporated in alloy carbides, lowering
hardenability and reducing hardness because of the
formation of nonmartensitic microstructures during
air cooling. Too high an austenitizing temperature
will cause too high a content of carbon and alloying
elements to dissolve in austenite, lowering M, tem-
peratures and reducing hardness because of exces-
sive retained austenite in the hardened micro-
structures. These effects of austenitizing produce
parabolic curves of as-quenched hardness versus
austenitizing temperature, as shown in Fig. 11-3 for
several A-type steels. The A2 steel with 5% Cr
addition requires a higher austenitizing temperature
to produce peak as-cooled hardness, whereas the
steels with major additions of manganese develop
peak hardness after austenitizing at lower tempera-
tures. Figure 11-4 shows hardness as a function of
carbon content for air-cooled A4 steels austenitized
at various temperatures. For medium carbon con-
tents, the effect of austenitizing on hardness and
hardenability is relatively low because all the car-
bon and alloying elements are put into solution at
low austenitizing temperatures. In the high-carbon
steels, the effect of austenitizing temperature is
much greater; higher temperatures are required to
dissolve the higher quantities of carbides present in
these steels after annealing. The results shown in
Fig. 11-4 led to the development of A6 steel, which
has just sufficient carbon to attain 62 HRC after

F~=~1-°T" s==epose- briticai temperature
760 —=—1 1400
Y Lo -
650 <~ “Feae 11200
e ————
9 ................ te'L
g 540 1000 g
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g g
8 8
E 425 F_ Type A2 800 &
[ Austenitized 1010 °C -
40%
315 J 60% 600
I~ -— 75%
T~ 30%
205 T 15% 400
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Fig. 11-2 1T diagram for air-hardening A2 steel, containing 0.97% C, 0.48% Mn, 0.40% Si, 4.58% Cr, 1.04% Mo, and 0.25% V,

after austenitizing for 1 h at 1010 °C (1850 °F). Source: Ref 2
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hardening at the relatively low austenitizing tem-
perature of 875 °C (1575 °F) (Ref 4).

Substantial amounts of austenite can be retained
in A-type steels after austenitizing at high tempera-
tures, as increasing amounts of carbon and alloying
elements dissolve and produce austenite with low
M temperatures, Figure 11-5 shows amounts of
retained austenite as a function of austenitizing tem-
perature for A2 and A6 steels (Ref 5, 6). The strong
effect of carbon and chromium, relative to manga-
nese, on the temperature dependence and amount of
austenite retained is demonstrated. Cooling rate,
due to stabilization of the martensitic transforma-
tion on slower cooling, has a real but much smaller
effect on the amount of retained austenite than does
austenitizing temperature. Earlier, in Fig. 5-12, an-
other set of data showing the effect of austenitizing
temperature on as-cooled hardness of A2 tool steel
was presented (Ref 7). The low hardness of A2

Temperature, °F
1300 1400 1500 1600 1700 1800 1900
65

WY
R Em

45

S

60

Hardness, HRC

//‘

40

) \

30

705 760 815 870 925 980 1040
Temperature, °C

Compeosition, %
Curve Type C Mn Cr Mo v Specimen size
A2 1.00 050 500 100 020 1(diam)x2in.
1.00 300 100 100 1 (diam) x1in.

095 200 220 110
A6 070 200 100 135

HW N -

Fig. 11-3 Ettect of austenitizing temperature on the sur-
tace hardness of A-type steels. Specimens were air cooled from
the austenitizing temperatures. Curves 1 and 2, Allegheny
Ludium Industries; curve 3, Bethiehem Steel Co.; curve 4,
Universai-Cyclops Steel Corp.

Air-Hardening Coid-Work Tool Steels

specimens austenitized at higher temperatures, due
to retained austenite, was substantially increased by
refrigeration or high-temperature tempering as the
retained austenite transformed to martensitic or
bainitic microstructures during those treatments.

Tempering

Figure 11-6 shows hardness as a function of tem-
pering temperature for an A2 steel austenitized for
hardening at three temperatures, an O2 steel, and a
plain carbon steel containing 1% C. The tempering

| -
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60 e et X
g < =
A7 830 °C -\k Y
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€ 4T \,
T 7 . ‘t \
] 55 800 °C
Q
_g n .
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040 0.50 060 070 080 030 1.00
Carbon, %

Fig. 11-4 Efiectof carbon contentand austenitizing tempera-
ture on the center hardness of 100 mm (4 in.) diam bars of A4 tools
steel air cooled from the hardening temperature. Source: Ref 4
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Fig. 11-5 Retained austenite as a function of austenitiz-
ing temperature for air-cooled A6 tool steel and A2 steel cooled
in different media. Source: Ref 5, 6
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resistance of the A2 steel is much higher than that
of the plain carbon and O2 steel, and a definite but
small secondary hardening peak develops in the A2
steel after tempering at about 510 °C (950 °F). The
hardness increase due to secondary hardening is
highest in specimens hardened at the highest
austenitizing temperature. In those specimens, the
supersaturation of the martensite with carbon and
alloying elements is higher than in specimens
austenitized at lower temperatures; consequently,
the precipitation of alloy carbides at the higher tem-
pering temperatures is most intense. Fig. 11-7 pre-
sents additional tempering curves for A-type steels
and shows that resistance to softening during tem-
pering is best in the steels with the higher chromium
content.

The microstructure and hardness changes caused
by tempering are a function of time and tempera-
ture. Most often, as in this book, changes due to
tempering are plotted only as a function of tempera-
ture, and time at temperature is assumed constant at
1 or 2 h. Figure 11-8 plots hardness of an A2 steel
austenitized at several temperatures as a function of
a time-temperature parameter developed by Hollomon
and Jaffe (Ref 8) and extended to tool steels by
Roberts et al. (Ref 9). The fact that logarithm of
time is used in the parameter reflects the fact that
time has a smaller effect on tempering changes than
does temperature. For a given hardness correspond-
ing to a given value of the parameter, if time is
known or estimated, the temperature to achieve that

Tempering temperature, °F

AQ 200 400 600 800 1000 1200

70
65 o
”‘*‘% 980 °C
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g 55 AN
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g \ /
50 s | 925 °C
.
N oo
45 N %
1%C +
40

AQ 95 205 315 425 540 650
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Fig. 11-6 Effect of tempering temperature on the hard-
ness of A2 tool steel, containing 1.00% C, 0.60% Mn, 5.25% Cr,
1.10% Mo, and 0.25% V, after air cooling from various austeni-
tizing temperatures. Data from Universal-Cyclops Steel Corp.
Shown for comparison are curves for O2 tool steel and a 1.0%
C steel. AQ, as quenched
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hardness can be calculated. Ideally, the parameter
assumes a single mechanism of microstructural
change that causes hardness to change as a function
of time and temperature, an assumption that is not
valid for tool steels where several mechanisms of
change may operate depending on the stage of tem-
pering. The use of the tempering parameter should
be effective when applied to time-temperature re-
gimes where a single mechanism of hardness
change predominates.

As noted earlier, the retained austenite content of
hardened air-hardening steels may be quite high.
The retained austenite is thermodynamically unsta-
ble at temperatures below the A; and, as discussed
in Chapter 5, must transform to more stable combi-
nations of phases during what is known as the sec-
ond stage of tempering. In carbon and low-alloy
steels, retained austenite transformation occurs by a
single, well-defined reaction at temperatures be-
tween 200 and 300 °C (390 and 570 °F). In highly
alloyed tool steels, austenite transformation may
take place in two stages, each with its own set of
kinetics. Figure 11-9 shows IT curves for retained
austenite in an A2 steel (Ref 5). The apparent
high-temperature transformation of retained austenite
in high-alloy tool steels during tempering may be
complicated by the fact that the austenite not only
transforms at temperature, but also transforms to
martensite on cooling to room temperature from the
tempering temperature (Ref 10). Such changes dur-
ing tempering are detrimental to toughness and
sometimes necessitate additional tempering steps.
The kinetics of retained austenite transformation on
tempering A-type tool steels is very much a function
of austenitizing temperature for hardening, with the
higher austenitizing temperatures producing more
stable, highly alloyed retained austenite that trans-
forms sluggishly during tempering.

The effect of tempering on properties other than
hardness of A-type tool steels is shown in Fig. 11-10
to 11-13. Static torsion tests (Fig. 11-10) show that
the torsional strength of a fully hardened A2 steel
peaks after tempering at about 150 °C (300 °F) and
exceeds that of an Ol tool steel in all tempered
conditions. Moreover, torsional ductility, as meas-
ured by ultimate deformation, does not drop during
low-temperature tempering of the A2 steel, while it
does show the characteristic drop in the Ol steel.
Figure 11-11, however, shows a minimum in tor-
sional impact energy absorbed in hardened A2
specimens tempered around 260 °C (500 °F) (Ref
11). The generally good unnotched impact fracture
energy of A2 tool steel tempered to retain high
hardness is shown in Fig. 11-12. Limited mechani-
cal property data obtained by tensile testing of A2
and A6 tool steels is shown in Table 11-3, and
fatigue performance of an A6 steel hardened and
double tempered to 60 HRC is shown in Fig. 11-13.

The dimensional changes caused by hardening
and tempering A-type tool steels are shown in Fig.
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Table 11-3 Mechanical properties of A2 and A6 tool steels

Tensle properties Unnotched
Tempering Ultimate Yield Elongation  Reduction Charpy impact
temperature Hardness, strength strength in 50 mm of area, strength
°C °F HRC MPa ksi MPa ksi in), % % J ft- Ibf
A2(a)
540 1000 54.1 1858.2 269.5
595 1100 46.7 1603.8 2326 1269 184 50 139
A6(b)
175 350 59.7 2137 310 05 1.0 117 86
315 600 55.5 2016.8 2925 18223 264.3 1.0 22 163 120
480 900 51.0 1751 254 1510 219 2.5 74 170 125

(a) Hardened from 945 °C (1730 °F). Source: Teledyne VASCO. (b) Hardened from 845 °C (1550 °F). Source: Universal Cyclops Steel Corp.
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Composition, % Hardening temperature Hardening
Curve Type C Mn Cr Mo v °C °F medium
1 0.80 0.70 5.25 1.15 0.25 980 1800 Air
2 1.25 0.50 525 115 1.00 980 1800 Air
3 1.00 3.00 1.00 1.00 815 1500 Air
4 A4 1.00 2.00 0.90 0.90 845 1550 Air
5 0.95 2.00 220 1.10 845 1550 Air
6 A6 0.70 2.00 1.00 1.35 845 1550 Air

Fig. 11-7 Effect of tempering temperature on the hardness of air-hardening cold-work die steels after air cooling from indicated
temperatures. Curves 1 and 2, Braeburn Alloy Steel Co.; curve 3, Allegheny Ludlum industries; curve 4, Vulcan-Kidd Steel Division of
H.K. Porter Co.; curve 5, Bethlehem Steel Co.; curve 6, Carpenter Steel Co.
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11-14 and 11-15. In carbon tool steels the increase
in volume due to hardening may be 0.7% of the
as-annealed volume, but the volume changes are
reduced in tool steels alloyed with chromium. Scott
and Gray (Ref 12) measured an expansion of 0.001
in./in. in all directions of a fully hardened steel
containing 1% C and 5% Cr, and showed (Fig.
11-14) essentially continuous contraction of the di-
mensions in a hardened A2 steel with increasing
tempering temperature. The expansion expected
from the transformation of retained austenite in this
case apparently slowed the rate of contraction but
was not sufficient to cause significant increases in
specimen dimensions. In contrast, Fig. 11-15 shows
a sharp expansion in dimensions when two other
A-type tools steels are tempered above 205 °C
(400 °F), a temperature above which retained
austenite transformation typically begins during
tempering.

As discussed, retained austenite may be a signifi-
cant component of the hardened microstructures of
A-type steel, and can be controlled by austenitizing,
refrigeration, and tempering. For a given hardened
structure, transformation of retained austenite dur-
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ing tempering is accomplished at temperatures
where hardness may be significantly reduced and
where the transformation of the austenite may cause
significant dimensional changes (Fig. 11-15).
Transformation of retained austenite by refrigera-
tion, therefore, eliminates a source of mechanical
and dimensional stability, either during tempering
or in service where deformation may cause the
transformation of austenite to martensite (Ref 13-
16). In fact, the expansion that accompanies subzero
transformation of austenite to martensite can be
used to salvage tools that are undersize after con-
ventional hardening. Subzero cooling, however,
may increase susceptibility to cracking. Also, maxi-
mum transformation of austenite, and hence maxi-
mum expansion, during subzero cooling is achieved
only by continuous cooling; an intermediate tem-
pering treatment stabilizes retained austenite and
may render subsequent refrigeration relatively inef-
fective.

The air-hardening tool steels can be used for all
the applications listed for the oil-hardening tool
steels at the end of Chapter 10. In comparison to the
O-type steels, the higher hardenability of the A-type
steels which makes possible air hardening, provides
the great advantages of reduced distortion and in-
creased safety during hardening heat treatments.
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CHAPTER 12

High-Carbon, High-Chromium,

The high-carbon, high-chromium tool steels, des-
ignated as group D steels in the AISI classification
system, are the most highly alloyed cold-work
steels. Chromium, at a nominal concentration of
12%, is the major alloying element, but molybde-
num, vanadium, nickel, manganese, tungsten, and
cobalt may be added in significant amounts to the
various grades of D-type steels. Table 12-1 presents
the nominal compositions of the currently used D
steels, and performance and processing information
is listed in Table 12-2. In view of their high carbon
and alloy contents, all the D steels are deep harden-
ing. Except for D3 steel, which does not contain
molybdenum and contains an addition of tungsten,
the D-type steels are hardenable by air cooling from
austenitizing temperatures used for hardening and
thus have very low susceptibility to distortion and
cracking during hardening. Type D3 tool steels are
oil quenched.

The D-type tool steels were first developed as
possible substitutes for high-speed steels used for
cutting tools but were found to have insufficient hot
hardness and tended to be too brittle for machining
applications (Ref 1-3). Nevertheless, the high car-
bon and alloy contents produce large volume frac-
tions of high-hardness alloy carbides, which pro-
vide excellent wear resistance for cold-work
applications. A number of early studies have evalu-

GCold-Work Tool Steels

ated and optimized the content of the carbides
formed by the strong carbide-forming elements
added to the group D steels (Ref 4-9). As discussed
in Chapter 4 with respect to alloy design of tool
steels, the Fe-Cr-C system and its carbide equilibria
have received considerable attention (Ref 10). Type
D7, the high-carbon, high-vanadium modification
of D2 steel, develops the highest volume fraction of
alloy carbides and the best wear resistance of the
D-type steels. The high chromium content of the
D-type steels is not sufficient to provide the level of
corrosion resistance characteristic of stainless steel,
because much of the chromium is incorporated in
alloy carbides. However, the D-type steels do have
excellent oxidation resistance at high temperatures,
and the high chromium content of the D steels pro-
vides appreciable resistance to staining after tools
are hardened and polished.

Microstructure

Solidification of the high-chromium cold-work
steels causes considerable segregation of alloying
elements. The first crystals to solidify are richest in
iron, and carbon, chromium, and other elements are
rejected to interdendritic or intercellular liquid re-
gions where the alloy carbides eventually form. Hot

Table 12-1 Composition limits of high-carbon, high-chromium cold-work tool steels

AISI UNS Composition(s), %

Type No. C Mn Si Ni Mo w v Co

D2 T30402 1.40-1.60 0.60max 0.60max 11.00-13.00 030max 0.70-1.20 1.10 max

b3 T30403  2.00-235 0.60max 0.60max 11.00-13.50 0.30 max 1.00max  1.00 max

D4 T30404  2.05-2.40 0.60max 0.60max 11.00-13.00 0.30max 0.70-1.20 1.00 max s

34 T30405 1.40-1.60 O0.60max 060max [1.00-13.00 0.30max 0.70-1.20 1.00max  2.50-3.50
b7 T30407 2.15-250 060max 0.60max 11.50-13.50 030max 0.70-1.20 3.804.40 o

(a) 0.25% max Cu, 0.03% max P, 0.03% max S. Where specified, sulfur may be increased to 0.06 to 0.15% 1o improve machinability
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work breaks up the segregated solidification struc-
ture, but because the alloy carbides are stable during
high-temperature hot working, they are elongated
by the hot work. Figure 12-1 shows the carbide
dispersions in the wrought and annealed micro-
structure of a high-carbon, high-chromium steel.
The longitudinal section, parallel to the hot-rolling
direction, shows the elongated shape of the primary
carbides, while the section transverse to the rolling
direction shows that the cross sections of the pri-
mary carbides are roughly equiaxed. Similar to the
A-type steels, a dispersion of finer spheroidized
secondary carbides also exists, a result of the
lower-temperature heat treatment processing of the
D-type steels.

Figure 12-2 shows the microstructure of a hard-
ened high-carbon, high-chromium steel. Primary
and secondary carbides residual from austenitizing
and prior-austenite grain boundaries are clearly vis-
ible. Many of the smaller carbides in the annealed
structure have dissolved during austenitizing, but
the relatively high volume fraction of residual car-
bides pins austenite grain boundaries, helps to
maintain a fine austenitic grain size, and eventually

contributes to the wear resistance of the steels. The
matrix consists of tempered martensite and retained
austenite, which is difficult to etch because of the
high chromium content and, even if etched, is too
fine to be resolved in the light microscope.

Processing Prior to Hardening

Table 12-2 lists the temperature ranges for forg-
ing and annealing of the D-type steels. Care must be
taken to limit forging temperatures because the
high-carbon, high-chromium steels may be partially
molten at 1150 °C (2100 °F). These steels also have
exceptionally low heat conductivity and absorb heat
very slowly. Therefore, temperature gradients that
may cause cracking during heating or cooling can
readily develop. In order to minimize cracking on
heating for forging or hardening, preheating at 650
to 700 °C (1200 to 1300 °F) is necessary. The
D-type steels containing about 1% V have the nar-
rowest forging temperature range, and forging be-
low 870 °C (1600 °F) generally is not recom-
mended. Because of their deep-hardening

Table 12-2 Performance factors and processing information for high-carbon, high-chromium

cold-work tool steels

Factor D2 D3 D4 DS D7

Major factors

Wear resistance 8 8 8 8 9

Toughness 2 1 1 2 1

Hot hardness 6 6 6 7 6

Minor factors

Usual working hardness, HRC 58-64 58-64 58-64 58-63 58-66

Depth of hardening D D D D D

Finest grain size at full hardness, 7Y % 7% 7% 7%

Shepherd standard

Surface hardness as-quenched, HRC 61-64 64-66 64-66 61-64 64-68

Core hardness (25 mm, or 1 in., 61-64 64-66 64-66 61-64 64-68

diam round), HRC

Manufacturing factors

Availability 4 4 3 2 2

Cost 3 3 3 3 3

Machinability 3 2 2 3 1

Quenching medium A (o] A A A

Hardening temperature, °C (° F) 980-1025 925-980 970-1010 980-1025 1010-1065
(1800-1875) (1700-1800) (1775-1850) (1800-1875) (1850-1950)

Dimensional change on hardening L L L L L

Safety on hardening H M H H H

Susceptibility to decarburization H H H H H

Approximate hardness as-rolled or 550 400 550 550 550

forged, HB

Annealed hardness, HB 217-255 217-255 217-255 223-255 235-269

Annealing temperature, °C (°F) 870-900 870-900 870-900 870-900 870-900
(1600-1650) (1600-1650) (1600-1650) (1600-1650) (1600-1650)

Tempering range, °C (°F) 205-540 205-540 205-540 205-540 150-540
(400-1000) (400-1000) (400-1000) (400-1000) (300-1000)

Forging temperature, °C (°F) 1010-1095 1010-1095 1010-1095 1010-1095 1065-1150
(1850-2000) (1850-2000) (1850-2000) (1850-2000) (1950-2100)

Note: Ratings are explained in Chapter 2.
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characteristics, the D-type steels should be slowly
cooled after forging and should not be normalized.

Forgings should always be annealed before ma-
chining or hardening. The high-carbon, high-chro-
mium steels are annealed at 870 to 900 °C (1600 to
1650 °F) and slowly cooled at rates not to exceed 28
°C/h (50 °F/h) to 540 °C (1000 °F). Other heat treat-
ments that have been used to anneal D-type steels
include cooling from 870 to 900 °C (1600 to 1650 °F) to
540 °C (1000 °F) and reheating to 760 to 790 °C (1400
to 1450 °F), or isothermal annealing at 775 °C (1425
°F) for 4 to 6 h after first heating at 900 °C (1650 °F)
for 2 h.

Hardenability and Hardening

The high hardenability and deep-hardening char-
acteristics of the D-type steels are consistent with
severe retardation of diffusion-controlled transfor-
mations of austenite by high alloy element content.
Figure 12-3 (Ref 11) and Fig. 12-4 show IT dia-
grams for D2 and D4 tool steels. As is typical for
highly alloyed tool steels, the pearlitic and bainitic
transformations are displaced to long times and
have well-separated C-curve kinetics. Thus, in
properly austenitized specimens, air cooling is suf-
ficient for the formation of high-hardness martensi-
tic microstructures through relatively heavy sec-

High-Carbon, High-Chromium Cold-Work Tool Steels

tions. For example, D2 steel austenitized at 1010 °C
(1850 °F) can be fully hardened to 62 to 64 HRC
throughout a 75 by 150 by 250 mm (3 by 6 by 10
in.) block by air cooling. Molybdenum is especially
effective in suppressing pearlite formation and is a
common addition at nominally 1% for all the D-type
steels except D3. Without molybdenum, the trans-
formation of austenite to pearlite accelerates, and,
as is the case in heavier sections of D3, oil quench-
ing is required to form martensitic microstructures
without softer pearlitic or bainitic constituents.

Hardening consists of three stages: heating to the
austenitizing temperature, holding at the austenitiz-
ing temperature, and cooling or quenching. As
noted, the ability to harden the D-type steels by air
cooling provides the great benefit of minimizing
distortion and dimensional changes during marten-
site formation. However, to prevent cracking and
fully exploit the dimensional stability of the D-type
steels, they must also be heated slowly and uni-
formly to austenitizing temperatures. Preheating at
650 to 705 °C (1200 to 1300 °F) is highly recom-
mended, especially in view of the low thermal con-
ductivity of these high-chromium tool steels. Tools
should be heated in neutral atmospheres to maintain
surface carbon contents.

Proper austenitizing of the high-carbon, high-
chromium tool steels is critical for the production of
hardened microstructures of high hardness. Figure

Fig. 12-1 Light micrographs showing annealed microstructure of high-carbon, high-chromium D-type tool steel. (Left) Trans-

verse section, 1000x. (Right) Longitudinal section, 500x
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12-5 shows as-quenched hardness as a function of mum hardness. This temperature is determined by
austenitizing temperature for several D-type tool the optimum solution of the alloy carbides in an-
steels quenched in air or oil. Each steel has an nealed microstructures, similar to that shown in Fig.
optimum temperature range for achieving maxi- 12-1, with increasing austenitizing temperature, At

Fig. 12-2 As-quenched, hardened microstructure of high-carbon, high-chromium D-type tool steel. Light micrograph, 100x.
Courtesy of R. Patterson, Teledyne VASCO
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Fig. 12-3 17 diagram for D2 tool steel, containing 1.55% C, 0.27% Mn, 0.45% Si, 11.34% Cr, 0.53% Mo, and 0.24% V,
austenitized at 980 °C (1800 °F). Source: Ref 11
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low austenitizing temperatures, insufficient car-
bides have dissolved, the hardenability of the matrix
austenite is too low, and nonmartensitic micro-
structures with low hardness form on cooling. At

High-Carbon, High-Chromium Cold-Work Tool Steels

high austenitizing temperatures, too many carbides
dissolve, the alloy content of the matrix austenite is
too high, and excessive austenite with low hardness
is retained in hardened microstructures.
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Fig. 12-4 T diagram for D4 tool steel, containing 2.25% C, 11.50% Cr, 0.80% Mo, and 0.20% V, austenitized at 980 °C (1800 °F).

Data from Crucible Steel Co.
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Fig. 12-7 Retained austenite in hardened micro-
structures of D2 tool steel as a function of austenitizing tempera-
ture for hardening and cooling media. Source: Ref 12

Figure 12-6 shows the effect of austenitizing tem-
perature, cooling media, and pack hardening on the
as-quenched hardness of D2 tool steel. The pack-
hardened specimens were packed in a carburizing
compound during austenitizing, and the resultant
increased surface carbon content produced the high-
est martensitic hardness of all the steels after
austenitizing at all temperatures. The air-quenched
and oil-quenched specimens develop martensitic mi-
crostructures with about the same hardness after austeni-
tizing to temperatures of about 980 °C (1800 °F). At
higher austenitizing temperatures, as-quenched mi-
crostructures in air-cooled specimens, which cool at
slower rates than the oil-quenched specimens, are
sensitive to stabilization of the martensitic transfor-
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mation. As a result, the air-cooled specimens retain
more austenite and show lower as-quenched hard-
ness than do the oil-quenched specimens.

Figure 12-7 shows the amount of austenite re-
tained in hardened microstructures as a function of
austenitizing temperature and cooling media in a D2
tool steel (Ref 12). Specimens cooled at the slower
rates in lime and air show higher retained austenite,
consistent with the stabilization of martensitic
transformation by slower cooling. As noted earlier,
the considerable increase in retained austenite in
specimens of D2 tool steel cooled from high
austenitizing temperatures is a result of alloy car-
bide dissolution and the enrichment of austenite
with carbon, chromium, and other carbide-forming
elements. The highly alloyed austenite not only has
very high hardenability, but also is highly stable
with respect to martensite formation. Table 12-3
lists the amounts of the various microstructural
components in D2 tool steel oil quenched from vari-
ous temperatures. As the volume fraction of car-
bides decreases with increasing temperature,
martensite volume fraction falls steeply, and the
microstructure is dominated by retained austenite.

Austenitic grain size of D-type tool steels does
not coarsen very rapidly at typical hardening tem-
peratures. This beneficial characteristic is a result of
the considerable volume fraction of coarse carbides
that do not dissolve during austenitizing. The car-
bides pin grain boundaries and maintain a fine, rela-
tively uniform grain size according to Eq 5-2 (see
Chapter 5). However, if the high-chromium steels
are subjected to two austenitizing and hardening
cycles, the possibility of discontinuous austenite
grain coarsening exists,

Figure 12-8 shows austenitic grain size as a func-
tion of austenitizing temperature for D2 tool steel



subjected to single and double austenitizing treat-
ments. High intercept grain size numbers indicate
fine grain sizes. A second hardening treatment may
(1) refine austenitic grain size developed in the
second austenitizing treatment, if the initial austenitiz-
ing temperature is held at or below 980 °C (1800 °F)
or (2) severely coarsen the austenitic grain size if
the first austenitizing treatment is above 980 °C
(1800 °F). Several principles explain the various

Table 12-3 Amounts of microconstituents in
D2 tool steel as a function of austenitizing
temperature

Austenitizing
temperature(a) Volume, %
°C °F Martensite Austenite Carbide
1040 1900 79 7 14
1065 1950 65 22 13
1095 2000 33 55 12
1120 2050 5 85 10
1135 2075 2 88 10
1150 2100 2 88 10

(a) Specimens austenitized 30 min at temperature and quenched into oil. Composi-
tion: 1.60% C, 11.95% Cr, 0.33% Mn, 0.32% Si, 0.79% Mo, 0.25% V, 0.18% P,
and 0.010% S. Source: Ref 13

Second austenitizing temperature, °F

1850 1900 1950 2000 2050 2100 2150 2200
18 T T
17 870, 925, 980 °C
16
15 N
V== ™ Sing! ch
13 X ing'e quen
) % T
12 o o e 1175°C
g 1 . .
8 : \ "\\\)I}
£ : A 1010°C ~ ]
S o : ] “ |
g . ' \X 1040 °C
g ' ;
g8 7 :
£ L n
t1120°c A 1
5 ! . -
) R | 1% 1065°C
1095°C — \ 17
3 =~ \ o
Y 1150°C T\
2 4" } "_ g
1 ~+ __%.&‘.‘7"
0
1010 1040 1065 1095 1120 1150 1175 1205

Second austenitizing temperature, °C

Fig. 12-8 Austenitic grain size as a function of second
austenitizing temperature of D2 steel after quenching from first
austenitizing temperatures as indicated. The austenite grain
size as a function of austenitizing temperature for specimens
“single quenched” from a single austenitizing treatment are also
shown. Data from Teledyne VASCO
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grain growth phenomena. First, a double cycle of
hardening requires the nucleation of a very fine
austenitic grain structure during austenitizing of the
tempered martensite produced in the first cycle.
Second, whether or not the austenite grains coarsen
is a function of the size and volume fraction of the
carbide particles that serve to retard grain-boundary
motion. The pinning particles present during the
second austenitizing tend to be finer than those
typically present in an annealed structure at the start
of a first hardening cycle. Although the finer parti-
cles initially retard grain growth very effectively,
they also dissolve more readily at higher tempera-
ture, therefore setting the stage for discontinuous
grain coarsening at higher austenitizing tempera-
tures.

The above work regarding the effect of reharden-
ing treatments was driven by the severe grain coars-
ening observed in rehardened high-speed tool
steels, which are typically austenitized at very
high temperatures (Ref 14, 15). The high-carbon,
high-chromium D-type steels are not austenitized at
the same high temperatures used for high-speed tool
steels, and therefore, the potential for severe grain
coarsening in the D-type steels serves primarily as a
reminder to maintain strict upper limits on austeni-
tizing temperature if rehardening should be re-
quired.

Tempering

Figures 12-9 and 12-10 show hardness changes as
a function of tempering temperature, and Fig. 12-11
and 12-12 (Ref 16) show hardness changes as a
function of a time-temperature tempering parame-
ter, as described in Chapter 11, for various D-type
steels in various heat-treated conditions. All the
high-carbon, high-chromium cold-work steels show
a strong resistance to softening during tempering,
and in some heat-treated conditions show a pro-
nounced secondary hardening peak. Steels designed
to simulate the matrix compositions of D-type steels
without carbides (i.e., matrix steels) indicate that
the tempering resistance of the matrix is due to the
stability of M3C carbides rather than to the precipi-
tation of chromium-rich M;C5; carbides (Ref 4, 17—
2.

The strongest response to secondary hardening is
in specimens that have been austenitized at higher
temperatures where more carbon and alloying ele-
ments have been taken into solution and thus are
available for precipitation at high tempering
temperatures. However, as discussed above,
high-temperature austenitizing also causes large
amounts of austenite to be retained in as-quenched
structures. The retained austenite significantly low-
ers the hardness of as-quenched specimens, and
since the retained austenite in the highly alloyed
D-type steels is quite stable, hardness remains low
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until the secondary hardening temperature range is
reached.

Figure 12-13 shows curves for the transformation
of retained austenite in a D2 steel during tempering.
In contrast to the A-type cold-work steels with
lower chromium contents, no appreciable transfor-
mation of retained austenite occurs during low-tem-
perature tempering in the temperature range of 260
to 315 °C (500 to 600 °F). At secondary hardening
temperatures, in addition to isothermal transforma-
tion of retained austenite to mixtures of ferrite and
carbides, precipitation of alloy carbides in the
austenite may further reduce the stability of untrans-
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Fig. 12-9 Hardness as a function of tempering tempera-
ture for D2 and D3 tool steels subjected to various austenitizing
and cooling conditions. Source: Ref 3
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formed austenite and make possible martensite or
bainite formation on cooling from the tempering
temperature to room temperature.

The toughness and fracture resistance of hard-
ened high-carbon, high-chromium cold-work tool
steels is low. In the as-quenched condition, low
toughness is caused by a microstructure consisting
of high-carbon martensite, which strain hardens at
very high rates, and a high density of coarse, undis-
solved carbides, which serve as fracture initiation
sites. Residual stresses developed on quenching
will also contribute to low fracture resistance but
will be minimized by air cooling. Tempering will
lower residual stresses and increase toughness and
the plasticity of the martensite. However, tempering
causes the transformation of retained austenite,
which introduces additional carbides at various
stages of tempering of the D-type steels. This may
increase sensitivity to fracture.

Figures 12-14 to 12-19 show various evaluations
of the toughness, ductility, and mechanical proper-
ties of D-type steels. Toughness, under conditions
of torsional loading or unnotched impact bending
(Ref 22), is generally adequate and improved by
tempering, depending on alloy content and heat
treatment conditions. Toughness would be substan-
tially reduced in impact bending tests with notches,
which cause substantial stress concentration and
high triaxial stresses at their roots. Tempering at
temperatures that cause the decomposition of re-
tained austenite are associated with minima in
toughness, the phenomenon referred to as tempered
martensite embrittlement in medium-carbon steels.
As best shown in Fig. 12-14, the high alloy content of
the D-type steels may introduce several of these min-
ima and, compared to lower alloy steels, cause the
minima to occur after tempering at higher tempera-
tures. Figures 12-14, 12-17, and 12-18 show that the
toughness minima due to retained austenite transfor-
mation occur after tempering at about 480 °C (900 °F).

In most comparisons of toughness and ductility
of the high-carbon D3 steel versus the lower-carbon
D2 steels (Fig. 12-15 to 12-17), the toughness of the
D2 steel is better, consistent with somewhat lower
carbon contents of its martensite and lower densities
of retained alloy carbides.

The compressive strengths of hardened D-type
cold-work steels tempered at low temperatures are
high and generally correlate directly with hardness,
as shown in Fig. 12-19. Table 12-4 lists compressive
strengths measured for several D-type steels
quenched to maximum hardness and tempered at
low temperatures. The mechanical properties of the
D-type tool steels, because of the elongation of the
primary alloy carbides by hot work as demonstrated
in Fig. 12-1, are anisotropic (Ref 23). Strength and
ductility as measured by tension, compression, and
bend tests are a maximum in the direction parallel
to the rolling direction and a minimum in the direc-
tion transverse to the rolling direction.



The dimensional changes resulting from the hard-
ening of the high-carbon, high-chromium tool steels
are very small (Ref 24-26). For example, Scott and
Gray (Ref 25) have indicated an expansion of only
0.1% of the annealed volume after hardening an

Table 12-4 Compressive strengths of
high-carbon, high-chromium steels after
hardening to maximum hardness and
tempering at temperatures noted

High-Carbon, High-Chromium Cold-Work Tool Steels

11% Cr alloy by air cooling. Hardening tempera-
tures on the high side of the recommended range,
which result in considerable retained austenite, may
in fact cause overall specimen shrinkage.

The dimensional changes on hardening D-type
steels may be markedly dependent on direction,
with greater extension in the rolling direction than
in the transverse direction. Again, this directionality
is related to the primary alloy carbide distribution as
related to solidification and hot work. Figure 12-20
shows longitudinal and transverse dimensional
changes as a function of forging reduction of a D3

Tempering Ultimate . R
temperature Hardness, compressive steel (Ref 27). Air cooling of the D-type steels
Steel °C °F HRC MPa ksi minimizes distortion, but considerable distortion
D2 175 350 615 3841 557 may develop if temperature gradients develop during
230 450 59.5 3641 528 heat treatment (Ref 28) Sachs and Jay (Ref 29) have
D3 175 350 63.5 3634 527 investigated the effects of various forging techniques
230 450 61.5 3290 477 on carbide particle size, dendritic cell size, and distor-
Tempering temperature, °F
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Composition, % Hardening Temperature ~ Hardening Medium
Curve Type C Si Cr w Mo v Ni Co °C °F
1 2.10 085 11.50 0.75 925 1700 0il
2 DS 1.50 050 12.25 0385 . 310 1010 1850 Air
3 085 11.50 045 030 100 1010 1850 Air

Fig. 12-10 Hardness as a function of tempering temperature for D-type tool steels hardened as shown. Data from Columbia

Tool Steel Co., Latrobe Steel Co., and Bethiehem Steel Co.
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tion of D3 steel and found that variations in forging
techniques, including upset forging, have rela-

tively little effect on distortion.

Tempering temperature, °F
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Fig. 12-11 Hardness as a function of temperature-time
tempering parameter for D2 steels austenitized as shown. Tis
absolute temperature (°F + 460); tis time in hours. Data from
Teledyne VASCO

Figure 12-21 shows the effects of tempering on
dimensional changes of several D-type steels. Con-
sistent with the microstructural changes that evolve
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Fig. 12-12 Hardness as a function of temperature-time
tempering parameter for D4 steels austenitized as shown. Tis
absolute temperature (°F + 460); t is time in hours. Data from
Teledyne VASCO
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Fig. 12-13 Transformation curves for austenite retained in hardened D2 tool steel. Source: Ref 12
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with increasing tempering, an initial contraction oc- about 425 °C (800 °F). The latter tempering tem-
curs as the tetragonality of the martensite crystal perature is significantly higher than that which initi-
structure decreases in the first stage of tempering. ates austenite transformation and expansion in tool

The expansion due to the transformation of retained steels with lower alloy content. The intensity of the
austenite in the second stage of tempering begins at expansion depends on alloying and hardening

Tempering temperature, °F
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Fig. 12-14 Torsional impact energy absorbed by D2 and D3 tool steel specimens as a function of tempering temperature.
Absolute magnitudes of impact energy are not comparable because of testing varations. Curve for D2, Bethiehem Steel Co.; curve
for D3, Ref 22
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Fig. 12-15 cComparison of ductility in static torsion tests of D3 (left) and D2 (right) tool steels quenched to maximum hardness
and tempered at the three temperatures shown. Data from Teledyne VASCO
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temperature, and for the data shown in Fig. 12-21, Refrigeration treatments can be applied to high-
is highest for a D5 steel containing cobalt and carbon, high-chromium tool steels to transform re-
hardened at a relatively high temperature. tained austenite and thereby increase hardness, im-
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Fig. 12-16 Compressive strength (a) and energy absorbed in unnotched Izod specimens (b) as a function of tempering.
Source: Ref 1
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Fig. 12-17 Energy absorbed by unnotched Izod D2 and D3 tool steel specimens as a function of tempering temperature. Data
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Tempering temperature, °F
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Fig. 12-18 unnotched Charpy impact energy absorbed by hardened high-carbon, high-chromium tool steel specimens (0.85%
C, 11.50% Cr, 1.00% Ni, 0.45% Mo, and 0.30% V) as a function of tempering temperature. Data from Bethlehem Steel Co.
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Fig. 12-19 Effect of tempering temperature on the hard-
ness and compressive strength of a D2 tool steel hardened as

shown. Data from Bethiehem Steel Co. 2. Hold 1 hat 345 °C (650 °F); oil quench.

Hardness: 63 HRC
prove dimensional stability, or salvage undersize .
parts (Ref 30-32). For extreme dimensional stabil- Cycle 2
ity at room temperature, the following heat-treat-

ing cycles after hardening have proved beneficial 1. Cool continuously to —196 °C (=321 °F).
for D2 tool steel (Ref 31): 2. Hold 1 hat 510 °C (950 °F); oil quench.
3. Repeat steps 1 and 2 three times.
Cycle 1 o O\ a}
4. Hold 1 h at 230 °C (450 °F); air cool.
1. Cool continuously to —196 °C (-321 °F). Hardness: 59.5 HRC
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Selection and Applications

The high-carbon, high-chromium D-type steels
are divided into two major groups according to car-
bon content. The high-carbon types—D3, D4, and
D7—nhave the greatest wear resistance but the low-
est toughness. The lower carbon types—D2 and
DS5—have reasonably high wear resistance and are
slightly tougher than the D types containing 2% or
more carbon. Type D5 has slightly better hot hard-
ness than D2 but is otherwise very similar, and the
two steels can be used interchangeably.

If long production runs are expected, one of the
higher-carbon steels may be selected in preference
to D2. The higher-carbon types, however, are more
difficult to machine. If the greater dimensional
changes accompanying oil quenching can be toler-
ated, the oil-hardening D3 steel offers the advantage
of better surface condition since a combination of
lower hardening temperature and liquid quenching
should result in minimum surface decarburization
and scaling.

The D-type steels are widely used for blanking
and cold-forming punches and dies. Type D2 is
sometimes used for hot trimming of forgings, but
primarily the high-carbon, high-chromium steels
are used for cold-work applications. Typical appli-
cations include:

Blanking dies Spinning tools
Burnishing tools Slitting cutters
Coining dies Knurls
Deep-drawing dies Broaches
Wire-drawing dies Cold-extrusion dies
Forming dies Wear plates
Gages Mandrels
Thread-rolling dies Crimping dies
Lathe centers Hot-swaging dies
Punches Lamination dies
Forming and bending rolls Cutlery
Trimming dies Shear blades
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Steels for hot-work applications, designated as
group H steels in the AISI classification system,
have in common the capacity to resist softening
during long or repeated exposures to high tempera-
tures needed to hot work or die cast other materials.
The H-type steels are subdivided into three classes
that sort according to the alloying approach used to
impart high hot hardness: chromium hot-work
steels, which contain nominally 5% Cr and signifi-
cant amounts of other elements including silicon,
molybdenum, and vanadium; tungsten hot-work
steels; and molybdenum hot-work steels. Multiple
alloying elements are also added to the tungsten and
molybdenum hot-work steels, and the performance
of these steels is generally somewhat better than the
chromium steels. Table 13-1 lists the compositions of
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CHAPTER 13

Hot-Work Tool Steels

the three groups of hot-work steels, and Table 13-2
ranks performance and processing information.

All tool and die steels for hot-work applications
should have these general characteristics:

»  Resistance to deformation at working temperatures.

This characteristic more than any other distin-
guishes hot-work tool steels from other tool steels,
which may have higher heat-treated room-temperature
hardness, and thus provide better performance for
cold-work applications, but which soften rapidly at
hot-working temperatures.

»  Resistance 1o shock. Good resistance to mechanical

and thermal shock and good notch toughness are
required to prevent cracking and catastrophic fail-

Table 13-1 Composition limits for hot-work tool steels

AISE UNS Composition(a), %

Type No. C Mn Si Ni Mo w v Co
Chromium hot-work steels

H10 T20810 0.35-0.45 025-0.70 0.80-1.20 3.00-375 0.30max 2.00-3.00 0.25-0.75

HI11 T20811 0.33-043 020-0.50 0.80-1.20 4.75-550 0.30max 1.10-1.60 e 0.30-0.60

HI12 T20812 0.30-0.40 020-050 0.80-1.20 4.75-550 030max 125-175 1.00-1.70  0.50 max

H13 T20813 0.32-0.45 020-0.50 080-120 475-550 0.30max 1.10-1.75 0.80-1.20

Hl4 T20814 0.35-0.45 0.20-0.50 0.80-1.20 4.75-5.50 0.30 max e 4.00-5.25 - e
H19 T20819 0.35-0.45 020-0.50 020050 400475 030max 030055 3.754.50 1.75-2.20 4.00-4.50
Tungsten hot-work steels

H21 T20821 0.26-0.36 0.15-040 0.15-0.50 3.00-3.75 0.30 max 8.50-10.00 0.30-0.60

H22 T20822 0.30-0.40 0.15-040 0.15-040 175-375 0.30 max 10.00-11.75 0.25-0.50

H23 T20823 0.25-0.35 0.15-040  0.15-0.60 11.00-12.75 0.30max 11.00-12.75 0.75-1.25

H24 T20824 0.42-0.53 0.15-040  0.15-040 2.50-3.50 0.30 max 14.00-16.00 0.40-0.60

H25 T20825 0.22-0.32 0.15-040  0.15-0.40 3.754.50 0.30 max 14.00-16.00  0.40-0.60

H26 T20826  0.45-0.55(b) 0.15040 0.15040 3.754.50 0.30 max 17.25-19.00 0.75-1.25
Molybdenum hot-work steels

H42 T20842  0.55-0.70b) 0.15-0.40 375-450 030max 4.50-5.50 5.50-6.75 1.75-2.20

(a) 0.25% max Cu, 0.03% max P, and 0.03% max S; where specified, sulfur may be increased to 0.06 to 0.15% to improve machinability. (b) Available in several carbon

ranges
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ure. For this reason, the carbon contents of the H
steels are maintained at low or medium levels.

«  Resistance 10 high-temperature wear. Resistance to
erosion or wear at hot-working temperatures, often
referred to as “washing,” is important for long tool
and die life, and is generally improved by selection
of alloying and microstructures that have higher hot
hardness but lower toughness.

e Resistance to heat treatment distortion. Distortion
and dimensional changes during production must
be minimized, especially for intricate dies.
Higher-alloy steels with hardenability sufficient to
permit hardening by air cooling provide the best
resistance to distortion during heat treatment.

«  Machinability of hot-work tool steels must be en-
hanced by attention to primary processing and an-
nealing and cannot be enhanced by additions that
develop distributions of inclusions or other second-
phase particles used to promote machinability in
other steels. Such second-phase particles lower im-
pact strength and fatigue resistance.

+  Resistance to heat checking. Repeated exposure to
cycles of heating and stress canses networks of fine,
shallow cracks to develop in hot-work steels. This
condition is referred to as heat checking and is the
principal factor limiting the life of hot-work tool
steels used for die-casting dies. Factors that affect
heat checking are discussed later in this chapter.

Selection of the best hot-work tool steel for a
given application depends on matching manufactur-
ing and performance requirements to the steel and
heat treatment that provide the best combination of
properties for those requirements. Selection is
largely influenced by the temperatures developed in
dies, the manner of applying load in the application,
and the manner of cooling the die. The hot hardness
of carbon and low-alloy steels diminishes rapidly
after heating to 230 °C (450 °F); the hot hardness of
the chromium die steels does not vary materially
until temperatures of 425 °C (800 °F) are reached;
and the tungsten hot-work steels retain considerable
hardness up to 620 °C (1150 °F). The last tempera-
tures represent the approximate working limits for
the chromium and tungsten groups of hot-work
steels. Table 13-3 lists the as-heat-treated hardness
and hot hardness of some chromium and tungsten
hot-work tool steels and illustrates the higher tem-
per resistance and hot hardness of the tungsten hot-
work steels.

If it is necessary to water-cool dies to keep oper-
ating temperatures low, and thus eliminate undue
softening, chromium hot-work steels are preferred
to tungsten grades because of their greater resis-
tance to cracking. Certain tungsten types, however,
can be water cooled if the die design permits con-
tinuous circulation of water. In no instance should
tungsten hot-work tool steels containing high levels
of chromium be subjected to rapid heating and cool-
ing cycles. Where extreme shock is likely to be

Hot-Work Tool Steels

encountered during operation, low-carbon H-type
steels are preferred.

Figure 13-1 shows a heat treatment processing
schematic for hot-work tool steels (Ref 1). Consid-
ering the high austenitizing temperatures used to
harden H-type steels, several preheating stages are
recommended. Air cooling and hot bath cooling (a
technique that provides somewhat faster cooling
rates than air cooling) are indicated. As noted, hard-
ened tools and dies should be tempered before
reaching room temperature. For optimum toughness
and to prolong the life of hot-work tools and dies,
multiple tempering is recommended. After initial
tempering at secondary hardening temperatures, the
embrittling effects of coarse carbide structures,
formed by the transformation of retained austenite,
are mitigated by subsequent tempering steps.

Several other general comments concerning the
use of hot-work tool steels can be made. The tight
black scale formed during heat treatment should be
left on tools unless it is excessive or is combined
with either surface carburization or decarburization.
This scale is very resistant to abrasion and helps to
hold die lubricant, thus assisting in wear prevention.
Ground and polished tools tend to gall and seize. If
grinding and polishing after heat treatment are nec-
essary, tools may be reheated to just below the
tempering temperature in order to reform a protec-
tive oxide coating. Such a coating, however, is less
effective than the original one formed during hard-
ening.

To minimize thermal shock, tools and dies should
be preheated carefully before beginning a hot-working
operation. Tool life can be extended by keeping
tools and dies warm during prolonged periods of
downtime. Proper cooling of tools and dies prevents
local overheating and enables operation at lower,
more uniform temperatures. In die-casting dies, in-
ternal cooling by circulating water is common. In
forging dies, cooling can be accomplished with a
water or oil spray, or with an air blast. The latter
method is the mildest, whereas water spraying is the
most severe. These cooling methods also serve to
remove from tools and dies the loose scale formed
on hot metal during fabrication. Care must be taken
to prevent corrosion when tools are stored after heat

Table 13-3 Room-temperature and hot
hardness of some hot-work tool steels(a)

Hardness at room temperature

after tempering 2 h at

indicated temperature Hot hardness
Steel 595°C 650°C 595°C 650°C
type (1100 °F) (1200 °F) (1100°F) (1200 °F)
H12 392 328 192 108
H21 529 437 280 211
H26 588 505 405 276

(a) Mutual indentation values converted to HB.
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treatment. Small rust spots soon become pits when
a tool is placed in service.

Chromium Hot-Work Steels

The chromium hot-work tool steels are the most
widely used for forging and die-casting applica-
tions. Originally developed for die casting of alumi-
num alloys, the alloy design objectives for the steels
included air-hardening capability from relatively
low austenitizing temperatures, little movement
during hardening, minimum scaling tendency dur-
ing air cooling, resistance to erosion by aluminum,
resistance to thermal fatigue or heat checking, and
reasonable alloy content and cost (Ref 2). The out-
standing characteristics of H11 and other chromium
hot-work steels are their high toughness and shock
resistance. Although their hot hardness is lower than
that of the other types of hot-work steels, the high
shock resistance of the chromium H-type steels
makes them preferable for most hot-work opera-
tions, especially when dies must be cooled with
water or other flushing media. Typical applications
include die-casting dies for aluminum, zinc, and
magnesium castings, forging dies and inserts,
punches, piercers and mandrels for hot work,
hot-extrusion tooling, shear blades for hot work,
and all types of dies for hot work. Some of the
chromium H-type steels have been used for struc-
tural parts that require ultrahigh strength (Ref 3).

The relatively low carbon and alloy content of
the chromium hot-work steels makes them highly
forgeable in the temperature ranges listed in Table
13-2. Forging should not be attempted below 870 °C
(1600 °F), and preheating at 700 to 815 °C (1300 to

1500 °F) prior to forging is recommended for large
pieces. The chromium H-type steels have high har-
denability and thus should be furnace cooled after
forging. Although the chromium H steels generally
are not subjected to normalizing heat treatments,
normalizing has been used to improve the trans-
verse ductility of large forgings (Ref 4). During
forging and annealing heat treatments, hot-work
tool steels should be protected from carburization
and decarburization. To minimize distortion on
hardening, stress-relief anneals, as shown in Fig.
13-1, may be applied before finish machining and
hardening.

Isothermal transformation diagrams for some
chromium hot-work steels are shown in Fig. 13-2 to
13-5 (Ref 5). The IT diagrams are qualitatively
similar to CCT diagrams, and an example of the
latter has been presented earlier in Fig. 5-27. Com-
bined with chromium, molybdenum (~1% content)
strongly retards the diffusion-controlled transfor-
mations of austenite in the chromium H-type steels.
Typical of other highly alloyed tool steels, the pear-
litic and bainitic transformation temperature ranges
are well separated. However, because of the rela-
tively low carbon content of the chromium H-type
steels, the hardness of the pearlitic transformation
products tends to be low and the My temperatures
relatively high. The latter characteristic means that
if cooling rates are sufficient to avoid pearlite and
bainite formation, hardened microstructures will
consist primarily of martensite with little retained
austenite.

Despite the medium carbon contents of the chro-
mium hot-work steels, the proeutectoid phase that forms
is an alloy carbide, reported to be a vanadium-rich MC
carbide containing moderate amounts of molybde-

Stress relieving Heating Austenitizing Quenching Tempering
Pretreatment Hardening
] 3. Preheating  temperature
Final stage 1 min/mm,
treatment 900 °C
g ,usr:f;‘ze 2. Preheating .
® cooling §tage 2 Air/oil Probable
§ 600-650 °C "“"’"f,g' % Soaking 1. 2, following
g 650 temp. Tempering Tempering tempering
1h ‘ ‘ J NS
Hot bath, 100 mm Air Air ::Alr
i 500-600 °C i
1. Preheating stage
Y2 min/mm,
400 °C
RT TiMe e

Fig. 13-1 schematic of the heat treatment steps for hardening hot-work tool steels with hardening temperatures higher than

900 °C (1650 °F). Source: Ref 1
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num and chromium and small but significant 13-5. While the pearlite transformation is quite
amounts of silicon and iron (Ref 6). The tempera- sluggish, carbide formation can initiate at very short
ture ranges for the carbide formation are shown by times or relatively rapid cooling rates. The carbide
the dashed lines in the IT diagrams of Fig. 13-2 to particles nucleate on austenite grain boundaries and
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F ig. 13-2 17 diagram for H10 steel containing 0.40% C, 1.00% Si, 0.55% Mn, 3.25% Cr, 2.50% Mo, and 0.33% V. Courtesy of
Crucible Steel Co.
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Source: Ref &
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never grow to any substantial thickness, especially lar fracture and are the reason that the steels are not
during continuous air cooling. Nevertheless, the normalized. Grain-boundary carbide formation on

grain-boundary carbide networks increase the sus- cooling is enhanced by austenitizing at high tem-
ceptibility of the H-type steels to brittle intergranu- peratures in the hardening range, where austenitic
1095 2000
980 —1 1800
870 1600
\\ — l’_/”
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Fig. 13-4 1T diagram for H12 tool steel with the composition shown. Source: Ref 5
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grain size coarsens and more carbon goes into solu-
tion as the alloy carbides dissolve. In addition to
carbide formation, hardenability and the kinetics of
the other diffusion-controlled isothermal and con-
tinuous cooling transformations of austenite are in-
fluenced by austenitizing temperature, as discussed
below.

All of the chromium hot-work steels have high
hardenability. Figure 13-6 shows Jominy end-quench
curves for chromium steels with and without molyb-
denum and shows the strong effect of molybdenum
in promoting martensite formation to the large dis-
tances from the quenched end which correspond to
slow cooling rates that would be expected in heavy
sections of steel. Vanadium and tungsten additions
have relatively little influence on hardenability be-
cause, at most austenitizing temperatures in the rec-
ommended range, a substantial fraction of these
elements is incorporated in stable alloy carbides.

Figure 13-7 shows the effect of austenitizing tem-
perature on the hardness of air-cooled chromium
hot-work steels. At low austenitizing temperatures,
as-cooled hardness is low because of reduced har-
denability associated with an austenite matrix im-
poverished in alloying elements. Branco (Ref 7)
estimates that annealed H11/H13 steels contain
about 3.5 to 4.5 wt% coarse carbides produced dur-
ing annealing and preceding stages of processing.
The carbides have various crystal structures and
compositions and contain a large fraction of the
alloying elements needed for hardenability and
eventual secondary hardening.

Dissolution of alloy carbides entering the austeni-
tizing process after annealing is continuous with
increasing austenitizing temperature and time, as
illustrated in Fig. 13-8 for an H13 tool steel (Ref 6).
Relative to the annealed starting structure, the vol-
ume fraction of carbides has decreased to about 2%
after austenitizing at 1025 °C (1875 °F) and to about
1% after austenitizing at 1105 °C (2025 °F). At the
lower austenitizing temperatures, three types of car-

Hot-Work Tool Steels

bides, residual from annealing and earlier process-
ing, are present: vanadium-rich MC, molybde-
num/iron-rich MgC, and chromium/iron-rich M;Cs.
After austenitizing at the higher temperatures, around
1100 °C (2010 °F), only vanadium-rich MC carbides
remain and the other types of carbides have com-
pletely dissolved (Ref 6, 7). Accompanying the dis-
solution of the alloy carbides with increasing
austenitizing temperature, austenitic grain size also
increases. Figure 13-9 shows the gradual increase in
austenitic grain size with increasing austenitizing
temperature for an H13 steel (Ref 6). Time at
austenitizing temperature has relatively little effect
on grain size at conventionally used hardening tem-
peratures.

Although the chromium hot-work tool steels have
high hardenability, their hardenability is insuffi-
cient to produce fully martensitic structures in the
heavy dies used for casting of aluminum and other
metals. Schmidt (Ref 6) has studied the effects on
microstructure and properties of H13 steel of ex-
tremes in cooling rates in air cooled specimens 12.5
mm (0.5 in.) in size and in specimens subjected to
cooling rates that simulate cooling rates at midradius
locations of air-cooled bars 150 and 300 mm (6 and 12
in.) in diameter. Figure 13-10 shows the various
cooling rates superimposed on CCT curves gener-
ated by Nilsson et al. (Ref 8) for H13 tool steel
austenitized at 1030 and 1080 °C (1885 and 1975
°F); the heavy sections transform to bainite rather
than martensite.

The smaller air-cooled specimens transform fully
to lath martensite, as has been illustrated in Fig.
4-20, while the specimens cooled at the slower rates
transform to mixtures of upper and lower bainite.
The two types of bainite were oriented in light-etching
and dark-etching bands, consistent with alloy ele-
ment variations produced by ingot solidification
and hot work. Light-etching bands contained mix-
tures of martensite and lower bainite and were con-
sistently higher in hardness than dark-etching bands

70
O
£ 60 —
g N 1
4] 2
£ 50 AN
]
X ———————
40
0 4 8 12 16 20 24 28 32 36 40
Distance from quenched end, /16 in.
Compasition, % Austenitizing temperature
Curve Type C Si Cr w Mo °C oF
1 H12 035 092 4.76 1.42 145 1010 1850
2 0.96 0.29 3.93 . 1010 1850

Fig. 13-6 Jominy end-quench hardenability curves for chromium hot-work tool steels. Courtesy of Teledyne VASCO
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consisting of upper bainite. The light-etching bands
were found to be richer in chromium and molybde-
num than the dark-etching bands, consistent with
the higher hardenability and hardness of these re-
gions (Ref 6).

Figure 13-11 shows as-quenched hardness as a
function of austenitizing temperature for the three
sets of H13 specimens cooled as shown in Fig. 13-10.
The high hardness of the smaller air-cooled speci-
mens is consistent with their fully martensitic struc-
tures and increases significantly with increasing
austenitizing temperature as more carbon is dis-
solved in the austenite and is consequently trapped
in the martensite on cooling. Increasing amounts of
retained austenite would be expected in the speci-
mens austenitized at the higher temperatures, but
the amounts are not large enough to lower hardness
as is the case for higher-carbon, more highly alloyed
tool steels such as the high-carbon, high-chromium
cold-work steels. The hardness of the bainitic mi-
crostructures in the specimens cooled at rates simu-
lating those in heavy, air-cooled sections is signifi-
cantly lower than that of the martensitic
microstructures and is relatively insensitive to
austenitizing temperature.

The chromium hot-work tool steels have good
resistance to softening during tempering, a charac-
teristic that translates to good performance during
hot-work applications. Hardness as a function of a

Austenitizing temperature, °F
6]’1600 1700 1800 1900 2000 2100
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Fig. 13-7 effect of austenitizing temperature on harg-
ness of chromium hot-work toof steels. Data from Columbia Toot
Steel Co. and Latrobe Steel Co.
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time-temperature tempering parameter for an H11
steel and as a function of tempering temperature for
several chromium H-type steels is shown in Fig.

Austenitizing temperature, °F
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Fig. 13-8 volume parcent of primary carbides in H13 tool
steel as a function of austenitizing temperature for specimens
soaked at vanous times. Source: Ref 6
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13-12 and 13-13, respectively. The tempering
curves start at moderate hardness levels, consistent
with the as-quenched martensitic hardness of
medium-carbon steels and are relatively flat as a
function of tempering temperature. Small hardness
peaks at around 540 °C (1000 °F) indicate that the
hardness is maintained by secondary hardening.
The key element for the secondary hardening and
tempering resistance is vanadium, which is dis-
solved during austenitizing for hardening and which
at peak tempered hardness precipitates as very fine
particles of vanadium-rich MC carbides in marten-
site laths (Ref 7). Figure 13-14 shows the strong
effect of vanadium additions on maintaining hard-
ness in chromium hot-work steels at high testing
temperatures. Other carbides precipitate—namely,
cementite, which forms from interlath retained
austenite at tempering temperatures below the ag-
ing peak, and chromium-rich M7C3; and molybde-
num-rich MgC carbides, which form during overag-

Hot-Work Tool Steels

ing (Ref 6). The carbides other than the vanadium-
rich MC carbides coarsen rapidly and do not con-
tribute significantly to strengthening, As hardness
decreases with increasing testing temperature, im-
pact toughness increases (Fig. 13-15).

The chromium hot-work steels are usually double
tempered to working hardness in the range of 44 to
50 HRC. Where extreme shock or heavy stresses are
encountered, hardness may be lowered to 40 to 44
HRC. Tempering to these hardness ranges corre-
sponds to an overaged or overtempered condition,
beyond that which produces peak hardness. Tem-
pering beyond peak hardness is performed to avoid
the minimum in toughness that develops when the
chromium hot-work steels are tempered at tempera-
tures that produce peak strengthening. Figure 13-16
shows the minimum in H13 steel as a function of
tempering time and temperature. The sharpest de-
crease in impact toughness is associated with peak
hardness after tempering for several hours at 500 °C
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Fig. 13-10 Cooling curves for H13 specimens 12.5 mm (0.5 in.) in size (air cool) and midradius locations in 150 and 300 mm
(6 and 12 in.) diam rounds superimposed on CCT diagrams for H13 steel cooled from 1030 °C (1885 °F) (a) and 1080 °C (1975 °F)
(b). A, austenite; B, bainite; C, cementite; M, martensite; P, pearlite. CCT diagrams, Ref 8; cooling curves, Ref 6
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(930 °F); at lower tempering temperatures the mini-
mum takes longer to develop.

The fracture surfaces of embrittled specimens of
H13 tool steel tempered to peak hardness consist of
transgranular cleavage (Fig. 13-17). The cleavage
fracture is attributed to a combination of two micro-
structural features: (1) coarse interlath carbides,
which initiate cleavage, and (2) very fine, dense MC
carbide intralath precipitation, which severely lim-
its dislocation motion and plasticity (Ref 9). The
interlath and intralath carbide formation processes
are diffusion-dependent reactions and, therefore, as
shown in Fig. 13-16, are dependent on time and
temperature to create the structures most sensitive
to cleavage fracture. The interlath carbides form
from austenite retained between martensite laths
and have plate-shaped morphologies similar to
those that cause the transgranular cleavage form of
tempered martensite embrittlement in low-alloy
steels such as 4340 steel (Ref 10). In the low-alloy
steels, interlath carbides are formed by tempering
at temperatures between 250 and 400 °C (480 and
750 °F). In the case of the H13 steel, high silicon
and alloy contents defer the decomposition of the
retained austenite to higher tempering temperatures.
Overaging spheroidizes the interlath carbides,
coarsens the intralath carbides, and increases dislo-
cation mobility, thereby reestablishing conditions
for ductile fracture.
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Fig. 13-11 As-quenched hardness of H13 stee! as a
function of austenitizing temperature for specimens cooled at
rates simulating air-cooled 12.5 mm (0.5 in.) specimens, 150
mm (6 in.) diam rounds, and 300 mm (12 in.) diam rounds.
Source: Ref 6
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Tempering of bainitic structures formed during
slow cooling of heavy sections of chromium H-type
steels also produces significant secondary harden-
ing. Figure 13-18, from the study by Schmidt (Ref
6), shows the effect of austenitizing temperature and
starting microstructure on the tempering response
of H13 steel. Air-cooled small specimens (12.5 mm,
or 0.5 in.), as discussed earlier, developed fully
martensitic microstructures of high as-quenched
hardness. The positive increment in hardness pro-
duced by increasing austenitizing temperatures per-
sists over the entire range of tempering tempera-
tures. The bainitic structures, formed by cooling at
rates that simulate cooling in 150 and 300 mm (6
and 12 in.) rounds, harden significantly on temper-
ing relative to their low as-quenched hardness, and
eventually reach hardness levels comparable to
those of the tempered martensitic microstructures.
The high secondary-hardening response of the bain-
itic structures, similar to the explanation for marten-
sitic microstructures, is attributed to the precipita-
tion of vanadium-rich MC carbides in the bainite
(Ref 6). This explanation is consistent with the fact
that the bainitic microstructures form at low tem-
peratures, as demonstrated in the CCT diagrams of
Fig. 13-10, and therefore consist of mixtures of
ferrite and iron carbides, since the temperature at
which bainite forms is too low for alloy carbide
formation. Thus, the vanadium that has dissolved
during austenitizing is available for precipitation
during high-temperature tempering. The resulting
enhanced alloy carbide precipitation, especially in
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parameter for H11 steel containing 0.40% C, 0.92% Si, 5.09%
Cr, 1.34% Mo, and 0.52% V. Source: Ref 3



specimens austenitized at high temperatures, has
also been related to cleavage fracture of bainitic
specimens tempered above peak aging temperatures
(Ref 11, 12).

Impact toughness of fully heat-treated (i.e.,
austenitized), quenched-and-tempered H13 speci-
mens with martensitic and bainitic microstructures
is presented in Fig. 13-19 (Ref 6), showing the
effect of variations in austenitizing temperature,
cooling rate (which controls microstructure), tem-
pering temperature, and test temperature. The im-
pact toughness measured at the higher test tempera-
ture of 425 °C (800 °F), which represents conditions
under which the chromium hot-work steels are ex-
pected to operate, is always higher than the tough-
ness measured at room temperature. The fracture
surfaces of specimens tested at the higher tempera-
tures were characterized by microvoid coalesence
and thus were dependent on the arrays of particles
that initiate microvoids. These particles are coarser
in bainitic microstructures. Also, the effect of tem-
pering temperature, as discussed earlier, is shown in
the curves with the specimens tempered at 540 °C
(1000 °F), close to the conditions that produce peak
hardness, having much lower toughness compared
to specimens tempered at the higher temperatures.

For martensitic microstructures, Fig. 13-19
shows that increased austenitizing temperature low-
ers room-temperature impact toughness in speci-
mens tempered at temperatures of 595 and 620 °C
(1100 and 1150 °F), which are above those that
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produce peak hardness. This decrease in toughness
is associated with a transition to intergranular frac-
ture along prior-austenite grain boundaries in the
specimens austenitized at the higher temperatures
(Ref 6); the increased intergranular fracture is con-
sistent with the greater susceptibility to carbide for-
mation on austenitic grain boundaries in specimens
austenitized at higher temperatures.

Figure 13-19 shows that specimens cooled at the
slower rates which produce bainitic microstructures
have significantly lower impact toughness than
more rapidly cooled specimens with martensitic mi-
crostructures. The lower impact toughness of the
tempered bainitic microstructures, even in speci-
mens tempered at 620 °C (1150 °F), was associated
with fracture surfaces characterized by 100% cleavage
(Ref 6). The cleavage fracture is similar to that shown
in Fig. 13-17 for tempered-martensite-embrittled
martensitic specimens and may be related to similar
arrays of coarse interlath carbides in matrix struc-
tures that have been precipitation hardened to high
hardness. In the case of the tempered martensitic
specimens, the interlath carbides are produced by
the transformation of retained austenite during tem-
pering, while in the bainitic specimens the interlath
carbides are formed by carbon rejection from ferrite
as a result of austenite-to-bainite transformation
during slow cooling.

Other measures of mechanical performance of the
chromium hot-work steels include tensile properties
and the results of fatigue testing. Table 13-4 lists
tensile properties of chromium H-type steels as a
function of testing temperature. The H11 data show
that relatively little decrease in strength and no de-
crease in hardness occur at testing temperatures
below 540 °C (1000 °F). The fatigue performance
of H11 in rotating-beam fatigue testing is shown in
Fig. 13-20 (Ref 13, 14) and in cantilever bending
fatigue testing in Fig. 13-21 (Ref 15). Compared to
4340 steel heat treated to the same high tensile
strength, the H11 steel shows better fatigue resis-
tance (Fig. 13-20). The specimens subjected to the
cantilever bend testing were tempered to a peak hard-
ness of 51 HRC by tempering at 500 °C (930 °F) and

a0 an overaged hardness of 48 HRC by tempering at
600 °C (1110 °F). The results of the fatigue testing
35 1) show little effect of tempering on fatigue perform-
ance. Fracture toughness of the two tempered con-
30 itions of the H11 steel was measured from the size
AQ 95 205 315 425 540 650 760 dition red Ir
Tempering temperature, °C
Composition, % Hardening temperature
Curve Type C Si Cr w Mo v °C °F Specimen size
1 H12 0.37 1.00 5.00 1.25 145 0.35 1010 1850 1 (diam) x 3 in.
2 H13 0.40 1.00 5.25 1.25 1.0 1010 1850 1 (diam) in.
3 0.38 1.00 3.50 1.25 1.00 1.00 1040 1900
4 H10 0.40 1.00 3.25 2.50 0.33 1010 1850 4x4x4in.

Fig. 13-13 Hardness as a function of tempering temperature for various chromium hot-work die steels air cooled from
hardening temperatures. AQ, as quenched. Data from Bethlehem Steel Co., Braeburn Alioy Steel Corp., and Crucible Steel Co.
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and shape of the fatigue cracks at instability and the
maximum applied stresses applied during cantilever
beam testing. Figure 13-22 shows that the fracture
toughness of the overaged specimens was higher
than that of the peak-aged specimens, consistent
with the impact toughness measurements discussed
earlier.

The average dimensional changes produced by heat
treatment of three chromium hot-work tool steels are
shown in Fig. 13-23. Little change is caused by tem-
pering until an expansion consistent with retained
austenite transformation develops after tempering at
temperatures above 480 °C (900 °F). The results re-
ported in Fig. 13-23 are average values, and depending
on anisotropy residual from processing, dimensional
changes at various orientations to the rolling direction
may vary from the average (Ref 16).

Heat Checking and Thermal Fatigue of H11/H13
Tool Steels. A network of fine cracks, referred to as
heat checking, develops in the widely used chro-
mium hot-work steels during exposure to repeated
fluctuations in temperature and stress. Heat check-

ing has long been known as a major factor limiting
life during hot-work applications, especially the life
of die-casting dies used to cast metals with rela-
tively high melting points, such as aluminum, mag-
nesium, and brass (Ref 17). As a result, effort is
ongoing to define the alloying, manufacturing, and
heat-treating conditions that provide the best resis-
tance to heat checking (Ref 6, 18-29).

The cracks in a heat-checked array initiate and
grow in transgranular and intergranular paths
through the microstructure and are filled with ox-
ides (Ref 21). Softening of the tool steel surface
accompanies crack formation (Ref 21, 24). Exam-
ples of heat checking of various degrees of severity
are shown in Fig. 3-24. These examples are the basis
of the scale developed by Uddeholm to rank the
damage associated with heat checking (Ref 20). The
scale assigns numbers to both the size of the leading
or largest cracks and the various distributions of the
network cracks, as shown in the parallel columns of
photographs. The overall heat-checking damage is
rated by a summation of the two numbers. With

Table 13-4 Tensile properties of chromium-molybdenum hot-work tool steels at elevated

temperatures(a)
Room-temperature
Yield strength Ek i Reducti hardness, HRC
Testing temperature Tensile strength (02% offset) 50 mm of area, Before After

°C °F MPa ksi MPa ksi 2in), % % testing testing
HI11(b)

Room 1806 262 1482 215 100 358 50 50
150 300 1689 245 1358 197 10.1 36.1 50 50
260 500 1600 232 1345 195 98 345 50 50
345 650 1579 229 1317 191 100 35.2 50 50
425 800 1510 219 1289 187 114 38.7 50 50
480 900 1427 207 1145 166 12.2 389 50 50
540 1000 1241 180 965 140 11.0 35.4 50 50
595 1100 979 142 724 105 12.8 46.2 50 47
650 1200 586 85 434 63 189 66.6 50 41
H13(c)
480 900 1531 222 9 37 52
540 1000 1413 205 11 43 52
595 1100 1193 173 15 49 52
650 1200 814 118 22 59 52
H12(d)
400 750 1703 247 12 36 53
540 1000 1482 215 12 41 53
650 1200 531 71 32 83 53
760 1400 124 18 71 97 53
H12(e)
540 1000 1358 197 1086.7 157.6 10 55 50
620 1150 5937 86.1 396.5 5715 24 71 49.5

(a) Data from Teledyne VASCO, Allegheny Ludlum Industries, and Universai-Cyclops Steel Corp. (b) Composition: 0.40%C, 0.92% Si, 5.09% Cr, 1.34% Mo, 0.52% V.
Heat treatment: 1010°C (1850 °F) and air cooled, then double tempered, 2% h at 570 °C (1060 °F). (¢) Composition: 0.40% C, 1.00% 8i, 5.25% Cr, 1.15% Mo, 1.00% V.
Heat treatment: austenitized at 1010 °C (1850 °F) and oil guenched, then tempered 2 h at 565 °C (1050 °F). (d) Composition: 0.33% C,0.85% $1,5.00% Cr, 1.25% W, 1.45%
Mo, 0.23% V. Heat treatment: austenitized at 1050 °C (1925 °F) and o0il quenched, then tempered 2 h at 565 °C (1050 °F). () Austenitized at 980 °C (1800 °F), air cooled,

then tempered 1'% hat 565 °C (1050 °F).
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Fig. 13-14 Effect of vanadium on the hot hardness of chromium hot-work steel with a base composition of 0.33% C, 5% Cr,
0.80% Si, and 1.35% Mo. All specimens were double tempered for 2 h periods. Courtesy of Teledyne VASCO

Testing temperature, °F

increasing numbers of thermal cycles, the severity
of checking increases and the depth of cracking
increases. Generally, depth of cracking correlates
with the heat-checking ratings, and the ratings can
be used to estimate grinding depths required to re-

86200 0200 400 600 800 1000 1%020 move the heat-checking crack networks, which, if
J they become too coarse, negatively influence the
70 50 surface finish of die castings made in a heat-
/ 5  checked die.
= 55 40 - The fine cracks are caused by the alternating
F= &= . .
IS - stresses that develop when the die surface is heated
g H11 g . e
2 4 30 & to temperatures higher than the die interior (Ref 21).
b Pt = When liquid metal contacts the die surface, com-
g % 0 o i ol L1 20§ pressive surface stresses are developed as the die
£ b H10_4 £ surface expands and is restrained by the cooler inte-
15 O i A 10 rior of the die. As the metal casting solidifies and
ol cools, the surface contracts and tensile stresses are
0 0 established. Low thermal expansion coefficients
-130 20 95 205 315 425 540 650 and good thermal conductivity help to minimize the
Testing temperature, °C
Composition, % Hardening temperature Hardening Tempered
Type C Si Cr Mo \4 °C °F medium hardness, HRC
H10 040 1.00 325 250 0.33 56.5
H1l 0.40 092 5.09 1.34 0.52 1010 1850 Air 51.0
H13 040 1.00 5.25 115 1.00 1010 1850 oit 52.5

Fig. 13-15 cwN impact toughness of various chromium H-type steels as a function of testing temperature. Note that the
as-tempered hardness of the steels varied. Data from Ref 3, Allegheny Ludium Industries and Crucible Steel Co.
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thermal gradients and stresses, but these properties
vary over narrow limits for the hot-work steels and
microstructures used for die casting (Ref 22). If the
temperature differences are high enough, the alter-
nating cycles of compression and tension are suffi-
cient to cause plastic flow and eventual crack forma-
tion (Ref 21, 23). Generally, dies for aluminum
casting are preheated as a means to reduce the tem-
perature gradients between die surfaces and die in-
teriors, thereby reducing the magnitude of the cyclic
stresses that lead to cracking. The higher operating
temperatures of preheated dies also increase tool
steel toughness and fracture resistance, as has been
shown in Fig. 13-15 and 13-19 (Ref 6).

Good heat-checking resistance in chromium
hot-work steels is produced by heat-treated micro-
structures that have good hot hardness and good
toughness. Figure 13-25 shows the dependence of
heating checking, as rated by the Uddeholm scale,
on hardness and unnotched impact energy of H13
steel (Ref 24). Heat-checking resistance is increased
by high hardness and high impact toughness, as
provided by tempered martensitic microstructures.
Bainitic microstructures have lower strength and
toughness and therefore are expected to have lower
heat-checking resistance.

As discussed earlier relative to Fig. 13-11,
higher austenitizing temperatures produce higher
as-quenched hardness, especially in specimens with
martensitic microstructures. Wallace et al. (Ref 19,
21) have shown that higher hardness produced by
high-temperature austenitizing correlates with im-
proved heat-checking resistance. Figure 13-26
shows that thermal fatigue crack area is very much
reduced by austenitizing at higher temperatures and
heat treating to higher hardness. The improved fa-
tigue crack resistance develops despite the fact that
toughness is also decreased by high-temperature
austenitizing (Ref 19, 21). However, the latter factor
limits the exploitation of high austenitizing tem-
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Fig. 13-16 cwn energy absorbed at room temperature
for H13 specimens as a function of time at various tempering
temperatures. Source: Ref 9
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peratures to about 1065 °C (1950 °F), since the low
toughness of steels austenitized above that tem-
perature may result in gross brittle fracture of
die-casting dies.

A properly heat-treated hot-work tool steel has
the optimum distribution of fine carbides in a matrix
of tempered martensite for good hot hardness. How-
ever, other critical components of the micro-
structure are coarse nonmetallic inclusions, such as
oxides and sulfides, and coarse alloy carbides intro-
duced during solidification and elongated by hot
work (Ref 22, 26). Inclusion particles and coarse
alloy carbides are sites of fracture initiation and will
lower resistance to heat checking and gross fracture
of even properly heat-treated hot-work tools and
dies. Moreover, inclusions, especially sulfides, and
coarse alloy carbide arrays, together with residual
alloy segregation, elongated in the hot-rolling direc-
tion will produce nonuniform mechanical behavior
(Ref 22). In particular, transverse mechanical prop-
erties may be significantly reduced.

Recognition of the detrimental effects of coarse
particles has driven the development of new melting
and processing approaches, as described in Chapter
3. In particular, vacuum degassing, ladle metal-
lurgy, argon oxygen decarburization, electroslag re-
melting, vacuum arc remelting, and powder metal-
lurgy approaches to the manufacture of tool steels
have greatly improved the quality, cleanliness, and
uniformity of hot-work tool steels. Consequently,
distortion and cracking during heat treatment have
been significantly reduced and tool and die per-
formance significantly enhanced with respect to
heat-checking and catastrophic fracture resistance
of premium grades of chromium H-type steels (Ref
19, 22, 25-27).

Stable hardened and tempered microstructures
that maintain high hardness and resist softening at
operating stresses and temperatures are essential for
good heat-checking resistance. As a result, it is
imperative to maintain proper alloy composition
and microstructure at the surface of hot-work tools
and dies during processing, and especially to take
care to minimize surface decarburization or carburi-
zation during austenitizing for hardening. The
North American Die Casting Association has pub-
lished an excellent guide for all aspects of heat
treatment of H13 steel for die casting (Ref 25).
Preferred furnaces for austenitizing include vacuum
furnaces, sealed quench or controlled-atmosphere
furnaces with inert gas, hydrogen, or hydrocarbon
atmospheres, or salt baths with salts formulated to
prevent oxidation and decarburization. The use of
packing materials such as charcoal or cast iron chips
is discouraged because of the inability to control
surface carbon by this approach.

Other processing approaches that may affect the
heat-checking performance of chromium H-type
steels are the use of electrodischarge machining
(EDM) and surface-hardening techniques. The



EDM process is used to shape mold and die compo-
nents after hardening heat treatment and is capable
of producing complex geometries that could not be
produced by other machining techniques (Ref 29).

Hot-Work Tool Steels

The EDM process works by melting away the tool
material, thus creating a brittle as-cast surface layer
subjected to high tensile residual stresses, a hard,
untempered layer of martensite, and a softened layer

Fig. 13-17 Cleavage fracture on overload fracture surface of H13 steel CVN spacimen tempered at 500 °C (930 °F) for 3 h.

TEM carbon replica. Source: Ref 9
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of overtempered martensite (Ref 28, 29). Centa and
Wallace (Ref 28) have shown that these changes in
the surface microstructure of hardened H13 steel
cause significant reductions in thermal fatigue and
heat-checking resistance. Polishing or mechanical
abrasion to remove the as-cast surface layer not only
removes the brittle surface structures but also re-
places surface tensile stresses with compressive
stresses, thereby improving resistance to thermal
cracking (Ref 28, 29). With respect to other means
of surface preparation, others have found that mill-
ing and heavy shot peening, perhaps because of the
hardening introduced by cold work, increase resis-
tance to thermal fatigue (Ref 24).

Surface modification treatments that increase the
surface hardness of tool steels offer another ap-
proach to enhancing heat-checking resistance. Eli-
asson and Sandberg (Ref 24) have shown that nitrid-
ing and coating of H13 steel with high-hardness
layers of TiN/TiC by chemical vapor deposition
(CVD) significantly increase resistance thermal fa-
tigue compared to that of untreated surfaces. Figure
13-27 shows that the improvement by surface modi-
fication is largely in prevention of thermal crack
initiation; once cracks have been initiated, crack
propagation is rapid. The improved resistance to
crack initiation was related to increased surface re-
sistance to softening in the coated steels during
thermal cycling.

Tungsten Hot-Work Steels

The compositions of the tungsten hot-work tool
steels, also designated as group H steels in the AISI
classification system, are listed in Table 13-1, and
processing and performance ratings are given in
Table 13-2. Tungsten H-type steels were histori-

Tempering temperature, °F (2h + 2h)

Tempering temperature, °F (2h + 2h)

cally the first high-alloy steels used for hot-work
tooling. They contain from 9 to 19% W, low carbon,
and moderate amounts of chromium and vanadium.
The high-tungsten H26 grade is in fact a low-carbon
modification of 18-4-1 (T1) high-speed steel.

The tungsten hot-work steels have greater hot
hardness than any class of hot-work steels and
therefore have excellent resistance to softening and
washing of dies during hot-work operations. How-
ever, the same high-carbide-containing micro-
structures that provide hot hardness also cause the
tungsten steels to have lower toughness and higher
susceptibility to brittle fracture. In order to offset
this low fracture resistance, tungsten hot-work tool
steel alloy design incorporates low carbon content.
Despite this low content, tungsten H-type steels
have lower resistance to thermal shock than do the
chromium hot-work steels and cannot be rapidly
cooled with water during operation without danger
of breakage.

Tungsten die steels are used where maximum hot
strength and resistance to softening at elevated tem-
peratures are the principal requirements, and resis-
tance to shock, while important, is a secondary con-
sideration, Within this general characterization, the
various types of tungsten hot-work steels offer vari-
ous combinations of elevated-temperature wear or
erosion resistance and toughness, depending on car-
bon and alloy content and heat treatment as de-
scribed below. Typical applications for the tungsten
H-type steels include extrusion dies for brass,
bronze, and steel, hot-press dies, dummy blocks,
hot-swaging and drawing dies, shear blades for hot
work, and hot punches.

Tungsten is a strong ferrite-stabilizing and
carbide-forming element in steels; as a result, ferrite
exists over a significant range of compositions at
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high temperatures. Figure 13-28 shows an isothermal
section of the Fe-W-C system at 1200 °C (2190 °F) as
developed by the pioneering studies of Takeda (Ref
30). Considerable more recent work on the phases,
phase equilibria, and phase diagrams of the Fe-W-C
system is summarized in Ref 31. The isothermal
section of Fig. 13-28 provides guidelines for the
phase equilibria that exist at temperatures close to
the hardening temperatures for the tungsten H-type
steels; superimposed on the diagram are contents of
iron, tungsten, and carbon of some of the steels.
Actual boundaries of the phase fields will be shifted
by other alloying elements. For example, chromium
and vanadium also stabilize ferrite and are also
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incorporated into alloy carbides. Therefore, in tung-
sten steels with multiple alloying elements, more
ferrite may be retained during austenitizing treat-
ments for hardening than indicated by only the Fe-
W-C diagrams. The ferrite will reduce the amount
of austenite that transforms to martensite on
quenching and thus contributes to low hardness in
hardened tools. In order to reduce ferrite stability,
the austenite-stabilizing elements nickel and cobalt
were added to some of the tungsten hot-work tool
steels developed earlier, but which are no longer
widely used (Ref 32).

A number of carbide phases are stable in the
Fe-W-C system. A major alloy carbide in tungsten

Austenitizing temperature, °F

1830 1920 2010 2100
70 T T T T 50
Test temp.
20 °C 425°C Treatment
[ ® 25 min/AC
60 N a A 50 min/150 mm round (sim.) | 45
o m 80 min/300 mm round (sim.) 5
> &
Q 50 N 35 g
© C
@ (] 8
i) 0
2 8
© 40 30 .
g I ) g
£ £
; % A §
o N N\ 20 3
g ]
B \ c
2 a . 3
2 20 AN 15 5
3 \ A S
'\O \.
10 = 75
L o
s Fa\
L4 U
0 [ 0
1000 1050 1100 1150
Austenitizing temperature, °C
()

Fig. 13-19 cwN toughness of H13 steel as a function of austenitizing temperature. Specimens cooled at various rates and
tested at room temperature or 425 °C (800 °F) after double tempering for 2 h periods at (a) 540 °C (1000 °F), (b) 595 °C (1100 °F),

and (c) 620 °C (1150 °F). Source: Ref 6

235



Tool Steels

hot-work steels is MgC, which exists over the ap-
proximate composition range of Fes4W)C to
Fe3W3C and is stable at both hardening and temper-
ing temperatures. The binary carbide W,C has also
been reported to form on tempering. The M;3Cq
carbide is not stable in the Fe-W-C system, but
appears as a metastable phase in the tungsten hot-work
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Fig. 13-20 stress versus cycles to failure of H11 and
4340 steels, both heat treated to 1790 MPa (260 ksi) ultimate
tensile strength. Source: Ref 13, 14
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Fig. 13-21 Stress versus cycles to failure of H11 tool
steel subjected to cantilever bend specimen fatigue testing. (a)
Tempered at 500 °C (930 °F), peak hardness. (b} Tempered at
600 °C (1112 °F), overaged. Source: Ref 15
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tool steels, perhaps because chromium is also pre-
sent as an alloying element (Ref 33). The M»3C¢
carbides may coexist with M¢C carbides in some of
the lower-tungsten-containing H-type steels at tem-
peratures in the ranges used for tempering.

The low carbon content of the tungsten hot-work
steels makes them more readily forgeable than
high-speed steels. Preheating to 790 to 845 °C
(1450 to 1550 °F), before heating to the starting
forging temperature, should be performed. Finish-
ing temperatures should be not lower than 870 °C
(1600 °F). The tungsten hot-work tool steels are air
hardening and thus should be slow cooled after
forging. Forgings should not be normalized and
should always be annealed before machining or
hardening. Annealing should be performed in neu-
tral atmospheres. Because of their relatively low
carbon contents, the tungsten hot-work steels are
highly sensitive to carburization if carbon-contain-
ing packing materials are used during annealing.
Stress relieving at temperatures between 595 and
675 °C (1100 and 1250 °F) prior to final machining
helps to reduce distortion on subsequent hardening.

Typical IT diagrams for some tungsten H-type
steels are shown in Fig. 13-29 to 13-31 (Ref 5).
Well-separated C-curves for the transformation of
austenite to pearlite and bainite are characteristic
features of the diagrams. Preceding the sluggish
transformation to pearlite at the higher temperatures
is the formation of proeutectoid carbide, as indi-
cated by the dashed lines in Fig. 13-29 and 13-30.
The proeutectoid carbide in the tungsten hot-work
steels was not considered to have any major effect
on mechanical properties (Ref 5). The bainite trans-
formations are relatively rapid compared to the
pearlitic transformations, and in heavier sections,
mixtures of bainite and martensite would be ex-
pected after hardening. The relatively low carbon
contents of the tungsten hot-work steels means that
M, temperatures are high and that only small
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Fig. 13-22 Fracture toughness of hardened H11 steel
tempered to peak hardness at 500 °C (930 °F) and overaged at
600 °C (1110 °F). The K, values were calculated from the size
and shape of fatigue cracks at instability at various maximum
applied stresses. Source: Ref 15



amounts of austenite will be retained within hard-
ened microstructures.

Figures 13-32 and 13-33 show as-quenched hard-
ness as a function of austenitizing temperature for
some tungsten hot-work steels. Unlike many of the
tool steels discussed to this point, the increasing
hardness with increasing austenitizing temperature
is due not only to the solution of alloy carbides and
the corresponding increase in carbon and alloy con-
tent of the austenite. As mentioned earlier, ferrite
coexists with the austenite and alloy carbides during
austenitizing of the tungsten steels, especially at the
lower austenitizing temperatures. This ferrite is sta-
ble to room temperature and does not contribute to
hardening, which is achieved only by transforma-
tion of austenite to martensite. The low as-quenched
hardness of the low-carbon H2S steel (Fig. 13-33) is
directly attributable to high retained ferrite content.

The tungsten H-type steels are relatively deep hard-
ening and readily through-harden in 25 mm (1 in.)
sections on air cooling. Larger sections require
more rapid cooling, and more rapid cooling ap-
proaches that have been used include:

«  Direct quenching in warm oil at about 65 °C (150 °F)

«  Interrupted oil quenching during which tools are
quenched in oil until the surface becomes black and
then are air cooled to room temperature

Hot-Work Tool Steels

. Quenching in molten salt at 540 to 595 °C (1000 to
1100 °F) and then air cooling to room temperature.
This approach is shown schematically in Fig. 13-1
«  Cooling in an air blast

To reduce distortion, tools should be preheated at
815 to 900 °C (1500 to 1650 °F) before heating to
the final hardening temperature. High austenitizing
temperatures promote rapid solution of carbides,
and it is not necessary to soak tungsten hot-work
steels extensively at hardening temperatures. As
soon as parts have reached a uniform temperature
throughout, they can be quenched. For maximum
hot hardness, the high side of the hardening tem-
perature range should be used, and for maximum
toughness, the low side of the range should be used.
Parts should be tempered as soon as possible after
quenching. To reduce the danger of cracking, slow
heating to the tempering temperature is recom-
mended. Double, or even triple, tempering should
be applied for maximum toughness and micro-
structural stability.

Figure 13-34 shows hardness as a function of
tempering temperature for an H21 steel austenitized
at three different temperatures. With increasing
austenitizing temperature, not only does as-
quenched hardness increase, but so do the peak
tempered hardness and the maximum temperatures
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that resist softening. This behavior is consistent
with increased supersaturation of as-quenched
martensite with carbon and alloying elements and
the associated greater intensity of secondary hard-
ening in specimens that are austenitized at the
higher temperatures. Alloy carbides that have been
identified to form on tempering an H21 steel include
W,C, MgC, and M33C, with W5C being the carbide
primarily associated with peak hardness (Ref 34,
35). Figures 13-35 and 13-36 show additional
curves of hardness as a function of tempering tem-
perature for various tungsten hot-work steels (Ref
36, 37). The curves emphasize the major effect of
alloy carbon content on as-quenched and tempered
hardness.

Tempering temperatures corresponding to the
maximum temperature expected in service should
be selected for tungsten steels expected to encounter
temperatures not over 650 to 700 °C (1200 to 1300
°F). If this is not done, during operation the die
working surface tends to soften more rapidly than
the body of the die. The resulting surface stresses
that develop may lead to premature failure. Since
the tungsten hot-work steels develop maximum
hardness at tempering temperatures between 565
and 595 °C (1050 and 1100 °F), there should sel-
dom be a need to temper them below this tempera-
ture range. If softer dies are required, a tempering
temperature above that which produces peak hard-
ness should be selected. Such increased tempering
will not only lower hardness but also relieve internal
stresses and increase toughness.

The tungsten hot-work steels retain a consider-
able portion of their hardness at elevated tempera-
tures. Figure 13-37 compares elevated-temperature
hardness of H21 and H24 steels, heat treated to two
initial conditions, as a function of testing tempera-
ture. The specimens with the higher initial hardness
retain higher hardness throughout most of the tem-
perature range, and the H24 steel, with its higher
tungsten content, has better hot hardness than does
the H21 steel in similar initial conditions.

Figures 13-38 to 13-40 present impact toughness
as a function of tempering temperature for various
tungsten hot-work steels in various heat-treated
conditions. Figure 13-38 shows that the high hard-
ening temperatures that produce the highest hardness
and softening resistance have the lowest room-tempera-
ture impact toughness. There is a pronounced de-
crease in toughness after tempering at temperatures
that produce peak hardness, and microstructural
changes similar to those discussed relative to the
chromium hot-work tool steels are most probably
responsible for this decrease. Tempering above the
temperatures that produce peak hardness substan-
tially increases impact toughness, as best shown in
Fig. 13-40. Also, similar to the chromium hot-work
steels, tempered martensitic microstructures in the
tungsten hot-work steels have better toughness than
tempered bainitic microstructures (Fig. 13-39).
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Although the room-temperature impact tough-
ness of the tungsten hot-work steels is low, the
toughness at hot-working temperatures is signifi-
cantly higher. Figure 13-41 shows this increase in
toughness as function of testing temperature for
H21 and H22 steels heat treated to the same hard-

produced by changing the rate of cooling after
austenitizing. In the H21 steel, tempered martensitic
microstructures outperform bainitic micro-
structures, but in the H22 steel, with inherently
lower toughness, microstructural differences in ma-
trix microstructures play a smaller role in fracture
resistance. The temperature dependence of tough-
ness provides an important reason to preheat dies
prior to use and to maintain them at temperature
during operation. If hot-working impact loads are
applied to cold dies, the dies may crack immediately
because of their low room-temperature toughness;
preheating will increase toughness and produce sat-
isfactory performance.
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Many hot-work dies are used in a hardness range
of 42 to 45 HRC. Figure 13-42 shows the combina-
tions of austenitizing temperatures and tempering
temperatures that will produce this hardness level in
an H21 steel. Also shown are the results of measure-
ments of ductility (ultimate deformation) and
toughness (ultimate torque) obtained from static
torsion tests. The torsional properties are low for
specimens austenitized and tempered at combina-
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Fig. 13-28 isothermal section of Fe-W-C diagram at
1200 °C (2190 °F). Nominal compositions of tungsten, carbon,
and iron for some tungsten hot-work steels are plotted. Source:
Ref 30

tions of low austenitizing and tempering tempera-
tures, increased to a maximum at an austenitizing
temperature of 1065 °C (1950 °F) and a tempering
temperature of 620 °C (1150 °F), and then de-
creased rapidly for combinations of higher austeni-
tizing and tempering temperatures.

Table 13-5 shows elevated-temperature tensile
properties of some tungsten steels. Increasing car-
bon content within a given grade, as shown for
example by the H21 steel with 0.28% C and 0.35%
C, raises hot strength. Increasing tungsten content,
as shown by comparison of the properties of the
H21 and H22 steels, lowers hot ductility.

Molybdenum Hot-Work Steel

Table 13-1 presents the composition of H42 tool
steel, the single molybdenum hot-work tool steel
still widely used. As a result of wartime shortages
of tungsten, a number of molybdenum hot-work
steels were developed (Ref 32), but gradually the
use of these steels has declined. The properties of
these steels for hot-work applications were interme-
diate to the chromium and tungsten hot-work tool
steels discussed earlier, and the availability of H42
offers a roughly comparable alternative to the tung-
sten steels when cost is considered.

H42 steel contains nominally 5% Mo, 6% W,2% V,
and 4% Cr and is available in several carbon ranges.
The high content of carbide-forming elements con-
trols hardening and makes possible high hardness as
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Fig. 13-29 T diagram for H21 steel containing 0.30% C, 3.25% Cr, 9.00% W, and 0.25% V, and after austenitizing at 1150 °C (2100

°F). Source: Ref 5
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a result of secondary hardening during tempering.
Preheating at 760 to 815 °C (1400 to 1500 °F) prior
to heating to forging temperatures is recommended,
and because of the high hardenability and air-hard-
ening capability of H42 steel, forgings should be
slow cooled and should not be normalized. Molyb-
denum hot-work steels are highly susceptible to
decarburization and must be protected during an-
nealing and hardening heat treatments.

Figure 13-43 shows as-quenched hardness as a
function of austenitizing temperature for some mo-
lybdenum hot-work steels. Relatively high austeni-
tizing temperatures are required to provide high
as-quenched hardness and a good base for secon-
dary hardening during tempering. For hardening,
preheating in two stages, the first at 540 to 650 °C
(1000 to 1200 °F) and the second at 845 to 870 °C

Hot-Work Tool Steels

(1555 to 1600 °F), is recommended to reduce ther-
mal shock. In view of the high optimal austenitizing
temperatures, carbide dissolution and the adjust-
ment of austenite chemistry are quite rapid, and
holding times should be short, on the order of 2 to 5
min. :

The effect of tempering temperature on the hard-
ness of several molybdenum hot-work steels is
shown in Fig. 13-44 and 13-45 (Ref 38). The com-
bination of alloying elements and proper heat treat-
ment of the H42 steel provides superior hardness
relative to some of the other molybdenum hot-work
steels that are no longer widely used. Immediately
after reaching 50 °C (120 °F), tools should be tem-
pered at temperatures of 565 to 650 °C (1050 to
1200 °F), which are on the high side of those which
produce maximum secondary hardening. Double

Table 13-5 Tensile properties of tungsten hot-work tool steels at elevated temperatures

Initial room-
Tensile Yield strength Elongation temperature

Testing temperature strength (0.2% offset) in 50 mm Reduction hardness,
°C °F MPa ksi MPa ksi (2in.), % of area, % HRC
H21(a)
25 80 1379 200 1193 173 8 30 43
425 800 1138 165 952 138 11 23 42
480 900 1048 152 896 130 14 43 42
540 1000 889 129 765 111 11 29 41
595 1100 938 136 627 91 6 12 44
650 1200 745 108 586 85 4 9 43
H21(b)
25 80 1675 243 1482 215 12 37 50
205 400 1579 229 1310 190 12 42 50
315 600 1531 222 1241 180 11 42 50
425 800 1517 220 1207 175 10 40 50
540 1000 1448 210 1124 163 9 32 50
650 1200 896 130 586 85 5 15 50
H22(c)
25 80 1310 190 1103 160 9 21 42
425 800 1138 165 986 143 8 17 43
480 900 1055 153 896 130 8 22 43
540 1000 938 136 807 117 6 14 43
595 1100 827 120 731 106 5 6 43
650 1200 641 93 552 80 4 10 42
H22(d)
400 750 1644.5 2385 35 17.0 52 (est)
540 1000 1542.76 223.75 55 16.2 52 (est)
650 1200 904.97 131.25 55 245 52 (est)
760 1400 221 32 355 89.8 52 (est)
H24(e)
400 750 1853.03 268.75 30 58 53.5(est)
540 1000 1556.55 22575 1.5 5.0 53.5 (est)
650 1200 862 125 1.0 55 53.5 (est)
760 1400 218.92 31.75 230 789 53.5 (est)

(a) Composition: 0.28% C, 8.65% W, 3.34% Cr, 0.26% V. Specimens hardened by quenching at a rate equivalent 1o the center cooling rate of an air-cooled 100 by 100 by
100 mm (4 by 4 by 4 in.) block and iempered to the indicated hardness level. Source: Ref 5. (b) Composition: 0.35% C, 9.35% W, 3.25% Cr, 0.50% V. Specimens quenched
in oil from 1175 °C (2150 °F) and tempered at 625 °C (1160 °F) 10 50 HRC. Source: Bethlehem Steel Co. (¢) Composition: 0.38% C, 11.64% W, 1.95% Cr, 0.31% V. Speci-
mens treated as in (a). (d) Composition: 0.38% C, 12% W, 3% Cr, 0.45% V. Specimens quenched in air from 1175 °C (2150 °F) and tempered 2 h at 595 °C (1100 °F). Source:
Allegheny Ludlum Industries. (¢) Composition: 0.45% C, 14% W,3.5% Cr, 0.70% V. Specimeans treated as in {d).
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tempering is essential and triple tempering is bene-
ficial.
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High-speed tool steels have in common the ability
to maintain high hardness at elevated temperatures:
typically, 52 HRC at 540 °C (1000 °F) and 48 HRC
at 595 °C (1100 °F). Thus, as the term high-speed
implies, these steels are primarily used for cutting
tools that generate considerable heat during high-
speed machining of steels and other metals. In addi-
tion to excellent hot hardness, sometimes referred to
as red hardness because of the ability of the high-
speed steels to resist softening even when red hot,
the high-speed steels possess a number of unique
alloying and processing features. These features in-
clude sufficient alloy and carbon content to provide
excess alloy carbides in heat-treated tools, harden-
ing at temperatures close to or at their melting
points, hardening with fine austenitic grain sizes,
deep hardening by cooling in still air, and prominent
secondary hardening during tempering.

The high-speed steels are designated as group M
or group T steels in the AISI classification system,
depending on whether the major alloying approach
is based on molybdenum or tungsten. Table 14-1
lists the compositions of the various molybdenum
and tungsten high-speed steels and Tables 14-2 (a)
and (b) list processing information and rank the
properties and performance of the steels. Steels
M50 and M52 have been included in the tables; as
noted, however, they are considered to be interme-
diate high-speed steels and do not have all the fea-
tures common to high-speed steels. In particular,
hardening temperatures are lower, there is a ten-
dency toward grain coarsening, and red hardness is
lower in the intermediate high-speed steels com-
pared to the other high-speed steels.

As described in Chapter 1, the era of alloying
and high-speed steels was initiated by Mushet’s
development of an air-hardening, high-carbon,
tungsten-containing steel in 1868. That develop-
ment, combined with the discoveries by Taylor and
White in the 1890s that very high-temperature hard-
ening and high-temperature tempering conferred re-
markable benefits to too] steels used for high-speed

Copyright © 1998 ASM International ®
All rights reserved.
www.asminternational.org

CHAPTER 14

High Speed Steels

machining, established the basis for modern high-
speed steel alloy development, processing, and ap-
plication. By 1910, production and use of the high-
speed steel containing 18% W, 4% Cr, and 1% V
(18-4-1) was firmly established. The 18-4-1 steel
was effectively the same steel as the T1 steel
listed in Table 14-1, and many modifications of
tungsten-base high-speed steels followed its com-
mercial adoption. However, shortages of tungsten
during World War II spurred the development and
commercial acceptance of the molybdenum and
molybdenum-tungsten grades.

The group T and M high-speed steels have effec-
tively the same performance, and today, because of
cost advantages, the molybdenum high-speed
steels are much more widely used than the tung-
sten high-speed steels. The difference in cost is
based in part on the fact that the atomic weight of
molybdenum is about one-half that of tungsten;
therefore, on a weight basis, less molybdenum than
tungsten is required to provide equivalent perform-
ance. Molybdenum and tungsten atoms have similar
atomic radii and form similar carbides. A replace-
ment of 1.6 to 2.0 wt% W with only 1 wt% Mo has
been found to produce markedly similar micro-
structure and properties in high-speed tool steels.

The large number of high-speed steels listed in
Table 14-1 represents a number of choices based on
performance and alloy modifications within the two
major groups. The alloying modifications are based
not only on tungsten and molybdenum contents,
but also on carbon content, the total content of
carbide-forming elements (including tungsten, mo-
lybdenum, chromium, and vanadium), and cobalt
content. For example, if T1 steel is taken as the base
for the tungsten group of high-speed steels, in-
creases in carbon and vanadium lead to T2 steel.
Cobalt additions provide for several of the other
grades of tungsten steels, and the T15 steel is al-
loyed at a substantially increased level of vanadium,
somewhat reduced tungsten, and high carbon con-
tent.
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The M group of high-speed steels can be divided
into two subgroups, one based primarily on molyb-
denum additions with limited tungsten, and the
other based on molybdenum plus substantial
tungsten additions. The molybdenum subgroup
includes the M1, M7, and M10 steels, and the
molybdenum-tungsten subgroup includes the M2,
M3, and M4 steels. Three of these steels, M1, M2,
and M 10, together with T1, are very similar in prop-
erties and cutting performance and can be used
interchangeably for many applications. Each of the
M subgroups also includes modifications with co-
balt, and the most highly alloyed types are capable
of achieving superhigh hardness of 69 to 70 HRC
after tempering. The effects of each of the alloying
elements and carbon content on the processing, mi-
crostructures, and properties of high-speed steels
are described in detail in this chapter.

Solidification of
High-Speed Steels

High-speed tool steels are complex, multicompo-
nent alloy systems in which microstructures are

High Speed Steels

very dependent on the kinetics of solidification and
solid-state reactions and the nonuniform distribu-
tions of phases that accompany these reactions. Fol-
lowing Hoyle (Ref 1), the best way to rationalize the
microstructural changes that occur during the proc-
essing of high-speed tool steels is to consider verti-
cal sections through the multicomponent systems
that make up these steels. The vertical sections plot
regions of phase stability as a function of tempera-
ture and carbon content but do not give the compo-
sitions of the coexisting phases or the configuration
of the phases. Nevertheless, the vertical sections
indicate when various phases must form during
processing, and this information together with other
observations provides a good understanding of the
evolution of microstructure in high-speed steels.
Figure 14-1 shows a vertical section through the
Fe-W-Cr-C system at 18% W and 4% Cr as devel-
oped by several investigators (Ref 2-5) and serves
as the base to characterize phase relationships in
T1-type high-speed steels. Figure 14-2 shows a ver-
tical section through the Fe-W-Mo-Cr-V-C system
at 6% W, 5% Mo, 4% Cr, and 2% V (Ref 6) and
serves as the base for M2-type high-speed steels.

Table 14-2(a) Performance factors and processing information for T-type high-speed tool steels

Factor T1 T2 T4 TS T6 T8 T1S
Major factors
Wear resistance 7 8 7 7 8 8 9
Toughness 3 3 2 1 1 2 1
Hot hardness 8 8 8 9 9 8 9
Minor factors
Usual working hardness, HRC 63-65 63-66 63-65 63-65 63-65 63-65 64-68
Depth of hardening D D D D D D D
Finest grain size at full hardness, 9Y% 9% 9% 9l 9% 9l 9%
Shepherd standard
Surface hardness as-quenched, 6466 65-67 63-66 64-66 64-66 6466 65-68
HRC
Core hardness (25 mm, or 1 in., 6466 65-76 63-66 6466 64-66 64-66 65-68
diam round), HRC
Manufacturing factors
Availability 4 4 4 4 2 3 3
Cost 4 4 5 5 5 5 5
Machinability 5 5 3 2 1 3 1
Quenching medium S,0,A S,0,A S,0,A S.0,A S,0,A S,0,A S,0,A
Hardening temperature, °C (°F) 1260-1300  1260-1300  1260-1300  1275-1300  1275-1300  1260-1300 1205-1260
(2300-2375) (2300-2375) (2300-2375) (2325-2375) (2325-2375) (2300-2375) (2200-2300)
Dimensional change on hardening M M M M M M M
Safety on hardening M M L L L L L
Susceptibility to decarburization M M H H H H H
Approximate hardness as-rolled 525 525 575 575 575 575 575
or forged, HB
Annealed hardness, HB 217-255 223-255 228-269 235-285 248-302 228-255 214-277
Annealing temperature, °C (°F) 870-900 870-900 870-900 870-900 870-900 870-900 870-900
(1600-1650) (1600-1650) (1600-1650) (1600-1650) (1600-1650) (1600-1650) (1600-1650)
Tempering range, °C (°F) 540-595 540-595 540-595 540-595 540-595 540-595 540-650
(1000-1100) (1000-1100) (1000-1100) (1000-1100) (1000-1100) (1000-1100) (1000-1200)
Forging temperature, °C (°F) 1065-1175  1065-1175  1065-1175 1065-1175 1065-1175 1065-1175 1065-1175
(1950-2150) (1950-2150) (1950-2150) (1950-2150) (1950-2150) (1950-2150) (1950-2150)

Note: Ratings are explained in Chapter 2.
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Tool Steels

Superimposed on the vertical sections, the hori-
zontal cross-hatched region in Fig. 14-1 shows the
normal range of carbon variations in tungsten
high-speed steels, and the vertical line AB in Fig.
14-2 shows a typical carbon concentration for an
M2 steel. In these compositions, starting from the
liquid phase, dendritic or branched crystals of
S-ferrite nucleate and grow in the liquid upon cool-
ing. Figure 14-3 shows an example of a primary
dendrite with its axis normal to the figure in an
as-cast M2 steel (Ref 7). The dendritic crystal is
cross-shaped and the liquid surrounding the den-
drite has solidified as eutectic microstructures, as
described below. The ferrite crystals are primarily
iron-rich, and the other alloying elements are re-
jected into the surrounding liquid. With further
cooling, the steel enters the three-phase ferrite-lig-
uid-austenite phase field, and austenite forms
around the ferrite dendrites. Finally, the remaining
interdendritic liquid, highly enriched in the strong
alloy carbide-forming elements, solidifies as eutec-
tic structures consisting of colonies of closely

spaced austenite and alloy carbide crystals. During
these final stages of solidification, four phases-—3a-
ferrite, austenite, carbide, and liquid—coexist.
Eventually, solidification is complete and the ferrite
is replaced by austenite, leaving a microstructure
that consists of austenite and alloy carbides. Sub-
sequent hot-work reductions and austenitizing heat
treatments for hardening are performed.in this phase
field.

The interdendritic eutectic microstructures in
as-cast high-speed microstructures may take several
morphologies and consist of various alloy carbides,
depending on steel composition and solidification
conditions. The primary alloy carbide in high-speed
steels is MgC or n-carbide, where M, the metal
component, may consist of tungsten, molybdenum,
and iron. Vanadium is typically present in MC car-
bides, and tungsten and molybdenum may be pre-
sent in M,C carbides. These carbides are described
in more detail in the next section. Figure 14-4 shows
examples of feathery (austenite plus MgC and MC
carbides), herringbone (austenite plus MgC car-
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Fig. 14-1 Phase diagram for T1-type high-speed steel based on 18W-4Cr section through the quatermnary Fe-W-Cr-C system.

Source: Ref 1, based on work from Ref 2 to 5
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Fig. 14-2 pPhase diagram for M2-type high-speed steel based on the 6W-5Mo-4Cr-2V section through the Fe-W-Mo-Cr-V-C
system. C, carbide. Source: Ref 1, based on work from Ref 6

Fig. 14-3 Microradiograph showing primary dendrite
with axis normal to the plane of polish in an M2 high-speed steel.
Source: Ref 7

bides), and blocky (austenite plus MC carbides)
interdendritic eutectic morphologies in an as-cast
M2 high-speed steel (Ref 7).

Hot Work and Annealing

The concentration of the alloying elements in the
interdendritic eutectic colonies constitutes a very
nonuniform structure unsuitable for hardening of
high-speed steels. The dendritic and interdendritic
regions increase in size as solidification rates de-

crease, and to minimize the associated heterogene-
ity in structure and composition, the size of high-
speed ingots is limited to square sections of 300 to
400 mm (12 to 16 in.) on a side. New primary
processing approaches, such as spray deposition
and powder production and consolidation, which
involve solidification at very high rates, have the
capability to significantly reduce segregation and
improve uniformity of high-speed steels (Ref 1).
However, in ingots the only way to improve uni-
formity is to apply substantial amounts of hot work
at high temperatures.

Figure 14-5 shows how hot reduction alters the
solidification structure of a high-speed steel. At
moderate reductions, the as-cast network of inter-
dendritic eutectic colonies is elongated in the direc-
tion of rolling in a still-interconnected pattern,
sometimes referred to as a “hooky” pattern. After
substantial amounts of hot work, the combined ac-
tion of high temperature and deformation
spheroidizes the lamellar or fibrous eutectic car-
bides and aligns the carbides in bands. Further in-
creases in reduction bring the bands closer together.
The net effect of the hot work is to approach a
uniform dispersion of alloy carbides in an austenitic
matrix. However, in order to completely eliminate
banding of the dispersed carbides, hot reductions in
excess of 97% have been shown to be necessary
(Ref 8).

The type, amount, and dispersion of alloy car-
bides continue to be altered by thermal processing
after solidification and hot work. Cooling from
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hot-work temperatures, annealing, and austenitizing
for hardening all affect the primary carbide distribu-
tions in high-speed steels as microstructures attempt
to approach equilibrium under changing thermal
conditions. Early studies by x-ray diffraction and
chemical analyses of extracted carbides established
the variety of alloy carbides that form in high-speed
steels (Ref 9-15) and established, for the purposes
of alloy design, the importance of assessing carbide
composition by atomic percent rather than weight
percent. For example, Fig. 14-6 shows the weight
and atomic percentages of the principal elements
found in the carbides electrolytically separated from
T1, M10, and M2 high-speed steels (Ref 9). The
carbides from each steel have about the same total
of tungsten, molybdenum, and chromium atoms,
while the vanadium and carbon atom contents in the
M10 and M2 steels are significantly higher than
those in the T1 steel, consistent with the composi-
tions of the steels and the higher fraction of MC
carbides in the M10 and M2. However, on a weight
basis, tungsten appears to dominate the carbide
compositions.

Fig. 14-4 Feathery, herringbone, and MC eutectics in
M2 high-speed steel. (a) Light micrograph, KMnO, etch. (b)
Microradiograph of same area. Source: Ref 7
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Depending on steel composition, the following
alloy carbides have been identified in high-speed
steels (Ref 9-15): according to convention, M rep-
resents the sum of the metal atoms—tungsten, mo-
lybdenum, chromium, vanadium, and iron—in the
carbides:

. MsC, a tungsten- or molybdenum-rich carbide cor-
responding to the complex fcc carbide of the com-
position range FesW3C to FeqW2 C in tungsten
steels, or FesMo3C to Fe4Mo2C in molybdenum
steels, and capable of dissolving some chromium,
vanadium, and cobalt

e M33Cs, a chromium-rich carbide corresponding to
the fcc carbide Cr23Cs and capable of dissolving
iron, tungsten, molybdenum, and vanadium

¢ MC, a vanadium-rich carbide corresponding to the
fce carbide of composition range VC to V4C3 and
capable of dissolving limited amounts of tungsten,
molydenum, chromium, and iron

+  M)C, atungsten- or molybdenum-rich carbide cor-
responding to the hep carbide W2Cin tungsten steels
or M2C in molybdenum steels. This carbide has
been observed only as a transition phase formed
during tempering of high-speed steels.

Recommended temperature ranges for forging
and annealing of the various high-speed steels are
listed in Tables 14-2 (a) and (b). Because of the high
hardenability of the high-speed steels, air cooling
will produce hardened microstructures. Therefore,
normalizing is not recommended, and it is essential
to anneal hot-worked tools prior to machining and
austenitizing for hardening. The objective of an-
nealing is to produce a low-hardness microstructure
that consists of dispersed spheroidized carbides in a
matrix of ferrite. The annealing process may be
performed at temperatures where some austenite
forms, in which case slow furnace cooling is re-
quired to ensure that the austenite transforms to
ferrite, or it may be performed subcritically at tem-
peratures where ferrite and various carbides are sta-
ble (Ref 1,16). In high-speed tool steels, the
spheroidized carbide arrays will contain the primary
carbides, M¢cC and MC, formed on solidification
and spheroidized by hot work, as described
above. However, the annealed structures will also
contain secondary carbides, notably M,3C6, which
are stable and form only during lower-temperature
processing and annealing.

Figure 14-7 shows how selective etching has
been used to reveal the various types of carbides
present in the annealed microstructure of an M2
steel (Ref 10). Each successive etch with different
reagents developed another type of carbide, until
the final nital etch revealed the complete array of
spheroidized carbides in the matrix of ferrite. The
composite array of spheroidized carbides consists
of subsets of MgC, MC, and M»3Cg¢ carbides, with
the coarser particle arrays consisting of MgC and



MC carbides and the finer particle array consisting
of M23Cg, consistent with the stages of processing
at which the various carbides formed. Kayser and
Cohen (Ref 9) have measured the total volume frac-
tion of carbides and the volume fractions of MgC,
M33Cg, and MC carbides in a number of high-speed
steels in the annealed condition and after hardening.
A summary of those data is presented in Fig. 4-24.
That summary shows that austenitizing for harden-
ing significantly reduces the total volume percent-
ages of alloy carbides from those present in the
annealed steels and that, in particular, the M23Cg car-
bides, present in significant fractions in the annealed
steels, are totally dissolved during high-temperature
austenitizing for hardening.

Austenitizing for Hardening
of High-Speed Steels

Austenitizing for hardening is a critical step in
the heat treatment of high-speed steels. As shown in
Fig. 14-1, austenitizing is accomplished very high
in the austenite-carbide phase field, just below or at
temperatures where melting initiates. Austenitizing
times are very short, on the order of 2 to 5 min. In
view of the very high temperatures, two preheating
steps prior to heating to the final austenitizing tem-
perature are recommended to minimize thermal
shock.

Just as in the other tool steels discussed to this
point, the function of austenitizing of high-speed
steels is to adjust carbide volume fractions and ma-
trix chemistries to develop optimum responses to

High Speed Steels

subsequent hardening and tempering. Where the
high-speed steels differ from other steels is in the
remarkable stability of the alloy carbides that have
been incorporated into annealed microstructures by
alloying and primary processing. As discussed
above, Mj3Cg¢ carbides dissolve at relatively low
austenitizing temperatures and are completely dis-
solved at 1095 °C (2000 °F). However, the primary
MgC and MC carbides are stable to much higher
temperatures and, in fact, are never completely dis-
solved despite the high austenitizing temperatures
used for hardening.

Figure 14-8 shows the changes in volume per-
centages of the MgC and MC alloy carbides as a
function of austenitizing temperature for a number
of high-speed steels (Ref 9). The MgC carbides tend
to dissolve somewhat more rapidly than the MC
carbides. All of the high-speed steels contain some
of each type of alloy carbide, but the amounts of the
various carbides typically retained in a given hard-
ened steel are dependent on steel composition. Ta-
ble 14-3 lists the amounts of MgC and MC carbides
retained in some hardened T- and M-type high-
speed steels; similar data have been shown in Fig.
4-24. The higher-melting-point, high-tungsten
types of high-speed steels are normally heated to
temperatures near 1290 °C (2350 °F), while the
lower-melting-point, high-molybdenum types of
high-speed steels are not heated above 1220 to 1230
°C (2225 to 2250 °F).

In addition to establishing the volume fraction of
primary carbides in hardened high-speed steel mi-
crostructures, austenitizing controls the chemical
composition of the matrix, which will transform to

Fig. 14-5 Microstructure of high-speed steel showing alteration in carbide aggregates caused by forging. (a) Longitudinal
microstructure after moderate reduction. (b} Longitudinal microstructure after modre severe reduction
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martensite and in turn be subjected to tempering.
Table 14-4 lists the carbide and matrix composi-
tions of some high-speed steels in the annealed and

Table 14-3 Percentage of excess carbide
existing as MgC and MC in various high-speed
steels

hardened conditions. The data show the necessity of
austenitizing as a means to increase the matrix car-
bon content, from a negligible amount in ferrite of
the annealed structures, to an amount that will be
adequate for supersaturating martensite and suffi-
cient for carbide formation during secondary hard-
ening. This level of carbon is shown to be uni-
formly between 0.4 and 0.5% for all of the steels,

Austenitizing temperature Content, % with the remainder of the carbon incorporated to
Type °C °F MsC MC varying amounts, depending on the alloy and car-
1 1290 2350 0 3 bon content of the steel, in the residual primary
T4 1290 2350 9% 4 carbides. Table 14-4 also shows that the alloy
T2 1290 2350 92 8 element content of the matrix is increased by
z; ggg 2200 87 13 austenitizing, and thus is available to combine
MI10 1205 %%(5) 2‘? ;g with carbon and form the alloy carbides neces-
M4 1220 2225 44 56 sary for secondary hardening.
MI5 1250 2280 34 66 Figure 14-9 shows examples of microstructures
of T1 steel austenitized at various temperatures.
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Figure 14-9(a) shows the microstructure, dominated
by a high volume fraction of undissolved carbides,
produced by underheating at 870 °C (1600 °F). A micro-
structure properly heated at 1260 °C (2300 °F) is
shown in Fig. 14-9(b). Residual alloy carbides are
dispersed within a matrix of martensite. The
martensite crystals are not resolved, but prior-
austenite grain boundaries have been brought out by
the etch. Figures 14-9(c) and (d) show, respectively,
microstructures that have been overheated at 1290
and 1320 °C (2350 and 2410 °F). At 1290 °C (2350 °F),

High Speed Steels

compared to austenitizing at 1260 °C (2300 °F), the
alloy carbides have coarsened and more have gone
into solution. As a result, the austenite has been so
enriched in carbon and alloying elements that the
M; temperature has been drastically reduced. On
cooling to room temperature, therefore, only a few
large, dark-etching plates of martensite have formed
and most of the microstructure consists of retained
austenite. The specimen overheated to 1320 °C
(2410 °F) has undergone significant melting, to the
point where eutectic colonies have again formed

Fig. 14-7 Microstructure of annealed M2 high-speed steel. 2000x. (a) Etched electrolytically in 1% chromic acid, 3 V. 1.7% MC.
(b) As (a) and etched in 4% NaOH saturated with KMnO,. 1.7% MC plus 13.0% MgC. (c) As (b) and etched in 1% nital. 1.7% MC plus

13.0% M;C plus 8.5% M,,Cg. Source: Ref 10
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from the liquid regions on cooling and all uniform-
ity produced by thermomechanical treatment after
casting has been lost.

Grain Size Control
during Austenitizing

Austenitizing for hardening also serves to estab-
lish the austenitic grain size of hardened high-speed
steels. Tools that are properly hardened generally
have fine austenitic grain size because of the
grain-boundary pinning effects of the retained alloy
carbides. Of the two parameters of a particle distri-
bution that control grain size (Eq 5-2) in high-speed
steels, the high volume fraction (f) of retained car-

bides is more influential in restraining grain growth
than carbide particle size (), which is relatively
coarse as aresult of the high-temperature austenitiz-
ing of high-speed steels.

Figure 14-10 shows the austenitic grain size of a
Té6 steel austenitized at various temperatures. The
grain sizes produced by austenitizing between 1260
and 1300 °C (2300 and 2375 °F) are remarkably
fine, although grain size continuously increases
with increasing temperature and carbide solution in
that temperature range and higher. Uniform grain
sizes are dependent on uniform distributions of car-
bides. If hot work and annealing have not produced
a uniform microstructure, then mixed grain sizes
may develop on hardening. Fine grain sizes will be
maintained where carbide particles are present, and

Table 14-4 Carbide and matrix compositions of common high-speed steels in the annealed and

hardened conditions
Carbide composition, % Matrix composition, %
Type C Fe w Mo Cr v Co C Fe w Mo Cr v Co
T1 2.5 254 60.7 13 7.1 3.2 0 95.3 15 0.1 3.0 0.2
2.1 19.4 73.2 14 25 14 0.5 853 8.6 0.2 44 1.0
T2 2.6 234 59.9 26 6.3 33 20 0 89.0 1.1 0.1 34 03 6.2
26 20.2 700 2.5 1.6 1.4 1.6 04 795 83 0.5 4.7 1.1 5.6
T4 29 228 58.5 1.3 8.3 63 0 95.4 1.8 0.1 2.6 03
2.8 189 70.2 13 33 3.6 0.5 853 8.0 0.2 44 1.7
TIS 6.4 215 223 203 93 20.2 0 953 1.0 04 33 0
8.7 11.2 275 204 30 29.1 0.5 86.1 35 32 4.7 19
Ml 63 157 472 1.2 72 212 12 0.2 914 1.5 0.1 4.2 0.1 29
9.1 8.7 47.2 14 29 29.8 1.0 0.4 812 73 0.2 5.1 14 43
M2 5.5 282 4.5 11.3 10.5 0 95.5 1.0 29 04
8.0 7.3 60.5 59 18.3 0.5 88.8 54 4.2 1.1
M4 4.0 27.9 294 225 1.7 8.5 0 95.5 03 0.7 33 0.2
37 23.6 39.7 223 20 8.8 0.5 89.0 20 30 4.6 1.0
MI10 39 34.9 7.6 399 87 5.0 0 96.9 0.2 03 2.5 0.2
35 345 9.8 450 3.0 4.3 0.6 89.1 09 4.7 39 0.9
Source: Ref 9
Austenitizing temperature, °F Austenitizing temperature, °F Austenitizing temperature, °F
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Fig. 14-8 volume percentage of M;sC, MC, and total carbides as a function of temperature in eight commercial high-speed steels
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coarse grains will grow in regions where parti-
cles are absent. Figure 14-11 shows an example
of a mixed grain size associated with marked
segregation of carbide particles in a high-speed
steel.

If a high-speed steel needs to be rehardened
after a first hardening and tempering heat treat-
ment, severe discontinuous grain coarsening may
develop during the second austenitizing treat-
ment. The coarse grain boundaries are quite brit-
tle and the resulting intergranular fracture results
in a characteristic faceted fracture, which because
of its appearance is termed “fishscale” fracture.
The lower toughness of high-speed steels that
have coarsened discontinuously generally makes
them unfit for cutting tool service. A tracing of
discontinuous coarsening in T1 steel has been
shown in Fig. 5-14, where a single, very large
grain is shown to have consumed many fine sur-
rounding grains (Ref 17), and an example of
fishscale fracture is shown later in Fig. 17-10.

Figure 14-12 shows the abrupt grain coarsening
that occurs in T1 and M2 high-speed steels as a
function of second austenitizing temperature. Up to

High Speed Steels

a critical temperature, the grain size is quite fine,
consistent with the pinning effects of a fine carbide
particle distribution. This particle distribution in
rehardened specimens is especially fine because of
the very fine carbide distributions formed by hard-
ening and tempering in the first heat treatment.
However, the fine particles with their high surface
areas dissolve readily during the second austenitiz-
ing treatment. Rapid coarsening thus is a result of a
sudden elimination of a critical amount of grain-
boundary pinning force when a sufficient num-
ber of the fine particles dissolve at some point in
the austenitizing process (Ref 17, 18). Figure
14-13 shows that the coarsening temperature de-
veloped during the second hardening treatment
is a function of the first austenitizing tempera-
ture. In order to prevent discontinuous grain
coarsening, tools that need to be rehardened
should be reannealed before the second harden-
ing treatment. The reannealing will create
coarser carbide dispersions, which more gradu-
ally coarsen and dissolve during austenitizing,
and thereby cause a more gradual increase in
grain size.

Fig. 14-9 Microstructure of quenched T1 high-speed steel. (a) Quenched in oil from 870 °C (1600 °F); underheated. Nital etch,
500x. (b) Quenched in oil from 1260 °C (2300 °F); typical hardened microstructure showing prior-austenite grain size and carbides.
Nital etch, 500x. (c) Quenched from 1290 °C (2350 °F). Sulfuric acid etch, 2500x. (d) Quenched from 1320 °C (2410 °F); overheated.

Nital etch, 500x
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Cooling Transformations and
Hardening

The highly alloyed high-speed tool steels have
excellent hardenability and are deep hardening. Fig-
ure 14-14 shows an IT diagram for T1 high-speed
steel (Ref 19). This diagram is typical of those for
all high-speed steels. The diffusion-controlled
transformations of austenite to pearlitic and bainitic
mixtures of ferrite and carbides are quite sluggish,
and a considerable temperature range separates the
C-curves for the high- and low-temperature decom-
position products. Although the bainite transforma-
tion is initiated rapidly, its progress is slow and the
transformation of austenite eventually ceases. For
example, Fig. 14-15 shows the amount of bainite
formed as a function of time at 315 °C (600 °F) in a
T1 steel; transformation stops after about 40% of
the microstructure consists of bainite. The austenite

that does not transform to bainite during an isother-
mal hold is remarkably stable and does not trans-
form to martensite on cooling to room or even subz-
ero temperatures.

A much more rapid transformation is the forma-
tion of proeutectoid carbides at the higher tempera-
tures, as indicated by the dashed line in Fig. 14-14.
The proeutectoid carbides form preferentially on
austenite grain boundaries and never achieve a large
volume fraction of the transformed microstructures
in high-speed steels. Although not resolvable in the
light microscope, the grain-boundary carbides are
believed to contribute to the prominent appearance
of prior-austenite grain boundaries in etched hard-
ened microstructures, as shown in Fig. 14-9 (b), and
have been identified by electron diffraction of ex-
tracted particles from M2 steel as vanadium car-
bides (Ref 20). The thin networks of grain-bound-
ary carbides do not affect hardness, but could lower
toughness under some conditions of stress, espe-

(c)

(d)

Fig. 14-10 Effect of austenitizing temperature on grain size of T6 high-speed steel. Light micrographs, 300x. (a) 1260 °C (2300 °F);
grain size, 18. (b) 1290 °C (2350 °F); grain size, 14. (¢) 1300 °C (2375 °F); grain size, 10; (d) 1315 °C (2400 °F); grain size, 6
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cially in microstructures of coarse prior austenitic
grain size.

Although the high-speed steels have sufficient
hardenability to harden on air cooling, they are
frequently hardened by quenching into salt or
martempering at temperatures in the range of 540 to
650 °C (1000 to 1200 °F). The wide bay that sepa-

High Speed Steeis

rates the high- and low-temperature transformations
to ferrite-carbide aggregates ensures that no loss in
hardening will occur as a direct result of austenite
transformation during salt bath quenching. The salt
bath quenches will accelerate cooling somewhat,
and thus minimize the formation of grain-boundary
carbides. A major benefit of an isothermal hold in

Fig. 14-11 Mixed grain size in high-speed steel, heated to 1295 °C (2360 °F), caused by marked segregation of carbide

particles
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the metastable austenite condition is associated with
the equalization of temperature throughout a tool.
When a tool is cooled through the martensite trans-
formation range after the isothermal hold, the ab-
sence of temperature gradients will minimize distor-
tion and the potential of cracking that might occur
if the volume changes associated with martensite
formation developed nonuniformly through the
cross section of the tool.

The objective of hardening is to form martensitic
microstructures that incorporate sufficient carbon
and alloying elements to provide for secondary
hardening during tempering. The as-quenched mi-
crostructures of hardened high-speed steels consist
of mixtures of martensite and retained austenite,
which are in turn dependent on austenitizing and the
manner in which tools are cooled after austenitiz-
ing. Figure 14-16 shows the effect of austenitizing
temperature and time on the hardness of T1 steel. At
any given austenitizing temperature, as-quenched
hardness reaches a constant value within a few min-
utes at temperature. Also, maximum hardness in-
creases with increasing austenitizing temperature.
These data show the importance of high-temperature
austenitizing in accelerating the dissolution of the

stable alloy carbides in high-speed steels and the
attendant benefits on austenite formation and
martensite strength.

With higher austenitizing temperatures, in-
creased carbon in the austenite would be expected
to result in more retained austenite on cooling to
room temperature, as well as martensite of higher
hardness. The increased retained austenite is related
to reduced M; temperatures, as austenite is increas-
ingly enriched in carbon and alloying elements with
increasing austenitizing temperatures. Figure 14-17
shows the effect of austenitizing temperature on M,
temperature in a tungsten high-speed steel, as well
as the amount of austenite retained at room tempera-
ture and after cooling to —120 °C (-185 °F)(Ref 21).
Figure 14-18 shows the effect of austenitizing tem-
perature and time on M; temperatures of a tungsten
high-speed steel and indicates that some adjust-
ments in the composition of austenite that lower M
temperature occur with increasing austenitizing
time (Ref 22). The matrix compositions of many
properly hardened high-speed tool steels as shown
in Table 14-4, are quite similar, and consequently
many have My temperatures typically about 200 °C
(400 °F).
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Generally, if austenitizing temperatures are held
below the melting points of high-speed steels, the
amounts of austenite retained at room tempera-
ture do not significantly lower the hardness of
as-quenched structures. Figures 14-19 and 14-20
(Ref 23) confirm that as-quenched hardness values
of high-speed steels generally approach constant
maxima after austenitizing at temperatures ap-
proaching melting, but that slight decreases in hard-
ness may occur depending on alloy composition and
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Fig. 14-15 Bainite formation in T1 high-speed steel as
afunction of time at 315 °C (600 °F). Note that the reaction does
not proceed to completion. Source: Ref 19
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Fig. 14-17 Etiect of austenitizing temperature on begin-
ning and end of martensite transformation in high-speed steel
containing 0.74%C, 18,2% W, 4.0% Cr, and 0.58% V. Percent-
ages listed on dashed horizontal lines at room temperature and
~120 °C (-185 °F) refer to the amount of retained austenite at
these temperatures after quenching from 1000, 1100, 1250, and
1300 °C (1835, 2015, 2280, and 2375 °F). Source: Ref 21
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the highest austenitizing temperature attained. Al-
though the amounts of retained austenite may vary
widely, it is estimated that at least 15% retained
austenite exists in all high-speed steels, and that 20
to 25% retained austenite represents a good average
value for commercial practice.

Another cause of variations in retained austenite
content may be a result of interrupted quenching. If
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Fig. 14-16 Etiect of austenitizing time and temperature
on the hardness of T1 high-speed steel. Specimens austenitized
in sait bath and brine quenched.
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Fig. 14-18 M, temperature as a function of austenitiz-
ing time and temperature for a high-speed steel containing
0.75% C, 17.4% W, 4.2% Cr, and 0.62% V. Source: Ref 22
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high-speed steels are continuously cooled, the
transformation of austenite to martensite is continu-
ous and a function only of decreasing temperature
below Mg, as characterized by Eq 5-1. For example,
Fig. 14-21 shows the continuous transformation, as
measured by length changes that accompany
martensite formation, of a T1 steel continuously
cooled between an M temperature of 215 °C (420 °F)
and a effective My temperature of about ~100 °C
(-150 °F) (Ref 24). However, if cooling is inter-
rupted and then resumed, the austenite is stabilized,
as discussed in Chapter 5, and transformation to
martensite does not begin immediately when cool-
ing is resumed (Ref 25). Figure 14-22 shows the
effect of room-temperature aging or stabilization on
the transformation of austenite on subsequent cool-
ing below room temperature in a T1 steel (Ref 24).
Increased aging substantially lowers the tempera-

ture at which transformation resumes, but eventu-
ally the transformation finishes at about the same
temperature.

Interrupted cooling above the martensite transfor-
mation range may also affect martensite transforma-
tion kinetics and the amount of retained austenite.
These effects may be due to conditioning or com-
position changes in austenite that promote bainite
formation on cooling rather than martensite for-
mation. Whenever bainite forms, whether by
cooling from a high hot quenching temperature or
by isothermal transformation, the M; temperature is
lowered and more austenite is retained on cooling to
room temperature. Figure 14-23 shows the effect of
holding time at several temperatures on M, tempera-
tures of an M2 steel (Ref 19). Major effects on Mg
temperatures are created by isothermal holding at
high temperatures, where conditioning occurs and
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conditioning occurs and bainite forms on cooling,
or at low temperatures, where isothermal transfor-
mation to bainite occurs; relatively little change in
M; temperatures is caused by holding at tempera-
tures in the bay region of the IT diagram.

Tempering and Hardness
of High-Speed Steels

Tempering is the final critical heat treatment step
applied to high-speed steels. The microstructure at
the start of tempering consists of primary carbides,
martensite, and retained austenite, the exact
amounts of which depend on many alloying and
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Fig. 14-21 nDilatation curve for the continuous cooling of
T1 high-speed steel, showing expansion caused by austenite-
to-martensite transformation, which continues through room
temperature. Source: Ref 24
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processing factors, as described to this point, but
typically are on the order of 10%, 70%, and 20%,
respectively. The coarse primary alloy carbide par-
ticles are unchanged by the relatively low tempera-
tures used for tempering. The martensite and re-
tained austenite in a given steel, although they have
different crystal structures, have identical composi-
tions. It is assumed that the quenching permits no
composition change in the austenite, and since
martensite formation is a diffusionless process, the
composition of the martensite is identical to that of
its parent austenite. However, the stable composi-
tions established during high-temperature austeni-
tizing, at room temperature and at the temperatures
used for tempering, are highly unstable, in that the
martensite and austenite are supersaturated with
carbon and alloying element atoms. As a result,
during tempering, when diffusion of alloying ele-
ments is possible, a number of structural changes
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Fig. 14-22 Effect of room-temperature aging on the
transformation range of the retained austenite in hardened T1
high-speed steel during subsequent cooling to —190 °C (-310 °F)
Source: Ref 24
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are initiated—in particular, the precipitation of al-
oy carbides.

Figure 14-24 shows typical tempering curves for
M1 and T15 high-speed steels. The curves differ
from those of tool steels with lower alloy content
with respect to the intensity of secondary hardening,
which equals or exceeds the hardness of the as-
quenched martensite. The early stages of tempering
of hardened high-speed steels are similar to those of
other tool steels and involve the precipitation of iron
carbides (i.e., &/n transition carbides and Fe3C in
the martensitic matrix at tempering temperatures
too low for alloy element diffusion. During these
stages, the hardness of the as-quenched martensite
decreases.

The secondary hardening is caused by the pre-
cipitation of very fine, stable alloy carbides. De-
pending on steel composition, the carbides that have
been identified in this stage of tempering are M,C
and MC carbides based on the isomorphous hexago-
nal Mo,C and W,C carbides and cubic VC carbide
(Ref 1, 11, 12, 26-28). For constant tempering
times on the order of 1 or 2 h, the hardening due to
the alloy carbide precipitation starts at around 315
°C (600 °F) and reaches a peak between 510 and
565 °C (950 and 1050 °F). At higher tempering
temperatures, the fine distributions of M,C and MC
particles are replaced by precipitation of My3Cg and
M¢C carbides. These carbides coarsen rapidly, and
hardness decreases sharply with increasing temper-
ing temperature.

All high-speed steels have similar curves of hard-
ness versus tempering temperature. Figure 14-25
illustrates variations in hardness levels and peak
hardness temperatures due to differences in
high-speed steel alloying. The peak hardness asso-
ciated with secondary hardening is dependent on
having sufficient carbon atoms available to
stoichiometrically combine with the alloying ele-
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ments to produce the highest volume fraction of
closely spaced alloy carbide particles possible (Ref
27). The fact that the alloy carbides must nucleate
from a supersaturated martensitic matrix at tem-
peratures where the mobility of the carbide-forming
element atoms is limited ensures that the particles
will be fine and closely spaced. The T15 steel,
which is highly alloyed with molybdenum and co-
balt, shows the most intense secondary hardening
peak, at a hardness in excess of 70 HRC. The cobalt
does not take part in carbide formation but neverthe-
less consistently enhances hardness when added as
an alloying element.

Figure 14-26 shows the effect of austenitizing
temperature on the tempering response of a T1 steel.
Higher austenitizing temperatures, at which more
carbon and alloying elements go into solution, in-
crease the supersaturation of as-quenched marten-
site and make possible a greater intensity of carbide
precipitation, increasing peak secondary hardness
and hardness at all other tempering temperatures
relative to specimens austenitized at lower tempera-
tures. Thus, austenitizing temperatures at the high
end of recommended ranges are preferred for cut-
ting applications that require maximum hardness,
provided austenite grain size is not severely coars-
ened. As discussed earlier relative to hardening,
retained austenite will also increase with increasing
austenitizing temperature, but the amount of
austenite retained has little effect on the maximum
tempered hardness that can be obtained. It has been
observed that high-speed steels that have been air
cooled have the same as-quenched hardness as
when they are oil quenched but have lower resis-
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tance to tempering. For any constant tempering tem-
perature and time, the hardness of air-cooled speci-
mens tends to be one or two HRC points lower than
that of oil-quenched specimens.

The microstructural changes that produce the
hardness changes during tempering are diffusion
controlled and therefore dependent on both temper-
ing time and temperature. The curves of hardness
versus tempering temperature shown to this point
have been obtained by holding tempering time con-
stant and varying temperature. The combined effect
of temperature and time can be characterized by the
use of Holloman-Jaffe time-temperature parameters
(Ref 29), as shown in Fig. 14-27 for an M2 steel
austenitized at 1190 °C (2175 °F) and 1220 °C
(2225 °F). From the time-temperature parameters,
combinations of tempering time and temperature to
produce specific hardness values can be calculated.
Figures 14-28 and 14-29 show the tempering time-
temperature combinations that produce isohardness
lines as calculated from the data shown in Fig.
14-27 for the M2 steel austenitized at two tempera-
tures. Note that two sets of conditions produce con-
stant hardness values on either side of the hardness
peaks of 65/66 and 64/65 HRC for specimens
austenitized at 1220 and 1190 °C (2225 and 2175
°F), respectively. For a given hardness, combi-
nations of time and temperature on the high

High Speed Steels

side of those that produce maximum hardness
(i.e., conditions on the overaging side of the hard-
ness peaks) should be chosen to provide for ade-
quate levels of toughness. Despite the apparently
wide choice of time and temperature combinations
that produce a given hardness, tempering times on
the order of 1 to 3 h are selected for convenience and
to avoid the possibility of oversoftening in actual
furnace conditions.

A major difference between the tempering behav-
ior of high-speed steels and other tool steels of
lower alloy content is the very high stability of the
retained austenite in hardened high-speed steels. As
a result, the retained austenite does not transform
during tempering to any significant degree. How-
ever, tempering conditions the retained austenite so
that it transforms to martensite during cooling after
tempering. The martensite formed during cool-
ing after the first tempering cycle is untem-
pered, thus lowering the toughness of a high-
speed steel. This condition necessitates the
double and triple tempering cycles applied to
high-speed steels.

Figures 14-30 and 14-31 show examples of dia-
grams that plot combinations of tempering times
and temperatures required to produce maximum
secondary hardness and complete transformation,
as defined by the complete transformation of all
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retained austenite on a first cooling after tempering,
for T1 and M2 high-speed steels (Ref 30). These
diagrams show that the tempering-induced changes
which render retained austenite susceptible to trans-
formation on cooling require tempering beyond that
which produces maximum secondary hardness. Al-
though the diagrams define the conditions that
would necessitate only a second temper, in actual
practice three and even four tempering cycles may

be applied. Similar diagrams that show tempering
conditions for maximum hardness and complete
transformation for T2, T4, T6, M4, and M10
high-speed steels have been published (Ref 31).
Kulmburg et al (Ref 22, 33) have evaluated by
dilatometric analysis the transformation of retained
austenite as a result of tempering of high-speed
steels. Figure 14-32 shows length changes as a func-
tion of temperature for M2 high-speed steel tem-
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pered four times after holding 10 min at either 540
or 570 °C (1000 or 1060 °F). After tempering at 540
°C (1000 °F), there is essentially no detectable
change in dimensions related to martensite for-
mation on cooling. After tempering at 570 °C
(1060 °F), however, significant amounts of marten-
sitic transformation occur on cooling, as shown by
deviation from the linear curve associated with
thermal contraction and marked by the indicated
M; temperatures.

High Speed Steels

Figure 14-33 shows the interrelationships among
hardness, retained austenite, and Mg and Mg tem-
peratures of retained austenite as a function of tem-
pering for hardened M2 steel. The hardness and
retained austenite scatter bands are a combination of
data from Kulmburg et al. (Ref 33) and data from
Haberling and Martens (Ref 34). The increased abil-
ity of the retained austenite to transform to marten-
site during cooling with increasing tempering, as
marked by the increase in Mg and My temperatures,
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is attributed to the precipitation of alloy carbides in
the retained austenite during tempering. The alloy
carbides remove carbon and alloying elements
from solution in the austenite. This composition
change raises Mg temperatures, with the result
that austenite, retained after austenitizing and
quenching for hardening, becomes unstable after
tempering with respect to athermal martensite
formation.

As discussed above, maximum secondary hard-
ness is a function of austenitizing time and tem-
perature, which establish the supersaturation of
as-quenched martensite, as well as tempering
time and temperature, which establish the inten-
sity of secondary hardening. Kulmburg et al. (Ref
33), with the data of Bungardt and Oppenheim
(Ref 35), have plotted hardness contours for
hardened and tempered M2 steel as a function
of time-temperature hardening and time-tempera-
ture tempering parameters, as shown in Fig. 14-34.
This plot identifies the combination of hardening
and tempering parameters capable of producing
maximum hardness of 66 HRC in M2 high-speed
steels.
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High Speed Steels

Other Property Changes in
Tempered High-Speed Steels

The preceding section discussed the effect of
tempering on hardened high-speed steels primarily
by describing the changes produced in room-tem-
perature hardness. High-speed steels are expected to
operate at high temperatures; therefore, hot hard-
ness is also a valuable measure of performance.
Figures 14-35 to 14-37 show various curves of
hardness as a function of test temperature. For
high-speed steels, hot hardness decreases gradually
up to temperatures of 595 °C (1100 °F) and then
drops more abruptly. Figure 14-35 shows a typical
dependence of hot hardness on test temperature for
a T1 steel (Ref 36).

Hot hardness bands for high-speed steels com-
pared to those of other relatively highly alloyed
steels—namely, cold-work die steels and chromium
and tungsten hot-work steels—are shown in Fig.
14-36. The superiority of high-speed steels, espe-
cially the highly alloyed superhigh-speed steels
with respect to hot hardness is clearly shown. These
comparisons reflect differences in alloy design
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strategies for quite different applications. The hot-
work steels have a gradual softening behavior simi-
lar to that of the high-speed steels but have much
lower overall hardness because of lower carbon
content. The lower hardness is associated with mi-
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Fig. 14-35 Hot hardness of T1 high-speed steel as a
function of testing temperature. Source: Ref 36
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crostructures with the higher toughness and fracture
resistance required by hot-work steels. In contrast,
wear resistance and hot hardness, made possible by
the high carbon and alloy content of the high-speed
steels, are primary requirements for cutting tools.
Although all high-speed steels are rated very high
with respect to hot hardness (Tables 14-2a and b),
there are differences between the various types, as
shown in Fig. 14-37.

Without question, tools fabricated from high-speed
steels require excellent wear resistance and hot
hardness. However, high elastic limits and yield
strengths are also required, especially for fine-edge
tools, which must resist deformation. Good tough-
ness and fracture resistance are also required for
situations, such as overloads or loads in the pres-
ence of notches and sharp corners, where applied
stresses exceed elastic limits. Tools often spall at
edges when they first come into contact with
workpieces. Under these conditions, the limited
room-temperature fracture toughness of high-speed
steels is more critical than toughness at higher oper-
ating temperatures.

Figure 14-38 shows strength and ductility, as
measured by bend testing, as a function of austeni-
tizing temperature for a T1 steel double tempered
for 2.5 h at 555 °C (1030 °F) (Ref 37). Hardness
increased from 57 to 64.5 HRC as the temperature
was raised. Yield and total bend strength increase to
a maximum with increasing austenitizing tempera-
ture and then fall sharply on overheating. The
greater the difference between the yield and bend
strengths, the greater the ability to accommodate
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plastic deformation without fracture. When the
yield strength equals the bend strength, fracture
occurs as soon as the yield strength 1s exceeded. The
measures of ductility are inverse to the strength
measurements up to overheating.

The effect of tempering temperature on the hard-
ness and bend properties of T1- and M2-type tool
steels is shown in Fig. 14-39 (Ref 37). The T1 steel
was austenitized at 1290 °C (2350 °F) and the M2
steel at 1220 °C (2225 °F); the hardened specimens
were tempered for 1 h at the temperatures shown. At
lower tempering temperatures, as residual stresses
are relieved and transition carbides precipitate in the
martensite, deflection and strength increase to max-
ima. Strength and ductility then decrease, as cemen-
tite precipitates. With secondary hardening, yield
strength increases sharply and plastic deflection
drops to a minimum. After tempering at 565 °C
(1050 °F), yield and bend strengths are at or close
to their maximum values for the 1 h tempering.
Longer tempering times would shift the minimum in
plastic deflection to lower tempering temperatures.
Double tempering below the temperatures used in
the first temper causes little change in bend proper-
ties, but if performed at temperatures that reduce
hardness, significant improvements in properties
OCCur.

The yield strength determined in bend testing
correlates well with hardness. Figure 14-40 plots
yield strength as a function of hardness for M2 and
T1 high-speed steels and shock-resisting and
oil-hardening tool steels (Ref 38). There is an excel-
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lent correlation of yield strength with hardness up to
the point for each steel where tempering has been
insufficient to stabilize the substructure and residual
stresses, as marked by the dashed lines for such
undertempered conditions. The high-speed steels
show superior ranges of usable yield strength and
hardness compared to the other steels.

Torsion tests provide useful evaluation of high-
speed steels used for taps and drills. The static
torsion test evaluates strength and ductility in terms
of torsional elastic limit, the torque to fracture, and
the elastic and plastic twist to fracture. The torsional
impact test measures, from the area under the
torque-twist curve, the energy expended in twisting
a specimen to fracture. Figure 14-41 shows tor-
sional properties as a function of tempering tem-
perature for T1 steel austenitized at three different
temperatures (Ref 39). All the specimens show a
sharply reduced ability to sustain plastic deforma-
tion after tempering at conditions that produce peak
hardness and strength. Figure 14-42 shows that tor-
sional impact falls as peak secondary hardening
develops in a T1 high-speed steel and continues to
fall even when specimens are tempered beyond
peak hardness (Ref 40). This decrease in toughness
may be associated with the coarse alloy carbide
particles that develop when hardness starts to drop.

The low toughness of hardened high-speed steels
requires impact testing with unnotched specimens.
Figure 14-43 shows unnotched Izod impact tough-
ness as a function of tempering temperature for T1
and M2 high-speed steels austenitized at 1290 and
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Fig. 14-38 Effect of austenitizing temperature on the yieid strength and bend strength (a) and the plastic deflection and the
total deflection (b) of T1 high-speed steel. Specimens were double tempered for 2.5 h periods at 555 °C (1030 °F). Source: ref 37
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1220 °C (2350 and 2225 °F), respectively (Ref 41).
A well-defined drop in impact toughness coincides
with peak secondary hardness. The decrease in im-
pact toughness is more severe in the M2 steel, which
had a higher retained austenite content (25 to 32%)
compared to that of the T1 steel (15 to 22%). Thus,
the impact toughness decrease may be caused by a
combination of cementite formation, from the trans-
formation of at least some of the retained austenite,
and maximum matrix strength, as developed by
alloy carbide precipitation. This has been related
to similar toughness minima that develop in
H11/H13- type hot-work steels (Ref 42) (see Chap-
ter 13).

Figure 14-44 shows unnotched Izod impact tough-
ness as a function of hardness for double-tempered T1
and M2 steels hardened from various temperatures.
Increasing austenitizing temperatures severely
lower impact toughness in specimens tempered to
high hardness. This information must be factored
into the selection of heat treatment conditions for
cutting tools. The cutting ability and hot hardness of
high-speed steels are enhanced by high austenitiz-
ing temperatures, which take more carbon and al-
loying elements into solution. On the other hand,
Fig. 14-44 demonstrates that toughness is degraded
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by high-temperature austenitizing. Thus, the need
for good fracture resistance versus hot hardness in a
given cutting application must be carefully consid-
ered to select the best heat-treating conditions. Fig-
ure 14-45 compares unnotched impact strength as a
function of hardness for a number of high-speed
steels and shows that considerable variations in
toughness exist based on alloy content.

The measurement of fracture toughness, or Ky,
provides another method to evaluate toughness of
high-speed steels. Fracture toughness is the stress
intensity at which a sharp crack, usually introduced
by fatigue testing, becomes unstable under maxi-
mum constraint or plane strain conditions and is
considered to be a material property that can be used
to evaluate the stresses at which flaws of various
sizes will become unstable and lead to fracture (Ref
43). Thus, unlike Izod or Charpy impact testing, a
crack does not first have to be generated by a se-
quence of deformation and fracture initiation
mechanisms.

Kim, et al. (Ref 44) have measured the fracture
toughness of an M2 high-speed steel and a matrix
steel whose composition simulates the matrix of
M2 high-speed steel hardened according to com-
mercial practice, and which does not contain
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Fig. 14-39 (a) Effect of tempering temperature on the yield strength, bend strength, and hardness of T1 and M2 high-speed
steels. Tempering time was 1 h. The T1 steel was austenitized at 1290 °C (2350 °F) and M2 steel was austenitized at 1220 °C (2225
°F). (b) Effect of tempering temperature on the total deflection, plastic deflection, and hardness of T1 and M2 high-speed steels heat

treated at the same conditions as (a). Source: Ref 37
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the primary carbides of a typical hardened
high-speed steel. Figures. 14-46 and 14-47
show the fracture toughness values measured
for the M2 and matrix steels as a function of
austenitizing temperature in the as-quenched
and quench and double-tempered conditions,
respectively. The fracture toughness for the as-
quenched M2 steel specimens falls sharply with
increasing austenitizing temperature, consis-
tent with the results of Izod impact testing.
Tempering raises fracture toughness, especially
in high-hardness specimens, and decreases the
rate at which fracture toughness decreases with
increasing austenitizing temperature. The matrix
steel in the as-quenched condition had lower frac-
ture toughness after high-temperature austenitiz-
ing, even though it has lower hardness, than the
M2 steel. The low toughness of the matrix steel
was related to intergranular fracture along grain
boundaries with thin grain-boundary carbide
films. After tempering, the matrix steel showed
higher fracture toughness than the M2 steel, ap-
parently because the grain-boundary carbides
coarsened and lost continuity. Coarse grain sizes
and high contents of retained austenite increased
fracture toughness.

Another consequence of hardening and temper-
ing high-speed tool steels is dimensional change.
Expansion occurs as a result of hardening, the
extent of which depends on the carbon content
and tetragonality of the martensite and the



of retained austenite, which if present in suffi-
cient amounts will limit expansion. Figure 14-
48 shows the dimensional changes that develop
on tempering M2 tool steels after quenching
from various austenitizing temperatures. There
is a slight contraction on tempering up to temper-

High Speed Steeis

ing temperatures of between 480 and 540 °C (900
and 1000 °F). After tempering above that tem-
perature range, there is a sharp expansion attrib-
uted to the transformation of retained austenite to

martensite on cooling from the tempering tempera-
ture.
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Summary: Alloying Elements
in High-Speed Steels

The effects of the complex alloying of high-speed

tool steels have been repeatedly described to this
point. In particular, the principles of alloying with
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regardtothe microstructuresandpropertiesof high-
speed steels produced by solidification, hot defor-
mation, and heat treatment have been described by
reference to various grades of high-speed steels.
These grades have been developed by systematic
studies, which followed the effects of carbon and
the other alloying elements added to high-speed
steels in order to optimize properties and perform-
ance (Ref 1, 30).

The essential design approach for high-speed
steels consists of incorporating distributions of hard
alloy carbides in a matrix of tempered martensite.
As shown earlier in Fig. 4-22 and 4-23, the alloy
carbides incorporated into the microstructures of
high-speed steels have very high strengths and sta-
bilities compared to the iron carbides and marten-
site of carbon steels, and thus contribute signifi-
cantly to high-speed steel performance. The
alloying elements come from the transition metal
periods of the periodic table (Ref 45), as has been
shown in Table 4-3 and repeated here as Table 14-5
for purposes of discussion of the effects of individ-
ual elements on alloying. Almost all of the transi-
tion metals in groups IV, V, and VI have been incor-
porated in one or another of the high-speed tool
steels, primarily because of their strong car-
bide-forming capabilities. The elements of groups
VII and VIII are weak carbide formers or do not
form carbides.

There must be sufficient carbon to effectively
convert the alloying elements to alloy carbides. At
first glance, the amounts of carbon and other alloy-
ing elements, given in weight or mass percent in



their contents in the many types of high-speed
steels. However, when considered on an atomic ba-
sis, all of the high-speed steels have very similar
atomic ratios of the sum of all of the carbide-form-
ing elements to the atomic percentage of carbon.
Figure 14-49 shows the composition ranges for
many of the commonly used tool steels plotted on a
ternary composition diagram where one of the axes
is the sum of all the carbide-forming elements in
atomic percent. When viewed in this framework, the
range of high-speed tool steel compositions that
have evolved to usable grades is quite narrow.
Within an overall alloy composition, each alloying
element, depending on its concentration in the alloy
and on the ratio of carbon to metal atoms in the
crystal structure of its carbides, requires different
stoichiometric amounts of carbon in order to be
fully utilized in carbide formation (Ref 1, 26, 27).
As discussed in earlier sections of the chapter, many
time-temperature-dependent phenomena during pri-
mary processing, hardening, and tempering must
also be controlled to develop the best carbide distri-
butions in a given steel.

Table 14-1 shows that the carbon content of high-speed
steels ranges from a low of 0.65% to a high of
1.60%. Although the carbon content of a given steel
is fixed within narrow limits, variations within these
limits may cause variations in mechanical proper-
ties and cutting performance. Also, some of the
high-speed steels are available in several ranges of
carbon content.

Carbon in any high-speed steel, depending on
austenitizing temperature, will be in large part con-
sumed by alloy carbide formation and, if present in
too low a concentration, will result in low matrix
carbon content after hardening. Also, appreciable
quantities of ferrite may become stable at austenitiz-
ing temperatures in lower-carbon steels. Figure 14-
50 shows as-quenched hardness as a function of
austenitizing temperature in T1 steel with various
levels of carbon and illustrates the combined effect

Table 14-5 Transition metal carbides
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of low matrix carbon and ferrite formation on low-
ering the hardness of steels with lower carbon con-
tents. Lower quenched hardness is followed by a
lower tempered hardness, as shown in the master
tempering curves for the T1 carbon series of alloys
in Fig. 14-51 and 14-52 for austenitizing tempera-
tures of 1205 and 1290 °C (2200 and 2350 °F),
respectively (Ref 23). The highest-carbon steel is
most sensitive to austenite formation at the high-
est austenitizing temperature, and therefore has a
lower quenched hardness than that of steels of
intermediate carbon content. However, the higher
available carbon content in this steel makes pos-
sible higher peak secondary hardness, as shown
in Fig. 14-43.

The role that the carbide-forming elements chro-
mium, molybdenum, tungsten, and vanadium play
in carbide formation and stability in the processing
and performance of high-speed tool steels has been
described throughout this chapter. Cobalt, however,
is a weak carbide-forming element and in tool steels
is not considered to be a carbide-forming element.
Instead, cobalt influences performance by being
present in solid solution in the austenite and tem-
pered martensite. Cobalt contributes significantly to
the hot hardness of high-speed steels, as shown in
Fig. 14-53, and is a major alloying element in the
high speed steels that attain superhigh hardness of
70 HRC after tempering. The latter effects of cobalt
may be due to indirect effects on alloy carbide pre-
cipitation. One explanation may be that cobalt
raises the melting point of high-speed steels, thus
making possible the use of higher hardening tem-
peratures, which enable greater solution of the car-
bide-forming elements and carbon for subsequent
carbide precipitation during secondary hardening
on tempering. Another explanation, proposed by
Speich (Ref 46) relative to secondary hardening in
ultrahigh-strength structural steels, is based on the
observation that cobalt retards the recovery of the
dislocation substructure of as-quenched martensite.

Carbide formation is fairly common among the transition elements, except for the second and third rows of group VIII (a).

m IV A'A A | v [ vl 1
Mn,;Cy
Scy3C V,C Cry3Cy¢ Mn;C Co;C NiyC
ScC, TiC CryC3 MnsC, Fe;C Co,C
ScyCy vC CryC, Mn;C;
Mo,C

Y,C Nb,C Mo;C, TcC Ru Rh Pd
Y,Cy ZrC NbC MoC,_,
YG,

HfC Ta,C W3C, ReC OsC Ir Pt
LaC, TaC wC

(a)X] indicates no carbide formation for this element. Source: Ref 31

283



Tool Steels

dislocation substructure of as-quenched martensite.
As a result, many more sites are available for the
nucleation of alloy carbides in tempered martensite,
resulting in a finer alloy carbide dispersion and
more intense strengthening during secondary hard-
ening.

High-Speed Tool
Steel Applications

The following sections are taken from Ref 47 and
are based on information provided in Ref 48.

Single-Point Cutting Tools

The simplest cutting tools are single-point cutting
tools, which are often referred to as tool bits, lathe
tools, cutoff tools, or inserts. They have only one
cutting surface or edge in contact with the work
material at the given time. Such tools are used for
turning, threading, boring, planing, or shaping, and
most are mounted in a toolholder that is made of

some type of tough alloy steel. The performance of
such tools is dependent on the tool material as well
as factors such as the material being cut, the speeds
and feeds, the cutting fluid, and fixturing. Follow-
ing is a discussion of material characteristics and
recommendations for the most popular lathe
tools.

M1, M2, and T1 are suitable for all-purpose tool
bits. They offer excellent strength and toughness, are
suitable for both roughing and finishing, and can be
used for machining wrought steel, cast steel, cast iron,
brass, bronze, copper, aluminum, and so on. These are
good economical grades for general shop purposes.

M3 class 2 and M4 high-speed tool steels have
high carbon and vanadium contents. Their wear re-
sistance is several times that of standard high-speed
steels. These bits are hard and tough, withstanding
intermittent cuts even under heavy feeds. They are
useful for general applications and are especially
recommended for cast steels, cast iron, plastics,
brass, and heat-treated steels. On tool bit applica-
tions where failure occurs from rapid wearing of the
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T4, TS, and T8 combine wear resistance, result-
ing from the higher carbon and vanadium contents,
with a higher hot hardness, resulting from the cobalt
content. These steels offer good resistance to abra-
sion and high hot hardness, so they can be applied
to the cutting of hard, scaly, or gritty materials.
They are well adapted for making hogging cuts,
cutting hard materials, and cutting materials that
throw a discontinous chip, such as cast iron and
nonferrous materials. The high degree of hot hard-
ness permits T4, TS, and T8 to cut at greater speeds
and feeds than most high-speed tool steels. They are
much more widely used for single-point cutting
tools such as lathe, shaper, and planer tools, than for
multipoint tools.

Superhard tool bits made from M40 series offer
the highest hardness available for high-speed tool
steels. The M40 steels are economical cobalt-bear-
ing alloys that can be treated to reach a hardness as
high as 69 HRC. Tool bits made from them are easy to
grind and offer top efficiency on difficult-to-machine

High Speed Steels

aerospace materials (e.g., titanium- and nickel-base
alloys) and heat-treated high-strength steels requir-
ing hot hardness.

Often an engineer specifies a grade that is not
necessary for a given application. For example, se-
lecting M42 for a general application that could be
satisfied with M2 does not always prove to be bene-
ficial. The logic is that the tool can be run faster and
therefore generate a higher production rate. What
happens many times is that the M42 chips because
of its lower toughness, level, whereas the M2 does
not. T1S5 tool bits are made from a steel capable of
being treated to a high hardness, with outstanding
hot hardness and wear resistance. The exceptional
wear resistance of T15 has made it the most popular
high-speed tool steel for lathe tools. It has higher
hardness than most other steels and its wear resis-
tance surpasses that of all other conventional
high-speed tool steels as well as certain cast cutting
tool materials. It has ample toughness for most
types of cutting tool applications and will withstand
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intermittent cuts. T15 bits are especially adapted for
machining materials of high tensile strength, such
as heat-treated steels, and for resisting abrasions
encountered with hard cast iron, cast steel, brass,
aluminium, and plastics. Tool bits of T15 can cut
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Fig. 14-49 Location of high-speed steel compositions on
a temary plot of Fe-C-carbide-forming elements. Source: Ref 1
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ordinary materials at speeds 15 to 100% higher than
average.

Multipoint Cutting Tools

Applications of high-speed tool steels for other
cutting-tool applications (e.g., drills, end mills,
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reamers, taps, threading dies, milling cutters, circu-
lar saws, broaches and hobs) are based on the same
parameters of hot hardness, wear resistence, tough-
ness, and economics of manufacture. Some of the
cutting tools that require extensive grinding have
been produced of P/M high-speed tool steels.

General-purpose drills, other than those made
from low-alloy steels for low production on wood or
soft materials, are made from high-speed tool
steels, typically M1, M2, M7, and M10. For
lower-cost hardware-quality drills, intermediate
high-speed tool steels M50 and M52 are sometimes
used, although they cannot be expected to perform
as well as standard high-speed tool steels in pro-
duction work. M33, M42, or T15 are used for
the high hot hardness required in the drilling of
the more difficult-to-machine alloys, such a nickel-
base or titanium products.

High-speed tool drills are not currently being
coated as extensively as gear cutting tools because
many drills are not used for production applications.
Also, the cost of the coating (predominantly with
titanium nitride) is prohibitive because it represents
a higher percentage of the total tool cost.

Drills coated with titanium nitride reduce cutting
forces (thrust and torque) and improve the surface
finishes so much that they eliminate the need for
prior core drilling and/or subsequent reaming.
Coated drills are especially suitable for cutting
highly abrasive materials, hard nonferrous alloys,
and difficult-to-machine materials, such as heat-re-
sistant alloys. These tools are not recommended for
drilling titanium alloys because of possible chemi-
cal bonding of the coating to the workpiece mate-
rial. When drilling gummy materials (e.g., 1018 and
1020 steels) with coated tools, it may be necessary
to provide for chip-breaking capabilities in the tool
design (Ref 49).

End mills are produced in a variety of sizes and
designs, usually with two, four, or six cutting edges
on the periphery. This shank-type milling cutter is
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Fig. 14-54 wear lands developed with uncoated end
mills and end mills coated with titanium nitride. Tool life in-
creased fourfold with coated tools. The cross-hatched area at
left (extending from O to 30 parts) indicates the number of pieces
produced by an uncoated end mill after 0.25 mm (0.010in.) wear
land on the tool. The cross-hatched area at night represents the
number of pieces produced by a coated end mill after 0.25 mm
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typically made from the general purpose high-speed
tool steels M1, M2, M7, and M10. For workpieces
made from hardened materials (over 300 HB), a
grade such as T15, M33, or M42 is more effective.
Increased cutting speeds can be used with these
cobalt-containing high-speed tool steels because of
their improved hot-hardness.

One manufacturer realized a fourfold increase in
the tool life of end mill wear lands when it switched
to a tool coated with titanium nitride (Fig 14-54).
End mills coated with titanium nitride also outper-
form uncoated solid carbide tools. In an operation
for machining valves made from type 304 stainless
steel, a switch from solid carbide end mills in-
creased tool life from 30 parts to 150 parts (Ref 1).
Furthermore, the cost of the coated, end mills was
only one-sixth that of the carbide tools. Both types
of 19 mm (¥4 in.) fluted end mills were used to
machine a 1.6 mm (V¢ in.) deep slot at a speed of
300 rev/min and a feed of 50 mm/min (2 in./min.)

Reamers are designed to remove only small
amounts of metal and therefore require very little
flute depth for the removal of chips. For this reason,
reamers are designed as rigid tools, requiring less
toughness from the high-speed tool steel than a
deeply fluted drill. The general-purpose grades M1,
M2, M7, MI10, and T1 are typically used at maxi-
mum hardness levels. For applications requiring
greater wear resistance, grades such as M3, M4, and
T1S5 are apropriate.

Milling cutters. The size, style, configuration,
complexity, and capacity of milling cutters are al-
most limitless. Milling cutters are available with
staggered-tooth or straight-tooth configurations,
formrelieved or formed, in sizes from 50 to 300 mm
(2 to 12 in.). They are used to machine slots,
grooves, racks, sprockets, gears, splines, and so on,
and they cut a wide variety of materials, including
plastics, aluminum, steel, cast iron, superalloys, ti-
tanium, and graphite structures. The general-pur-
pose high-speed tool steel used for more than 70%
of milling cutter applications is M2, usually the
free-machining type. It has a good balance of wear
resistance, hot hardness, toughness, and strength
and work well on carbon, alloy, and stainless steels,
aluminum, cast iron, and some plastics (generally
any material that is under 30 HRC in hardness).
When higher-hardness materials or more wear-re-
sistent materials need to be milled, M3 or M4 are
selected. The higher carbon and vanadium contents
in those materials improve wear resistance and al-
low for the machining of materials greater than 35
HRC in hardness. For workpiece hardness levels
above that and as high as S0 HRC, either M42, with
its high hardness and high hot hardness, or T15,
with its high wear resistance and high hardness, is
desirable. The P/M grades in M4 and TI1S are in-
creasing in popularity for milling cutters because
they offer ease of grinding and regrinding.
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Hobs are milling cutters that cut a repeated form
about a center, such as a gear teeth, by meshing and
rotating about the workpiece, forming a helical pat-
tern. This type of metal cutting creates less force at
the cutting edge (less chip load on the teeth) than
ordinary milling cutters. Accordingly, less tough-
ness and edge strength are required of hob materi-
als; wear is more commonly a mode of failure. Most
hobs are made from a high-carbon version of M2,
although normal carbon levels are also used. M2
with a sulfur addition or P/M product for improved
machinability and surface finish is often used for
hobs.

Saws are quite similar to milling cutters in style
and application, but they are usually thinner and
tend to be smaller in diameter. Sizes range from
0.075 mm (0.003 in.) thick by 13 mm (2 in.) out-
side diameter to more than 6.4 mm (4 in.) thick by
200 mm (8 in.) outside diameter. Used for cutting,
slitting, and slotting, saws are available with
straight-tooth, staggered-tooth, and side-tooth con-
figuration and are made from alloys similar to those
used for milling cutters. Again, M2 high-speed tool
steel is the general-purpose saw material, but be-
cause of the typical thinness of these products,
toughness is optimized with lower hardness. Rela-
tively few saws are made from M3 or M4 high-
speed tool steels, because T15 and M42 are gener-
ally the two alternative materials to M2. M42 is
often used to machine stainless steels, aluminum,
and brass because it increases saw production life
and can be run at considerably higher speeds. T15 is
used for very specialized applications. Saws made
of high-speed tool steel are used to cut, slit, and slot
everything from steel, aluminum, brass, pipe, and
titanium to gold jewelry, fish, frozen foods, plastic,
rubber and paper.

Broaches. M2 high-speed tool steel is the most
frequently used material for broaches. This includes
the large or circular broaches that are made in large
quantities as well as the smaller keyway and shape
broaches. Sometimes the higher-carbon material is
used, but free-machining M2 is generally used be-
cause it results in a better surface finish. Powder
metallurgy products are very popular for broaches
in M2, M3 class 2, and M4 when they are used to
improve wear resistance. M4 is probably the second
most widely used material for this application. M42
and T15 are often used for difficult-to-machine ma-
terials such as nickel-base alloys and other aero-
space-type alloys.

Using a 3.2 by 13 by 305 mm (44 by % by 12in.)
flat broach, a manufacturer of high-nickel (48%)
alloy magnets made of M2 increased tool life from
200 to 3400 pieces by adding a titanium nitride
coating. A smoother surface finish was also ob-
tained. Replacing the flat broach with an uncaoted
round broach, 11.99 mm (0.472 in.) in diameter by
660 mm (26 in.) long, increased magnet production
to about 7000 pieces, an coating the round broach



660 mm (26 in.) long, increased magnet production
to about 7000 pieces, an coating the round broach
with titanium nitride increased production to about
19,000 pieces (Ref 49). Overall, the changes in-
creased production by a factor of 95.

Factors in Selecting
High-Speed Tool Steels

No single composition of high-speed tool steel
can meet all cutting tool requirements. The general-
purpose steels such as M1, M2, M7, and T1 have the
highest toughness and good cutting ability, but they
possess the lowest hot hardness and wear resistance
of all the high-speed tool steels. The addition of
vanadium offers greater wear resistance and hot
hardness, and steels with intermediate vanadium
contents are suited for fine and roughing cuts on
both hard and soft materials. The 5% V steel (T15)
is especially suited for cutting hard metals and al-
loys or high-strength steels, and it is particularly
suitable for machining aluminum, stainless steels,
austenitic alloys, and refractory metals. Wrought
high-vanadium high-speed tool steels are more dif-
ficult to grind than their P/M product counterparts.
The addition of cobalt in various amounts allows
still-higher hot hardness, the degree of hot hardness
being proportional to the cobalt content. Although
cobalt-bearing steels are more brittle than noncobalt
types, they give better performance on hard, scaly
materials that arc machined with deep cuts at high
speeds.
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The steels used for plastic molding and some die-
casting applications, designated as group P steels in
the AISI classification system, have fabrication and
performance requirements that differentiate them
from other types of tool steels. The following list,
based on literature published up to 1957, describes
some of the essential characteristics required in
mold steels (Ref 1):

«  Ease of hubbing or hubbability. This requirement is
met by low annealed hardness.

«  Machinability. When hubbing is not possible or
economical, or when hubbing must be followed by
machining, the machinability of mold steel becomes
of paramount importance.

+  Polishability is especially important in dies for
molding transparent plastics, where a smooth sur-
face on the final product is mandatory. Freedom
from inclusions, chemical and structural uniformity,
and high surface hardness are essential for good
polishability.

o Wear resistance. The flow of material into a die or
mold can cause an appreciable amount of wear, A
hard, wear-resistant surface is required.

«  High surface hardness. In addition to promoting
polishability and wear resistance, high surface hard-
ness is necessary for resistance to indentation,

«  High core strength is necessary to prevent “sinking”
of the cavity when acted upon by high pressures.

o Toughness. Dies and molds may be subjected to
shock from several sources, including mechanical
operation of opening and closing dies, injection of
plastics or alloys at high velocity, and thermal shock
of rapid heating and cooling. A tough, ductile mate-
rial is advantageous for shock resistance,

e Minimum dimensional change on hardening. Die
materials that require a minimum amount of finish-
ing to size after heat treatment are generally prefer-
able.

«  Resistance to corrosion. Some plastics are highly
corrosive. Rusting may become a problem, espe-
cially under high-humidity conditions.

Copyright © 1998 ASM International®
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Mold Steels

«  Resistance to hardness loss on tempering. Slightly
elevated temperatures are involved in the molding
of some products. A die that loses its hardness soon
shows signs of wear.

All of these requirements are still valid, espe-
cially with the current and anticipated very high
production of plastics by injection molding of ther-
moplastics and by compression molding of ther-
moset plastics, the need for high quality, the need to
maintain costs in mold manufacture, and the need
for increased life of steels in mold applications. The
need for high polishability, as achieved by low in-
clusion content and uniformity, has driven the appli-
cation of improved steelmaking and forging prac-
tices for mold steels, including vacuum degassing,
special deoxidation treatments, and electroslag or
vacuum arc remelting. In addition to the standard
grades of mold steels, as described below, martensi-
tic stainless steels are used for applications that
require corrosion resistance higher than achievable
with low-alloy carbon grades.

Hubbing, sometimes also called hobbing, is a
technique for forming mold cavities by forcing
hardened steel master hubs, which replicate the
cavities to be formed, into softer die blanks. Hub-
bing is often the least time-consuming and most
cost-effective way to fabricate die cavities, espe-
cially in multicavity molds with identical impres-
sions (Ref 2). Hubbing is restricted to relatively
simple shapes because it is not possible to hub
cavities with undercuts, and most cavities thus are
machined. Master hubs requirc high compressive
strengths and high polishability and are manufac-
tured from shock-resisting steels (S1 and S4),
oil-hardening steels (O1 and O2), or cold-work
steels (including A2, A6, D2, and D4). Water-hard-
ening tool steels will generally not harden deeply
enough to provide the high compressive strengths
required for hubbing.

Table 15-1 lists the compositions of the low- and
medium-carbon mold steels, and Table 15-2 lists
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performance factors and processing information for
these steels. There are three major groups of P-type
steels: carbon steel grades used for hubbed cavities,
carbon steel grades used for machined cavities, and
stainless steel grades. The steels of the first group
have very low carbon contents, less than 0.12%, and
must be carburized to develop high surface hardness
and wear resistance for molding applications. Wear
resistance is a function of alloy content as well as
carbon content, and the wear resistance of the car-
burized surface of the P4 steel with its high chro-
mium content approaches that of the air-hardening
cold-work die steel A2. The low carbon content of
the hardened cores of carburized P steels provides
microstructures with high toughness and shock re-
sistance. The second group of mold steels, which
includes the P20 and P21 steels with higher carbon
contents must have cavities machined and may be
carburized to increase surface hardness and wear
resistance.

Martensitic stainless steels constitute the third
type of steels used for molds. These steels are used
in applications requiring high corrosion resistance,
either because some plastics (such as polyvinyl
chloride, which may generate HC1) are highly cor-
rosive or because the general operating conditions
cause the formation of rust on cavity surfaces or
mold cooling channels. Cooling during injection
molding of plastics is critical, and although the
thermal conductivity of stainless steel is lower than
that of carbon steel, stainless steel molds perform
better than carbon steels, which have greatly re-
duced thermal conductivity because of rusting (Ref
3). The martensitic mold steels are typically modifi-
cations of AISI 4xx martensitic stainless steels and
contain 13% Cr or more and various levels of car-
bon (Ref 1, 3, 4). Nominal compositions of three
martensitic stainless steels used for molds are also
listed in Table 15-1.

Hubbing Grades

The ability to effectively create cavities by cold
working of mold steels is related to annealed hard-
ness, which in turn depends on carbon and alloy
content. Figure 15-1 shows that the depth of hubbed
cavities increases rapidly when the annealed hard-
ness of mold steels drops below 150 HB (Ref 5, 6).
Although the correlation of hubbability with an-
nealed hardness is good, some investigators have
suggested that the rate of work hardening is a better
indicator of formability during hubbing (Ref 7-9).
The P1 steel, the most readily hubbed according to
Fig. 15-1, was essentially a plain carbon steel and
thus had very low hardenability after carburizing.
The low hardenability necessitated water quench-
ing, which increased distortion on hardening. The
P1 steel is no longer widely used and has been
replaced by the P-type steels with higher, but still
moderate, alloy content for improved hardenability.
Higher hardenability makes possible martensite for-
mation during oil quenching, and the resulting more
uniform cooling, as compared to that achievable in
water quenching, results in better dimensional con-
trol during mold hardening.

Alloy design of the low-carbon mold steels is
based on a need to balance hubbing characteristics
for cavity formation and hardenability after car-
burizing. The P3 steel contains nickel, chromium,
and manganese but has relatively low workability.
The P2 grade has lower nickel content, a higher
chromium content, and a molybdenum addition to
compensate for lower hardenability due to the re-
duced nickel content. Nickel acts as a ferrite
strengthener and tends to promote high annealed
hardness. Therefore, its reduced content in the P2
grade promotes hubbability. Figures 15-2 and 15-3
show, respectively, IT diagrams for the core and
carburized case of a P2 steel. The carburized P2

Table 15-1 Composition limits for low-carbon mold steels and nominal compositions of stainless mold

steels
UNS Comp %
Type No. C Mn Si Cr Ni Mo w \J Al
Low-carbon mold steels
P2 T51602 0.10max  0.10-040 0.10-040 0.75-1.25 0.10-1.50 0.15-0.40
P3 T51603 0.10max 0.20-0.60 040max 0.40-0.75 1.00-1.50 ..
P4 T51604  0.12max 0.20-060 0.10-040 4.00-5.25 0.40-1.00
P5 T51605 0.10max 0.20-0.60 040max 2.00-2.50 (.35 max
P6 T51606  0.05-0.15 0.35-0.70 0.10-040 1.25-1.75 3.25-3.75
P20 T51620 0.28-040 0.60-1.00 0.20-0.80 1.40-2.00 0.30-0.55
P21 T51621  0.18-0.22 0.20-040 020040 050max 3.90-4.25 0.15-0.25 1.05-1.25
Stainless mold steels
13Cr-0.12C 0.12 0.40 0.25 13.00
13Cr-0.35C 0.35 0.40 0.25 13.25
17Cr-0.65C 0.65 0.30 0.30 17.00

(a) 0.25% max Cu, 0.03% max P, and 0.03% max S
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steel is usually hardened by oil quenching, and sur-
face hardness may be as high as 65 HRC.

The P5 grade contains chromium as the major
alloying element and has high hubbability and core
strength, as related to good hardenability, equiva-
lent to that of the P3 grade. It can be hardened by
quenching in oil or water and may attain surface
hardness of 65 HRC after carburizing and harden-
ing. Type P6 mold steel contains nominally 3.5% Ni
and cannot be readily annealed to hardness below
180 HB. As shown ‘in Fig. 15-1, P6 steel has low
hubbability and thus is frequently used for machine-
cut cavities. However, hardenability is good, and P6
steel molds develop core strength superior to all
other carburizing grades of mold steel except P4.
Figure 15-4 shows end-quench hardenability for P6
steel at various carbon levels (Ref 10). Hardness
goes through a maximum with increasing carbon
content. The reduced hardness at carbon levels
above 0.60% is due to increasing amounts of re-
tained austenite as carbon content increases. Figure
15-5 shows typical core properties of P6 steel as a
function of tempering temperature, and Fig. 15-6
shows the effect of carbon content on as-quenched
core properties after a simulated carburizing treat-
ment (Ref 11).

Type P4 mold steel is the deepest-hardening
grade of low-carbon mold steel, by virtue of its high
chromium and molybdenum contents, and can be
hardened by oil quenching or air cooling. The oil
quench results in a minimum of scale, and the air
cool results in a minimum of distortion. With carbon
and chromium on the low side of the range, an
annealed hardness of 95 HB is possible for P4 steel
(Ref 12). Typical compositions of P4 can be an-
nealed to hardness as low as 125 HB. As aresult, P4
hubbability is comparable to or exceeds that of P3
mold steel. Although P4 steel is readily machined in
the annealed condition, machinability can be im-
proved by first air cooling from 870 to 885 °C (1600
to 1625 °F).

After case hardening, type P4 mold steels are the
most wear resistant and least susceptible to soften-
ing on tempering of all the low-carbon mold steels.
Figure 15-7 shows the effect of tempering on case
hardness of carburized P4 steel in comparison to the
hardness of a plain carbon tool steel. The effect of
tempering on the case and core hardness of P4 steels
is shown in Fig. 15-8. Maintaining somewhat lower
surface carbon content, as was the case for carburiz-
ing in cast iron chips, results in a case which has
been found to be effective for die cavities in molds

225 ﬁ T 0.9
P1
20.0 &\2 0.8
175 P5 \ 0.7
15.0 \ 0.6
E e
5 12, 05 &
g 125 P3 5 £
3 3
5 S
£
£ 100 \ 04 &
@ \ A
o
7.5 \ 0.3
5.0 0.2
\T Wi P6
2.5 \ 0.1

I

13Cr-0.35C N
| 0

75 100 125

150 175 200 225

Hardness, HB

Fig. 15-1 Depth of hubbed cavity as a function of annealed hardness. Note the rapid increase in depth of hubbed cavity at

hardnesses below 150 HB. Data from Ref 5 and 6
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used in die casting of low-melting alloys. Table
15-3 presents the core mechanical properties of P4
steel air cooled from 955 °C (1750 °F) and tempered
at 425 °C (800 °F) (Ref 13, 14).

Machined Cavity Grades

Type P20 mold steel is a medium-hardenability
grade that is normally oil quenched. Figures 15-9
and 15-10 show, respectively, Jominy end-quench
curves and an IT diagram for P20 steel. For die
casting of low-melting alloys, P20 is often ma-
chined in the heat-treated condition at about 300 HB

Mold Steels

and placed in service without subsequent hardening
and tempering. For plastic molding applications,
P20 is frequently carburized. As-quenched surface
hardness of carburized molds may be as high as 65
HRC, but the resistance to softening of the carbur-
ized surface duwring tempering is relatively low,
comparable to that of plain carbon steel. Figure
15-11 shows the effect of tempering temperature on
the surface hardness of P20 steel pack carburized
for 2 h at two temperatures. Lull (Ref 15) has stud-
ied the effect of heat treatment, particularly car-
burizing temperature, on the polishability of P20
steel and found that carburizing temperatures in

760 1400
/ 63 HRB
1|
1 3 | ‘ &
y o
§ &0 As quenched in &5 1200 ¢
g water, 30 HRC — 70 §
Q
£ , g
2 540 36 1000 =~
Seconds Minutes Hours
425 i A 1 ek, L 1 11 1
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152 3456 810 1520 3045601.52 3456 810 1520 304560152 3456 B10 1520 30 4560
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Fig. 15-2 T diagram for P2 steel. This diagram characterizes transformation in the unhardened core of moids made from P2

steel. Courtesy of Crucible Steel Co.
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excess of 870 °C(1600 °F) are detrimental to good
polishability. The effect of carburizing temperature
on surface hardness and case depth of P20 steel is
shown in Table 15-4, and mechanical properties of
a P20 steel after a typical heat treatment are given in
Table 15-5.

Type P21 mold steel is alloyed with nickel and
aluminum and is hardened by the precipitation of a
nickel-aluminum intermetallic compound. Blanks
are solution treated by slow cooling to 705 to 730 °C
(1300 to 1350 °F) and holding at temperature for
times between 60 and 180 min, depending on sec-
tion size. Preheating should not be performed. Cool-
ing from the solution temperature can be done in air
or in oil to accelerate cooling. After solution treat-
ment, hardness is in the range of 24 to 28 HRC, and
mold cavities can be readily machined. After ma-
chining, final hardening to aged hardness between
30 and 40 HRC is accomplished by heating between
510 and 550 °C (950 and 1020 °F) for 20 h for small
sections and up to 24 h for large sections. The P21
mold steel cannot be carburized but can be nitrided.
Nitriding for 20 to 24 h at 510 to 525 °C (950 to 975
°F) produces case depths between 0.152 and 0.203
mm (0.006 and 0.008 in.) with a surface hardness
equivalent to 70 HRC. Table 15-6 lists me-
chanical properties of P21 steel in the solution-
treated and aged conditions, and Table 15-7 shows

the effect of aging temperature on specimens aged
between 20 and 24 h.

Corrosion-Resistant Mold Steels

Although not included in the AISI classification
of tool steels, the hardenable martensitic stainless
steels have long been used for mold applications
that require high corrosion resistance. Table 15-1
presents the nominal compositions of three
corrosion-resistant mold steels described in the
4th Edition of Tool Steels (Ref 1). These steels
fall into the category of steels designated as mold
steels for machined cavities. More recent refer-
ences describing the need for corrosion-resistant
mold steels were introduced earlier in this chapter
(Ref 2—4). Hardenability and performance of the
corrosion-resistant mold steels are a function of
carbon and chromium content. The steel with
13Cr and 0.12C is an oil-hardening grade of me-
dium hardenability, and effectively equivalent to
an AISI 420 martensitic stainless steel. An IT
diagram for this type of steel is shown in Fig.
15-12. The diffusion-controlled transformations are
quite sluggish, and small sections can be hardened

Table 15-4 Effect of carburizing temperature
on case depth and surface hardness for P20
mold steel(a)

Table 15-3 Core mechanical properties of P4 Carburizing temperature  Surface hardness, Case depth
mold steel air cooled from 955 °C (1750 °F) and < i HRC mm in,
tempered at 425 °C (800 °F) 845 1550 65.6 036 0014
Property Value 870 1600 64.2 043 0.017
900 1650 62.5 041 0.016
Tensile strength, MPa (ksi) 1289 (187) 925 1706 59.2 0.51 0.020
Yield strength, MPa (ksi) 1034 (150) 955 1750 58.6 0.56 0.022
Elongation in 50 mm (2 in.), % 15 980 1800 58.6 071 0.028
Reduction of area, % 53
CVN impact, J (ft-1bf) 43 (32) (a) Specimens were 25 mm (1 in.) cubes, held 2 h at temperature in carburizing
Hardness, HB 390 compound and guenched in oil. Courtesy of Teledyne VASCO
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Fig. 15-4 Hardness of type P6 mold steel along end-quench hardenability bar at various case-depth levels corresponding to
various carbon contents. Hardness at high carbon contents decreases with increasing carbon content because of increasing amounts

of retained austenite. Source: Ref 10
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by air cooling. Figure 15-13 shows mechanical
properties as a function of tempering temperature
for a 13Cr-0.12C mold steel. Tensile strength as
high as 1400 MPa (200 ksi) can be attained, and a
toughness minimum develops after tempering be-
tween 425 and 540 °C (800 and 1000 °F).

The corrosion-resistant mold steel with 13% Cr
and 0.35% C has slightly less corrosion resistance
than that of the 0.12% C steel but better wear resis-
tance. The IT diagram of the 13Cr-0.35C steel (Fig.
15-14) indicates lower hardenability for this steel
compared to that of the 13Cr-0.12C steel (Fig. 15-
12). The higher carbon content, however, makes
possible higher tensile strengths and hardness than
can be attained in the lower carbon steels (Fig.
15-15).

The corrosion-resistant 17Cr-0.65C mold steel is
similar in composition to an AISI 440A martensitic

Table 15-5 Mechanical properties of P20 mold
steel after oil quenching from 845 °C (1550 °F)
and tempering 2 h at 205 °C (400 °F)

Property Value
Tensile strength, MPa (ksi) 1310(190)
Yield strength, MPa (ksi) 1172 (170)
Elongationin 50 mm (2 in.), % 13
Reduction of area, % 51
Hardness, HRC 36-38

Tempering temperature, °F
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Fig. 15-5 core mechanical properties of carburized P6
mold steel as a function of tempering temperature. AQ, as
quenched. Source: Ref 11

Moid Steels

stainless steel and is the most wear resistant of the
martensitic types of stainless mold steels. Figure
15-16 shows an IT diagram for a 17Cr-0.65C mold
steel, and hardness as a function of tempering tem-
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Fig. 15-6 Core mechanical properties of P6 mold steel
as a function of carbon content. Specimens were oil quenched
from 900 to 925 °C (1650 to 1700 °F). Source: Ref 11
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Fig. 15-7 Comparison of the effect of tempering tem-
perature on carburized surface hardness of P4 steel and W1
carbon tool steel. The P4 steel was carburized at 925 °C (1700
°F) for 8 h and oil quenched. Courtesy of Uddeholm Co.
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Table 15-6 Mechanical properties of P21 mold steel

Yield streng Elongation in

Tensile strength (02 % offset) 50 mm (2in.), Reduction Hardness
Condition MPa ksi MPa ksi % of area, % HRC HB
Solution treated 862 125 586 85 24 59 26 max 262 max
Aged 1234 179 1138 165 16 40 36-39 341-375

Table 15-7 Effect of aging temperature on
hardness of P21 mold steel

Aging temperature Hardness,
°C °F HRC
510 950 3841
525 975 36-39
540 1000 34-38
550 1025 29-34
565 1050 27-32

(a) Aging time, 201024 h

perature is shown in Fig. 15-17. For a high-carbon,
high-chromium mold steel specimen quenched
from 1040 °C (1900 °F) and tempered at 150 °C
(300 °F), the vltimate tensile strength is 1827 MPa
(265 ksi), but ductility is low, with an elongation of
3.7% in a gage length of 50 mm (2 in.) and a
reduction of area of 11.5%.

Forging, Annealing,
and Stress Relieving

Table 15-2 lists forging temperatures for the various
mold steels. No special precautions are necessary. It is
desirable to slow cool oil- and air-hardening grades
after forging, either in a furnace or an insulating me-
dium such as lime or ashes. The annealing tempera-
tures given in Table 15-2 are for full annealing;
after cooling slowly from these temperatures, op-
timum machinability or hubbability should result.
For a machine-cut mold, it is often advantageous to
stress relieve prior to final finishing in order to mini-
mize dimensional changes on hardening. Similarly,
hubbed molds may require several intermediate stress-
relief treatments before the cavity has been sunk to the
desired depth. Recommended stress-relief tempera-
tures increase with alloy content. P3 and P6 steels
should be stress relieved at temperatures between 675
and 695 °C (1250 and 1280 °F); P2, PS5, and P20 steels
between 705 and 730 °C (1300 and 1350 °F); and P4
and the stainless mold steels between 745 and 775 °C
(1375 and 1425 °F).

Carburizing, Hardening,
and Tempering

The molds made from low-carbon steels in which
cavities are formed by hubbing are invariably car-
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Fig. 15-8 Case and core hardness of P4 steel as a func-
tion of tempering temperature. Curves A and B are from speci-
mens pack carburized in charcoal and cast iron chips, respec-
tively. Courtesy of Carpenter Steel Co.

burized before hardening and tempering, and molds
made from P20 steel, with its higher carbon content,
are frequently carburized when used for plastic
molding. It is extremely important that the surfaces
of parts to be carburized be as clean as possible,
because foreign matter on surfaces may lead to
nonuniform carburizing, which in turn leads to pol-
ishing difficulties. Carburizing is a well-established
heat-treating technology and can be accomplished
by gas carburizing, pack carburizing in solid
carbon-containing compounds, liquid carburizing
in salt baths, vacuum carburizing, and plasma or ion
carburizing (Ref 16). Carburizing temperatures
range from 870 to 925 °C (1600 to 1700 °F), with
carburizing times ranging between 2 and 24 h de-
pending on the desired case depth.



Austenitizing temperatures for hardening mold
steels and the usual tempering temperature ranges
are shown in Table 15-2. All the low-carbon hub-
bing grades and P20 are typically cooled in air or in
the pack after carburizing and are therefore reheated
for hardening. Reheating for hardening at tempera-
tures below A produces a dispersion of small
carbide particles and a fine austenite grain size. This
structure then transforms on quenching to a fine
martensitic microstructure of high hardness and low
susceptibility to intergranular cracking (Ref 17).
The carbide particles retained on austenitizing are
incorporated into the martensitic structure, and the

Mold Steels

retained austenite content of reheated and hardened
case microstructures is low. Mold steels with higher
hardenability, such as P4, can be hardened by air
cooling directly after carburizing, but the retained
austenite content may be high and the hardened
microstructure will be susceptible to intergranular
cracking (Ref 17, 18). The retained austenite content
can be reduced by refrigeration at subzero tempera-
tures, but reheating, as noted above, may more effec-
tively lower retained austenite and increase hardness.

Austenitizing, quenching, and solution treating
of type P21 mold steel are usually done by the tool
steel manufacturer. Therefore, the only heat treat-
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Fig. 15-9 Jominy end-quench hardenability curves for type P20 mold steel after quenching and tempering at indicated

temperatures for 2 h. Courtesy of Teiedyne VASCO
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ment required after machining is relatively low-
temperature aging between 510 and 540 °C (950 to

Tempering temperature, °F
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Fig. 15-11 Effect of tempenng temperature on the sur-
face hardness of carburized P20 steel. Curve A is for specimens
carburized at 845 °C (1550 °F) and curve B is for specimens
carburized at 900 °C (1650 °F). Courtesy of Q.l. Lemmer,
Teledyne VASCO

1000 °F) for 20 to 24 h. No surface protection is
necessary during the aging treatment. Type P21 can
be simultaneously nitrided and aged in one opera-
tion. Once P21 steel is nitrided, it is very difficult
to resoften or remove the nitrided case.

Tempering of mold steels requires no special
precautions. For plastics molding, a surface
hardness near 60 HRC is advantageous for
polishability and wear resistance, while molds
for die casting of low-melting alloys are oper-
ated satisfactorily at a hardness of about 50 HRC
or lower. To ensure structural stability and hard-
ness retention during operation, a tempering
temperature close to maximum operating tem-
perature of the mold is desirable, though not
always mandatory. Tempering of the martensitic
stainless grades in the temperature range of 425
to 595 °C (800 to 1100 °F) should be avoided
because of attendant embrittlement and loss of
corrosion resistance after tempering in this
range.

Selection and Applications
of Mold Steels

Major applications for mold steels are for molds
with cavities for plastics molding and die casting of
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Fig. 15-12 7 diagram for a 13Cr-0.12C moid steel austenitized at 980 °C (1800 °F). Courtesy of Crucible Steel Co.

300



low-melting alloys such as tin, zinc, and lead alloys.
Certain mold steels are used for backing plates,
cavity plates, and spacer blocks. Type P20 is a

B

o Tempering temperature, °F

=

o AQ 500 700 900 1100 1300

Q 240 T T T T 1450
- $ 220 I\ Brinell hardness __| 400
X - m
£ 8 200 350 T
55 ) %
$'5 180 — Tensile strength 300 &
E -,5__ 160 . 250 }i?
ko] -yl \\ T
>B 140 I~ Yield strength 200
2= (0.2% offset)
S N
@TQ 120 [—1 150
£
5= 100 >
°3 W4
%Y 80 ]
oE Reduction of area /
a E 60 -
53 /
% a0 izod /

s 20 — -

= Elongation

o 0  —

& AQ 260 370 480 595 705

w

Tempering temperature, °C

Fig. 15-13 Mechanical properties of a hardened 13Cr—
0.12C mold steel as a function of tempering temperature. Speci-
mens were quenched in oil from 980 °C (1800 °F) and tempered
for 3 h at the various tempering temperatures. Courtesy of
Crucible Steel Co.

Mold Steels

convenient reference material for comparing mold
steels. Tables 15-1 and 15-2 show that P20 is low in
alloy content and yet has adequate hardenability for
all except the largest cavities. P20 steel is hardened
by oil quenching from a relatively low temperature,
and dimensional changes on hardening are not as
great as with water-hardening steel grades. It cannot
be hubbed easily but is the most easily machined
mold steel. P20 has sufficient wear resistance for
intermediate-length production runs and can be car-
burized if greater wear resistance or surface hard-
ness is required. It is suitable for either molding
plastic or die casting of low-melting alloys. Higher
alloy modifications of P20, with higher hardenabil-
ity and wear resistance, have been used in the past
(Ref 1), but these grades are no longer listed in the
AISI classification system.

Type P21 mold steel can develop a maximum
hardness of 40 HRC and has wear resistance and
toughness comparable to that of P20 steel heat
treated to the same hardness. Although P21 steel is
less easily machined than P20, it requires no surface
protection during its unique low-temperature aging
treatment.

If toughness greater than that of type P20 is desir-
able with a minimum sacrifice in strength, as in
large dies subject to severe shock, then mold steels
P4 and P6 should be considered. Type P6 steel has
better machinability than P4.

Although chromium plating can be used to pre-
vent corrosion of mold surfaces, it is often more
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Fig. 15-14 17 diagram for a 13Cr-0.35C mold steel. Courtesy of Crucible Steel Co.
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desirabletomaketheentiremold fromcorrosion-re-
sisting steel. This eliminates the possibility of spall-
ing of the plating and the rounding off of sharp
corners that occurs on plating. The martensitic
stainless steels are all suitable for molding of highly
corrosive plastics, such as the urea and vinyl types,
and will resist the rusting associated with high-hu-
midity atmospheric conditions. The 13Cr-0.12C
grade is at least equivalent to P20 in wear resistance
and toughness, but cannot be treated to a hardness
much above 43 HRC. The martensitic stainless
steels must be quenched and tempered to develop
corrosion resistance, but embrittlement and loss of
corrosion resistance occurs on tempering between
425 and 595 °C (800 and 1100 °F) and limits the
hardness levels that can be produced by tempering.
The 17Cr-0.65C grade is the most wear resistant of
the corrosion-resisting types, equaled only by P4 in
the carburized condition, but has the lowest tough-
ness of any of the mold steels. The martensitic
stainless steel grades, in addition to being widely
used in plastics molding, are used for the demand-
ing manufacture of molds for many glass products,
including glass screens for television sets and com-
puters (Ref 19). Glass manufacture requires high
wear resistance, resistance to scaling, high-tempera-
ture strength, and high polishability.

To aid in the selection of mold steels, Table 15-8
ranks the various mold steels with respect to prop-
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Fig. 15-16 v diagram for a 17Cr-0.65C mold steel. Specimens were austenitized at 1040 °C (1900 °F). Courtesy of Crucible
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erties related to mold manufacture and perform-
ance. This table includes and supplements the data
of Table 15-2 by incorporating factors such as hub-
bability and corrosion resistance. Steels with
equivalent properties are grouped, and the groups
are arranged in order of decreasing property value.
For example, P4 in the carburized condition and the
17Cr- 0.65C stainless have equivalent wear resis-
tance and the highest wear resistance of all the
alloys.

Tempering temperature, °F
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40
AQ 95 205 315 425 540
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Fig. 15-17 Hardness as a function of tempering tem-
perature for a 17Cr-0.65C mold steel oil quenched from 1040 °C
(1900 °F). Courtesy of Crucible Steel Co.

Table 15-8 Properties and ranking of mold steels

Molid Steels

An example of the use of Table 15-8 follows.
Assume that a mold made of uncarburized P20 steel,
a steel in which cavities must be machined, has
suffered considerable wear in the compression
molding of a highly abrasive plastic, and as a con-
sequence, out-of-tolerance parts are produced long
before the required number of parts has been manu-
factured. As replacement steel, P21 with equivalent
wear resistance can be eliminated from considera-
tion. Types P3 and P2 in the carburized condition
have higher wear resistance, but lower core
strength, and in an application with high compres-
sion would not be suitable. Carburized P20 and P6
steels would be good solutions to the wear prob-
lem. However, on the basis of machinability, the P6
steel ranks lower than the P20, and this considera-
tion might be the deciding factor.
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CHAPTER 16

Surface Modification of Tool Steel

Tool steels are subjected to severe wear, high stresses,
elevated temperatures, and corrosive environments. By
virtue of alloy content, thermomechanical processing,
and heat treatment, tool steels are designed to withstand
such destructive forces not only at the tool/workpiece
interface, but also to a considerable depth below that
interface. Subsurface strength is imparted by through-
hardening and is the reason for the great concern with
hardenability or depth of hardening during the final hard-
ening heat treatments of the various tool steels. Despite
the high uniform hardness and strength profiles of hard-
ened tool steels, tool surface and near-surface regions are
subjected to the most destructive forces, and, almost from
the beginning of the widespread application of tool steels,
ways to improve surface properties have been evaluated.
For example, some of the first technical papers regarding
the nitriding of high-speed tool steels were published in
the 1930s, and pack carburizing has long been used to
maintain surface carbon contents of high-carbon tool
steels during heat treatment (Ref 1).

Today many additional surface modification
technologies are available to improve the perform-
ance of tool steels. Figure 16-1 shows a variety of
currently available surface modification techniques
and compares the depth to which structure and prop-
erties are modified by the various processes (Ref 2).
Four classes of processes are identified: implanta-
tion, plating and coating, thermochemical, and ther-
mal. Implantation changes surface chemistry, simi-
lar to the other thermochemical techniques, but
because of unique processing and the associated
very shallow hardened surface layers, implantation
is often considered a separate class of surface treat-
ment. Plating, especially the chemical vapor depo-
sition (CVD) and physical vapor deposition (PVD)
processes of great importance to tool steels, depos-
its thin layers or coatings of hard materials, such as
nitrides or carbides, on substrates. Other than the
coating, little change in surface chemistry is pro-
duced. Thermochemical treatments, such as nitrid-
ing and carburizing, cause significant changes in
surface chemistry by the diffusion of atoms such as

nitrogen or carbon into a steel substrate. Thermal
treatments cause no change in surface chemistry,
but do cause localized surface heating and thereby
make possible surface hardening by austenite for-
mation on heating and subsequent transformation to
martensite on cooling.

The surface modification treatments shown in
Fig. 16-1 are applied by many processes. Some of
the treatments, such as the carburizing and nitriding
thermochemical treatments and induction and flame
thermal treatments, are well established and con-
tinue to benefit from advances in equipment and
instrumentation. However, many of the techniques
shown are of much more recent application to tool
and other steels. The newer surface modification
technologies applied to steels incorporate high-energy
beams, plasmas, magnetic and electrical fields, and
vacuum systems (Ref 3-6), and many of these tech-
niques were first developed and applied for thin-
film and circuit manufacture in electronic applica-
tions (Ref 7).

The large number of surface modification tech-
niques now available and the range of surface prop-
erties that can be produced for engineering compo-
nents have led to the interdisciplinary activity of
surface engineering, defined (Ref 2) as:

Surface engineering involves the applica-
tion of traditional and innovative surface
technologies to engineering components
and materials in order to produce a compos-
ite material with properties unattainable in
either the base or surface material. Fre-
quently, the various surface technologies are
applied to existing designs of engineering
components but, ideally surface engineering
involves the design of the component with a
knowledge of the surface treatment to be
employed.

With respect to selection of surface treatment,
coating thickness, as noted in Fig. 16-1, is a critical
design parameter. Some coatings—for example,
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those produced by PVD and CVD processes—are
quite thin but provide excellent surface wear resis-
tance and lower friction at tool/workpiece inter-
faces. However, applications subjected to high
bending or contact stresses require deeper case
depths, as provided, for example, by thermochemi-
cal or thermal surface modification techniques. The
alloy and processing design of tool steels provides
high through-hardened strength and hardness;
therefore, tool steels do not benefit from the tradi-
tional thermochemical and thermal techniques to
the same extent as surface-hardened low-carbon and
medium-carbon steels which have lower through-
hardened strengths. Thus, with the exception of the
low-carbon P-type mold steels, as described in
Chapter 15, tool steels are rarely carburized. How-
ever, the concept of composite design, where a ce-
ramic layer is deposited on a steel substrate, has
greatly expanded the performance of tool steels.
Figure 16-2 shows hardness ranges achievable by
various heat treatments and surface coating tech-
niques and materials (Ref 8). Nitriding and various
oxide, boride, carbide, and nitride coatings provide
substantially higher surface hardnesses compared to

um
101 1 10 102 103 104
PVD
CcvD
| Electroless nickel

D Composite

hermal spraying

! Surface welding | :]

on implantation

I | Anodizing

| Boronizing
Nitriding | | I

|
Carbonitriding |

[

Nitrocarburizing [

Surface alloying ::
| | |
Thermal hardening [

[ Plating and coating [2] Thermochemical
[ Implantation E=3 Thermal

-

I

Fig. 16-1 Cassification of surface modification proc-
esses and comparison of typical depths of surfaces modified by
the various processes. Source: Ref 2
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those of hardened steel substrates and provide a
major driving force for surface modification of tool
steels.

Oxide Coatings

Oxide coatings improve the performance of hot-work
and high-speed tool steels. In the hot-work steels, an
adherent black oxide scale forms during the course
of heat treatment. This scale is very resistant to
abrasion and helps to hold die lubricants. If the scale
is removed by grinding or polishing after heat treat-
ment, a die may be reheated in air to a temperature
below the final tempering temperature to re-form
the protective oxide scale.

Techniques such as exposure to steam at tempera-
tures of about 565 °C (1050 °F), or heating in liquid
sodium hydroxide/sodium nitrate salts for 5 to 20
min at 140 °C (285 °F), are used to produce hard
oxide coatings on high-speed steel cutting tools
(Ref 6). Black, oxidized layers less than 5 um (0.2
mil) thick are produced on the surfaces of the tools
by these treatments. These oxide layers are remark-
ably adherent under service conditions and result in
significant increases in cutting tool performance
and life, as shown in Tables 16-1 and 16-2.

Nitriding

Nitriding is a thermochemical surface treatment
that introduces nitrogen into the surfaces of steels in
the ferritic or tempered martensitic condition. Thus,
in contrast to carburizing, which introduces carbon

into austenite at high temperatures and therefore
necessitates quenching to martensite with its atten-
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Fig. 16-2 Ranges of surface hardness produced by vari-
ous surface modification treatments. Source: Ref 8



dant volume changes, nitriding is accomplished
with very little distortion and dimensional change.
Nitriding is commonly applied to medium-carbon
steels containing strong nitride-forming elements
such as chromium, aluminum, vanadium, tungsten,
and molybdenum, which are also major components
of tool steels. Therefore, tool steels—including
H11,H12, and H13 hot-work steels; A2, A6, D2,
D3, and S7 air-hardening steels; M2 and M4
high-speed steels; and P20 plastic mold steel—
benefit from nitriding. The various tool steels are
commonly nitrided by conventional gas nitriding
(Ref 9, 10) and, more recently, by plasma or ion
nitriding (Ref 11), as described later in this section.
Salt bath treatments are also used for the nitriding
of tool steels, and often the composition of the
molten salts used introduces carbon as well as nitro-
gen into the surface of workpieces (Ref 12, 13).
These treatments thus are referred to as nitrocar-
burizing surface treatments (Fig. 16-1). The liquid
nitriding treatments find especially wide use in the
surface modification of low-carbon steel automotive
components but are also applied to various types of
tool steels, including high-speed steels (Ref 13, 14).
As nitrogen diffuses into a tool steel, it combines
with alloying elements to form very fine nitride
precipitate particles or zones consisting of atom
layers of substitutional alloying elements and inter-
stitial nitrogen atoms (Ref 15). The distributions of
very fine, closely spaced nitride particles dispersed

Surface Modification of Tool Steel

in tempered martensite produce very high hardness
(>1000 HYV, Fig. 16-2) compared to conventionally
hardened and tempered steels. The alloy nitrides are
also quite stable and resist coarsening to tempera-
tures, generated by friction or operation, on the
order of those typically used for nitriding, about 500
°C (930 °F). Therefore, nitriding produces excellent
wear, galling, and seizing resistance during metal-
to-metal contact. Figure 16-3 shows examples of the
hardness gradients produced by gas nitriding Hl11,
H12, and D2 tool steels for various times at 525 to
540 °C (975 to 1000 °F) (Ref 9). Increasing tool
steel chromium content lowers the depth of harden-
ing for a given nitriding time

Nitriding is most commonly performed by expo-
sure to ammonia gas atmospheres at temperatures
between 495 and 565 °C (925 and 1050 °F). The
ammonia dissociates on the surface of the steel
according to this reaction:

NH; =N +3H (Eq 16-1)

and the resulting nitrogen atoms are adsorbed at the
surface of the steel and diffuse into the tool interior.
Because of the relatively low nitriding temperatures
and the fact that the nitrogen combines with the
alloying elements as it diffuses into the steel, nitrid-
ing times are quite long, ranging from 10 to 130 h
depending on the steel and the application. Nitrided

Table 16-1 Machining tool life improvements due to steam oxidation

Tool life
Tool Application Before steam treating After steam treating
M2 broachers Cutting AISI 1010 latch 20h per grind 70h per grind
M2 drilis Drilling Bakelite plastic insulating blocks 10 holes 25 holes
Phenolic terminal plates 1700 holes per grind 8500 holes per grind
Drilling AISI 4030 steel 25 mm (1 in.) 17 holes 81 holes
thick
M7 end mill tools Cutting 8740 steel forgings 30 pieces 200 pieces
A6 hobs Cutting teeth on AISI 3140 forged gear . 62.2% increased life
M2 milling cutters Two slots in 1020 steel 150 cuts per grind 306 cuts per grind
Slotting 1020 steel bars 2000 per grind 7000 per grind
M2 saw blades Cutting 75 mm (3 in.) rods, austenitic 100% endurance at 0.52 m/s 120% endurance at 0.57 in/s
steel (102 sfm) (112 sfm)
M2 taps Cutting SAE 52100 steel 1800 pieces 3000 pieces

Table 16-2 Effect of steam oxidation on tool life in forming various carbon steel nuts and bolts

Application Tool life
M2 tool (steel type) Before steam treating(a) After steam treating(b)
4th station punch Castle nut (1030) 21,000 nuts 42,000 nuts
4th station punch Slotted insert nut (1030) 22,000 nuts 38,000 nuts
4th station punch Castle nut (1030) 29,000 nuts 80,000 nuts
3rd station punch Castle nut (1110) 20,000 nuts 35,000 nuts
4th station punch Castle nut (1110) 15,000 nuts 35,000 nuts
Trim die Bolt head (1335) 7,000 bolts 16,000 bolts

(a) Hardened and triple empered. (b) Hardened, triple icmpered, and steam treated
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case depths are relatively shallow, usually less than
0.5 mm (0.02 in.), and typically on the order of 0.1
mm (0.004 in.). Prior to nitriding, hardened steels
should be tempered above nitriding temperatures in
order to produce a core structure that will not soften during
long nitriding treatments. This requirement matches
well with the relatively high secondary-hardening
temperatures used for tempering many tool steels.

Plasma or ion nitriding is the most recent modifi-
cation of nitriding applied to steels and has received
considerable attention in the technical literature
(Ref 16-19). Plasma nitriding is accomplished in
vacuumtight, cold-wall chambers in which the
workpiece is made cathodic (negative), and the
chamber walls are anodic and grounded. Figure 16-
4 shows a schematic diagram of an ion-nitriding
system (Ref 5). First hydrogen, for heating and
cleaning the workpiece surfaces, and then a mixture
of hydrogen and nitrogen, for the nitriding stage, are
added to the chamber. An applied direct-current
(dc) potential across the workpiece and the chamber
wall creates a plasma. The plasma consists of ions,
electrons, and charged and neutral atoms and mole-
cules and, in the voltage-current combinations used
for ion nitriding, creates a uniform purple glow
around the cathodic workpiece. The nitrogen atoms
diffuse into the workpiece, which generally is heated
to nitriding temperatures by the impact of the plasma-
driven nitrogen ions and atoms, without the need for
external heating. Newer system designs, however, may
use external heat to reduce cycle times.
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Support
insulators
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A major advantage of plasma nitriding is the
enhanced mass transfer of high-energy nitrogen
molecules and ions to steel surfaces under the action
of an electric field. The penetration of the nitrogen
atoms into the steel is, of course, still controlled by
diffusion and nitride formation. Other advantages of
ion nitriding in comparison to conventional gas ni-
triding include safety, lower temperatures of opera-
tion (as low as 375 °C, or 700 °F), reduced distor-
tion, reduced gas consumption, reduced energy
consumption in cold-wall furnaces, clean environ-
mental operation (Ref 17), and good control of the
brittle iron nitrides that sometimes form on the sur-
face of nitrided parts (Ref 20).

Although improved wear and corrosion resis-
tance are major benefits of the high surface hardness
and surface compressive stresses produced by ni-
triding, toughness of tool surfaces is reduced (Ref
11). As a result, spalling or chipping of tools and
dies may occur on nitrided edges in some applica-
tions. In such cases, reducing nitrided surface hard-
ness and reducing case depth are recommended to
improve performance (Ref 11).

lon Implantation

Ion implantation is a surface modification proc-
ess by which surface chemistry and properties are
modified by ions forced into workpiece surfaces by
very-high-energy beams (Ref 3, 21-23). Figure 16-1
indicates that ion implantation represents a unique
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Fig. 16-4 Schematic of a typical ion-nitriding vessel. Source: Ref 19
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class of treatments and that the depth of the affected
surface zone is quite shallow. The ion beams are
produced in a source or gun that ionizes gas mole-
cules by electrons emitted from a source at an en-
ergy of about 100 to 200 eV (Ref 22). The ion beam
is then focused and extracted from the source by an
exit electrode. Figure 16-5 shows a schematic dia-
gram of a typical ion source. Ion implantation is a
fine-of-sight process; that is, only areas directly
exposed to the beam are implanted. For coverage of
areas larger than the ion beam, the specimen must
be translated or the ion beam rastered over the speci-
men surface.

The ion implantation process imparts high
strength, high hardness, and residual compressive
stresses into substrate surfaces by the lattice dam-
age induced by the ion impact. Point defects, such
as vacant lattice sites and ions and atoms forced into
nonequilibrium interstitial sites, as shown schemati-
cally in Fig. 16-6, account for much of the structural
change. The implantation is usually carried out
close to room temperature; therefore, the case depth
is largely determined by ion trajectories during im-
pact rather than atomic diffusion. However, heat is
generated by the ion bombardment, and some short-
range diffusion and fine-scale precipitation may
take place (Ref 22).

Any kind of ion can be implanted, but nitro-
gen is commonly implanted in steels to improve
near-surface corrosion resistance and tribological
properties. As noted above, the case depths pro-
duced by ion implantation are very shallow, on the
order of 0.2 um (0.008 mil) compared to nitrided
case depths of typically 100 um (4 mils). The low
temperatures of ion implantation result in almost no
distortion. Hoyle (Ref 13) reports that ion implanta-
tion of nitrogen into M2 steel thread-cutting dies for
cast iron and gear cutting tools results in increased
life, but that very little improvement in the life of
high-speed steel drills results from ion implanta-
tion. Minimal improvements in life may be a result
of the very thin case depths of ion-implanted sur-
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Fig. 16-5 Schematic of a typical ion source. Shown are
an electron-emitting filament, anode, provision for gas input, and
the ion extraction system. Source: Ref 22
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faces and the softening of these layers by heat gen-
erated in applications such as cutting tools. Ion-im-
planted forming tools not subjected to significant
heating may benefit significantly from enhanced
surface properties induced by ion implantation.
Several tool steel applications where ion implanta-
tion has improved wear resistance have been
listed by Hirvonen (Ref 24), and improvements
in wear resistance of hardened M2, D2, and 420
steels by nitrogen implantation have been de-
scribed (Ref 25). Various tool steel parts and
the benefits of ion implantation to the associ-
ated cutting and forming performance of those
parts are described in Ref 10.

Ion beam bombardment may be superimposed on
other surface modification techniques. For example,
a thin coating applied by a PVD technique, as de-
scribed below, may be subjected to ion bombard-
ment. In addition to the creation of point defects in
the collision zone, the impact of the ion beam may
cause displacement of some of the coating atoms
into the substrate. This process is illustrated on a
schematic atomic scale in Fig. 16-7, where simulta-
neous coating deposition by evaporation and ion
bombardment are shown (Ref 22). The mixing of
the coating and substrate atoms lends the term “ion
beam mixing” to this process and results in excel-
lent bonding and adhesion of the coating. When the
ion beams are applied concurrently with the coat-
ing deposition technique, the combined process-
ing is referred to as ion-assisted coating (IAC) or
ion-beam-assisted deposition (IBAD) (Ref 22,
23). Middleton et al. (Ref 26) have recently
evaluated the rolling contact fatigue behavior of
M50 IBAD coated with titanium nitride and
found increases in life and excellent adherence of
the IBAD coatings.

Chemical and Physical Vapor
Deposition Processing

Two quite different processing approaches are
used to deposit the thin coatings or layers of ceramic
compounds that provide dramatic improvements in
wear resistance and life to hardened tool steel sub-
strates. Physical vapor deposition physically gener-
ates and deposits atoms or molecules on substrates
in high-vacuum environments. The atom flux that
impinges on a substrate may be generated by a
number of techniques, as described below. Chemi-
cal vapor deposition exposes substrates to gaseous
reactants that chemically react to produce the de-
sired surface coating products. Many of the terms
used relative to PVD and CVD processing, as well
as to other surface modification techniques, have
been defined and illustrated in a recent publication
(Ref 27).

The PVD processes are accomplished in high
vacuums and the coating atoms travel relatively



large distances without collisions (Ref 28). As a
result, the PVD processes are line-of-sight proc-
esses. The CVD processes are accomplished at atmos-
pheric pressures and therefore have better throwing
power, or the ability to uniformly coat complex
shapes, than do the PVD processes. Physical vapor
deposition processes for titanium nitride coatings are
typically applied at substrate temperatures of about
500 °C (930 °F), whereas substrate temperatures in
CVD processes are higher, typically about 1000 °C
(1830 °F). Thus, tool steels coated by PVD processes
need not be heat treated subsequent to deposition,
whereas tool steels coated by CVD processes must be
hardened after coating. Despite reheating, the harden-
ing treatments applied to CVD TiN-coated D2 steel
have been found to maintain homogeneous, defect-
free coatings and residual surface compressive
stresses of about —1000 MPa (-145 ksi) (Ref 29).
Coating atoms in PVD processes may be gener-
ated by evaporation, sputtering, or ion plating in

Surface Modification of Tool Steel

vacuum environments. When gases such as nitro-
gen, methane, or oxygen are introduced into the
vacuum chambers, the metal atoms react with the
gas atoms to form nitrides, carbides, or oxides, and
the PVD processes are referred to as reactive proc-
esses. Evaporation is accomplished by heating
source materials in high vacuums (10-% kPa, or 7.5
% 1076 torr, or better) to cause the thermal evapora-
tion of atoms or molecules that travel through the
vacuum and deposit on a substrate surface (Ref 30).
Deposition processes based solely on evaporation
are being replaced by more efficient sputtering or
ion-plating processes using glow discharge plas-
mas.

Sputtering is a PVD coating process in which
atoms are ejected mechanically from a target by the
impact of ions or energetic neutral atoms. Figure
16-8 shows schematically the mechanism of sput-
tering in a simple diode system (Ref 31). The cham-
ber is initially evacuated, then backfilled with argon
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gas, and the target is made cathodic or negative by
the application of a dc potential between —500 and
—5000 V. A low-pressure glow discharge plasma is
produced around the target cathode, creating posi-
tively charged argon ions that are accelerated to the
target. The momentum transfer due to the impact of
the argon ions is sufficient to eject target atoms that
travel to the substrate and other parts of the cham-
ber. The mechanical transfer of atoms by sputtering
is more readily controlled than transfer of atoms by
thermal evaporation, and the sputtered atoms have
higher energies (Ref 30).

Simple diode sputtering systems have relatively
low rates of deposition. Thus, improved sputtering
systems, with magnetic fields applied at the targets,
have been developed. The resulting process is re-
ferred to as magnetron sputtering, shown schemati-
cally in Fig. 16-9 (Ref 31). The magnetic fields trap
secondary electrons generated by the target and
greatly increase ionization in the cathode plasma.
Thus, more argon ions strike the target, and sputter-
ing and deposition rates are significantly increased
relative to diode sputtering. A more recent modifi-
cation of magnetron sputtering is unbalanced mag-
netron sputtering (Ref 32). In this process (in con-
trast to conventional magnetron sputtering, where
the magnetic field is closely restricted to the target),
magnets are arranged to create a plasma that extends
between the target and the substrate, with attendant
benefits of ion bombardment at the substrate. As a
result, unbalanced magnetron sputtering is capable
of producing fully dense coatings on large, complex
surfaces (Ref 32).

Ion plating, also referred to as plasma-assisted
PVD or evaporative-source PVD, is a plasma-as-
sisted deposition process in which the coating at-
oms are generated by thermal evaporation from an
appropriate source (Ref 30, 33, 34). The sources
may be electrically heated wire, arc, electron beam,
or hollow cathode designs. The source is made the
anode, and the substrate becomes the cathode by the
application of a dc or radio-frequency (rf) voltage
ranging between —500 and ~5000 V. In the resulting
substrate cathode glow discharge, atoms and ions
are accelerated at high energies to the substrate
coating. The bombardment of the substrate by the
high-energy particles produces dense coatings with
excellent adhesion, and the cathode glow discharge
enhances substrate coverage. The diode ion plating
systems have been further improved by designs
which enhance ionization with ion currents that can
be controlled independently of the bias voltage be-
tween the evaporative source and the substrate (Ref
31, 34). These modified PVD system designs are
referred to as triode ion plating systems.

Chemical vapor deposition produces surface
coatings by chemical reactions at the surfaces of
heated substrates, as shown schematically in Fig.
16-10. Gaseous reactants are introduced into a reac-
tor, which may be of cold-wall or hot-wall design,
then chemically react at the surface of a heated
substrate, deposit a solid coating, and create gase-
ous reaction products that are ecxhausted from the
reactor (Ref 35). General equations for CVD car-
bide and nitride ceramic coatings deposited on tool
steels are of the form (Ref 27):

Substrate

Mixed layer

-

Newly formed
coating

Evaporator

Fig. 16-7 Schematic of ion-beam-assisted deposition and mixing of ions and atoms in and below evaporation coating. Source:

Ref 22
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MCI, + H, + 0.5N; = MN + xHCl (Eq 16-2)

MCI, + CHy = MC + xHC1 (Eq 16-3)

Specific reactions for TiN and TiC coatings include
(Ref 35, 36):

TiCl, + CHy = TiC + 4HCI (Eq16-4)
TiCl, + 4N, + 2H, = TiN + 4HCI (Eq 16-5)
TiCl, + NH; + Y4H, = TiN + 4HCl (Eq 16-6)

Often, for improved adhesion, TiN coatings on
tool steels are combined with very thin undercoat-
ings of titanium carbide or titanium carbonitride.
The deposition temperatures for the CVD TiC and
TiN coating reactions are relatively high, around
1000 °C (1830 °F). However, CVD deposition tem-
peratures can be lowered if the CVD reactions are
carried out in an environment of glow discharge
plasmas maintained at the substrate/vapor interface
(Ref 37). These processes are referred to as plasma-
assisted chemical vapor deposition (PACVD) proc-
esses, and such techniques can lower substrate
deposition temperatures to the range between 500
and 600 °C (930 and 1110 °F). The CVD and
PACVD processes have also been used to deposit
diamond and diamondlike coatings on substrates
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Fig. 16-8 Schematic of sputtering mechanisms. Source:
Ref 31
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from gaseous mixtures of hydrogen and hydrocar-
bons, and these coatings show promise for im-
proved performance in cutting tool applications
(Ref 36, 37).

CVD and PVD Coating Structure
and Performance

The thin coatings produced on tool steels by CVD
and PVD deposition processes tend to have very
fine microstructures because of rapid cooling dur-
ing deposition, but coating morphology, structure,
and adhesion are quite sensitive to deposition pa-
rameters such as the energy of the incident atoms,
substrate temperature, and sputtering gas pressures
(Ref 30). The coatings are generated by nucleation
and growth processes that first involve the adsorp-
tion of incident atoms, referred to as adatoms, on a
substrate surface. The adatoms then diffuse on the
substrate surface to preferred bonding sites such as
ledges or vacancies or to growing clusters of atoms
that become the nuclei of the crystals, which will
grow to create the coating.

Three different coating growth mechanisms, as
reviewed by Rigsbee (Ref 30), have been identified:

7

High voltage

1 Magnets

| - Cathode

Target

' /| Electric
field

Magnetic Sputtered atoms

field

I /l Substrates

Fig. 16-9 sSchematic of magnetron sputtering. Source:

Ref 31
Reactor
Reactants ~  ...... ~ JERETEE Reaction
> Lt products >
Coating 11— }
Substrate

Fig. 16-10 schematic of CVD deposition processes in a
cold-wall reactor. Source: Ref 35
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(1) three-dimensional island or Volmer-Weber
growth, (2) two-dimensional layer-by-layer or
Frank-van der Merwe growth, and (3) initial
layer-by-layer growth followed by island growth.
The latter mixed-mode growth is referred to as
Stranski-Krastanov growth. The first mode consists
of the formation of clusters, the growth of individ-
ual islandlike clusters to critical size, and the even-
tual impingement of the islands to produce a con-
tinuous film. Layer growth is typical of systems
where adatoms have high surface mobility and bind
more strongly to substrate atoms than with each
other to form clusters, The mixed-mode growth may
be due to initial epitaxial layer growth, which is
terminated at some point by the buildup of residual
stresses that produce defect sites for island nuclea-
tion and growth.

Figures 16-11 and 16-12 show schematic dia-
grams of coating microstructures and morphologies
that may develop as a function of substrate tempera-
ture and argon pressure during sputtering. Figure
16-11 was developed for evaporated coatings by
Movchan and Demchishin (Ref 38) for evaporated
coatings, and Fig. 16-12 was developed for sput-
tered coatings by Thornton (Ref 39, 40). The Thorn-
ton diagram subdivides the zone 1 structures formed
at low substrate temperatures into two zones, zone
1’ and zone T, to account for variations induced by
sputtering.

Zone 1 coating morphologies are porous and con-
sist of conical arrays of crystallites that taper from
narrow nucleating clusters to broader, dome-shaped
crystals with increasing film thickness. The rounded
surfaces of these tapered crystals produce relatively
rough coating surfaces. The tapered morphology is
a result of low adatom surface diffusivity at low
substrate temperatures (Ref 30, 41). Few nuclei de-
velop as a result of the low surface diffusivity.
Those nuclei, which do grow effectively, shield or
shadow intervening areas from incident atoms; con-
sequently, a high degree of porosity is incorporated
between the growing tapered crystallites. In addi-
tion, there is accumulating evidence that the tapered
zone microstructures contain a very high density of
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Substrate temperature, T/Tp,

Fig. 16-11 Schematic of structural zones in PVD coat-
ings as a function of substrate temperature as proposed by
Movchan and Demchishin. Source: Ref 38
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atomic scale microvoids and that sputtering pro-
duces a more imperfect fine structure than does
thermal evaporation (Ref 41). As shown in Fig.
16-12, higher argon pressures shift the boundaries
of zone 1 to higher substrate temperatures. This
shift is due to increased vapor scattering of incident
sputtered atoms, a process that effectively reduces
adatom energy and therefore adatom surface mobil-
ity.

Zone T microstructures are transition micro-
structures formed at higher substrate temperatures.
The coatings are denser and the coating surfaces are
smoother than zone 1’ microstructures because of
increased adatom surface diffusion at higher sub-
strate temperatures. These transition micro-
structures are still very fine and are characterized by
columnar crystal growth. Increased substrate sur-
face diffusion and bulk diffusion in coatings are
reflected in the coatings that form in zone 2, where
coarser columnar crystals nucleate and grow, and in
zone 3, where coarse columnar and even equiaxed
crystals may grow. Crystal perfection increases with
deposition at increasing substrate temperatures.
Figures 16-13 and 16-14 show examples of tapered
crystal morphology and columnar crystal morphol-
ogy, respectively, in PVD coatings deposited by
reactive triode ion plating (Ref 42-44),

Many high-speed tool steels for cutting and ma-
chining and tool steels for hot and cold working are
coated with CVD and PVD coatings such as TiN,
Examples of the improvements in tool life attain-
able by TiN coating of cutting tools are shown in
Table 16-3 (Ref 10). Matthews (Ref 33) has re-
viewed many of the commercial PVD processes
used to apply TiN coatings and also has documented
the dramatic improvements in performance that are
possible with application of the coatings. Coatings
produced by the various processes range in thick-
ness from less than 1 pm (0.04 mil) to 6 pm (0.24
mil) and give the tools a uniform gold color. Depo-
sition temperatures are 500 °C (930 °F) or lower.

Fig. 16-12 Schematic of structural zones in PVD coat-
ings as a function of substrate temperature and argon pressure
in sputtering as proposed by Thomton. Source: Ref 39, 40



The hardness of the coatings for TiN are typically
around 2500 HV but are a function of coating com-
position (Ref 42). Coatings applied at low substrate
temperatures, which produce dense micro-
structures, develop high compressive residual
stresses, and under certain conditions, stresses high
enough to cause plastic deformation and cracking of
the coating may develop (Ref 40, 41).

Table 16-4 presents the results of residual stresses
and hardness measurements of PVD TiN and
Ti(C,N) coatings applied to two high-speed steels
by ion plating (Ref 45). The ASP 30 steel is the
equivalent of an M4 high-speed steel, and the ASP

Surface Modification of Tool Steel

60 steel contains 2.28% C and higher amounts of
molybdenum, vanadium, and cobalt than the ASP
30 steel. The residual stresses in all the coatings are
compressive, and the hardness and residual stresses
in the Ti(C,N) coatings are substantially higher than
those in the TiN coatings. The higher hardness of
the Ti(C,N) coatings has been found to correlate
with enhanced life, compared to TiN-coated steels,
in forming operations (Ref 46). In another study, the
changes in hardness and compressive residual
stresses as a function of temperature were measured
in TiN coatings deposited on an austenitic stainless
steel substrate (Ref 47). Both the hardness and re-

| pem

Fig. 16-13 (TizzAl,7)N deposited by triode ion plating at low substrate current density. Courtesy of A.S. Korhonen, Helsinki

University of Technology
Table 16-3 Increased tool life attained with PVD coated cutting tools

Cutting tool Workpieces machined

High-speed before resharpening

Type tool steel Coating Workpiece material Uncoated Coated
End mill M7 TiN 1022 steel, 35 HRC 325 1,200
End mill M7 TiN 6061-T6 Alalloy 166 1,500
End mill M3 TiN 7075T Al alloy 9 53
Gear hob M2 TiN 8620 steel 40 80
Broach insert M3 TiN Type 303 stainless steel 100,000 300,000
Broach M2 TiN 48% Ni alloy 200 3,400
Broach M2 TiN Type 410 stainless steel 10,000-12,000 31,000
Pipe tap M2 TiN Gray iron 3,000 9,000
Tap M2 TiN 1050 steel, 30-33 HRC 60-70 750-800
Form tool T15 TiC 1045 steel 5,000 23,000
Form tool T15 TiN Type 303 stainless steel 1,840 5,890
Cutoff tool M2 TiC-TiN Low-carbon steel 150 1,000
Drill M7 TiN Low-carbon steel 1,000 4,000
Drill M7 TiN Titanium alloy 662 layered 9 86

with D6AC tool steel, 48-50

HRC
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sidual stresses decreased with increasing tempera-
ture, and on cooling to room temperature did not
return to the starting values, a result discussed in terms
of microstructural changes induced by heating.

Characterization of the properties of very thin
CVD and PVD coatings requires the application of
special experimental techniques. Nix (Ref 48) has
reviewed some of the recently developed techniques
to evaluate the residual stresses, deformation, and
fracture of electronic thin films. Techniques such as
laser scanning to measure residual stresses, and mi-
cron and microbeam deflection techniques to meas-
ure elastic and plastic properties, are described.
Similarly, Saunders (Ref 49) has reviewed measure-
ment methods used to characterize the properties of
thin coatings deposited on tool steels and other ma-
terials. The measurement of composition, fracture
strains, adhesion, and mechanical properties by
means of mechanical property microprobes or
nanoindenters are described.

Coating adhesion correlates with performance
and, for hard coatings, adhesion is frequently meas-
ured by scratch tests. Bull and Rickerby (Ref 50)
describe the application of scratch testing to TiN
coatings on steel substrates and identify five types
of coating failure: gross spallation, buckling, chip-
ping, conformal cracking, and tensile cracking. De-
formation and fracture mechanisms of TiN coatings
on M2 tool steel by hardness indentation and
scratch testing have been described by Ma and
Bloyce (Ref 51).

Salt Bath Coating

Hard alloy carbide, nitride, and carbonitride coat-
ings can be applied to steels by means of salt bath
processing. One such technique, the TD process
(Toyota diffusion coating process), uses molten bo-
rax with additions of carbide-forming elements,

Fig. 16-14 (Ti,Al) coating deposited by triode ion plating at high substrate current density. Courtesy of A.S. Korhonen, Helsinki

University of Technology

Table 16-4 Characterization of PVD TiN and Ti(C,N) coatings on tool steels

See text for details.

Residual stress, Coating thickness, Coating hardness, Substrate hardness, Composite hardness,
Substrate Coating GNM? um HV HV HV (50 g
ASP30 TiN -32%12 39+03 2300 £ 300 920+20 1950 + 300
ASP 60 TiN 24110 42102 2500 + 200 940 1 30 2250 £ 100
ASP30 Ti(C,N) -20.0+£8.2 38+03 3000 £ 200 920 £ 20 2700 + 100
ASP 60 Ti(C,N) -170+£17.6 43104 3300 400 940 + 30 3000 + 100
Source: Ref 45
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such as vanadium, niobium, titanium, or chromium
(Ref 52-54). The carbide-forming elements com-
bine with carbon from the substrate steel to produce
alloy carbide layers or coatings similar to those
produced by PVD and CVD techniques. However,
the growth of the layers depends on carbon diffu-
sion, and the process requires relatively high tem-
peratures, ranging between 800 and 1250 °C (1470
and 2280 °F), to maintain adequate rates of coating
growth. Carbide coating thicknesses of 4 to 7 um
(0.16 to 0.28 mil) are produced in times ranging
from 10 min to 8 h, depending on bath temperature,
bath composition, and type of steel. The coated
steels may be cooled and reheated for hardening, or
the bath temperature may be selected to correspond
to the steel austenitizing temperature, permitting the
steel to be quenched directly after coating.

In order to lower salt bath deposition tempera-
tures, techniques to produce alloy carbonitride lay-
ers have been developed (Ref 54). Such coatings are
produced on hardened and nitrided steels in vana-
dium- or chromium-containing chloride baths at
temperatures between 550 and 600 °C (1020 and
1110 °F). The nitrided surface contributes nitrogen
to the coating, and carbide growth is negligible at
the relatively low processing temperatures.

Coating hardnesses greater than 3000 HV have
been reported for VC and NbC layers produced by
salt bath processing. Thus, applications similar to
those for which PVD and CVD coatings are used
also are suitable for hard salt-bath coatings. In par-
ticular, the TD coatings have significantly increased
the life of mold and die steels for sheet metal stamping,
aluminum die casting, cold forging, and extrusion.

Laser and Electron Beam
Surface Modification

Laser and electron beams provide very-high-energy,
directed sources of heat and are used for many types

VAPORIZATION

Log (power density), P/D?

Log (interaction time), D/V

Fig. 16-15 Processing conditions for various types of
laser treatments. Source: Ref 57

Surface Modification of Tool Steel

of surface modification. As shown in Fig. 16-15,
depending on power input, high-energy laser beams
can be used for a variety of applications, including
cutting, welding, surface melting and alloying, and
localized surface hardening (Ref 3, 55-58). Weld-
ing and cutting technologies are highly developed
and have followed the continuous development of
high-energy density power sources (Ref 55, 56). Of
the laser and electron beam surface modification
techniques, localized surface hardening is the most
widely developed and applied.

Heating by laser and electron beams is accom-
plished by photon interactions of the incident radia-
tion with the electronic structures of the substrate
material. The incident energy is very rapidly con-
verted into heat just below the surface, on the order
of a few tens of nanometers for laser light, and a few
microns for electron beams, depending on the accel-
erating voltage, which varies between 10 and 100
keV (Ref 59, 60). Figure 16-16 shows schematically
the effects of laser and electron beam irradiation on
surface heating, melting, and solidification (Ref
59). Electron beam treatments must be conducted in
vacuum, but laser light is not subject to this con-
straint and thus offers considerable flexibility in
manufacturing operations. Also, unlike induction
and flame heating, lasers can be located at some
distance from workpieces, and the laser light can be
reflected by mirrors to focusing lenses that control
the width of the heated spot or track (Ref 60, 61).

The term laser stands for “light amplification by
stimulated emission of radiation,” and three differ-
ent types of lasers have been developed: Nd:YAG
(neodymium dissolved in yttrium aluminum gar-
net), CO,, and excimer. Bass (Ref 60) presents an
excellent review of the operation and characteristics
of the various types of lasers. The Nd:YAG lasers
operate at wavelengths of 1.06 pm, and are widely
used for welding and drilling operations. The CO,
lasers have the highest commercially available
power and operate in the infrared range, frequently
at a wavelength of 10.6 um, while the more re-
cently developed excimer lasers operate in the
near-ultraviolet range, with wavelengths between
0.193 and 0.351 pm. Laser light may be reflected,
depending on the irradiated material and laser beam
wavelength. Therefore, for effective laser heating,
wavelengths that are absorbed by the workpiece
must be selected, or the irradiated workpiece must
be coated with a light-absorbing material.

Laser and electron beam surface heat treatments
are used to selectively harden localized areas of
steel and cast iron components. The heat generated
by irradiation is controlled to prevent melting;
therefore, local regions can be austenitized. Rapid
cooling of the austenitized regions by conduction of
heat into the bulk of the workpiece then causes the
austenite to transform to very fine martensitic mi-
crostructures. In laser surface heating applications,
the hardening process is sometimes referred to as
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laser transformation hardening, as indicated in Fig.
16-15, in order to differentiate it from laser surface
melting phenomena.
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Fig. 16-16 Schematic of the eftects of laser and electron
beam heating, melting, and solidification. Source: Ref 63
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Laser surface heat treatment produces thin sur-
face zones that are very rapidly heated and cooled.
Thus, distortion is minimized, because of the low
heat input per unit bulk volume, and alloys of low
hardenability can be hardened. Molian (Ref 61) has
reviewed a number of applications of laser transfor-
mation hardening. The energy-absorbing coatings
for each application are listed; for steels, typical
case depths range from 250 to 750 um (10 to 30
mils). Most of the applications are to increase
wear resistance of machine components manufac-
tured from medium-carbon steels or cast trons,
but a few tool steel applications are listed. Simi-
larly, for electron beam surface heating, Zenker et
al. (Ref 62) have reviewed processing considera-
tions, microstructures, properties, and applica-
tions.

In contrast to transformation hardening, the melt-
ing of surfaces by laser and electron beams, as also
shown schematically in Fig. 16-16, makes possible
surface alloying and unique solidification micro-
structures. Heating may be extremely rapid, on the
order of nanoseconds, and cooling, accomplished
by thermal conduction into the unheated mass of the
substrate, is similarly very rapid. Exact rates of
heating and cooling depend on many factors, such
as power input, time of irradiation, laser pulsing,
and surface and bulk characteristics of the heated
substrate (Ref 63, 64). The very high heating and
cooling rates attainable, 108 to 10'0 °Cys, produce
extremely rapid solidification and thus make possi-
ble very fine nonequilibrium microstructurcs. In the
extreme, new metastable crystalline phases, glassy or

s

b -~

1O pm

Fig. 16-17 (a) Laser-melted dendritic structure of M42 tool steel. {b) Chill-cast dendrite structure of M42 100l steel. Light

micrographs. Courtesy of T. Bell, University of Birmingham
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amorphous structures, or highly supersaturated
phases may be developed in rapidly cooled surface
layers.

Laser and electron beam surface alloying can be
accomplished by injecting powders into melted sur-
face layers or by chemical modification by another
technique prior to irradiation (Ref 65). When the
object of laser treatment is to produce an amorphous
or glassy layer, that process is referred to as laser
glazing. Glass formation in materials such as sili-
con, Pd-Cu-Si and Fe-Ni-P-B alloys is readily ac-
complished but is much more difficult in metals. For
example, a study of laser glazing of iron and tool
steels, which had been pack boronized to promote
amorphization, did not produce evidence of amor-
phous structures (Ref 66). Nevertheless, the laser
surface alloying of the tool steels produced surface
layers of high hardness, 2100 HV, containing very
fine boride particles. Cracking and porosity were
encountered under some conditions of the laser
glazing study.

Surface Modification of Tool Steel

The dramatic changes in surface microstructure
produced by laser surface melting of M42 tool steel
are shown in Fig. 16-17 and 16-18 (Ref 67). Figure
16-17 shows considerable refinement of the den-
dritic microstructure of laser-melted M42 compared
to that of chill-cast M42, as well as the absence of
primary carbides in the laser-melted zone. Dissolu-
tion of the alloy carbides is a function of traverse
speed, and at high speeds, carbides are not com-
pletely dissolved. In the laser-melted surfaces
produced by slow traverse speeds, much higher
peak hardness compared to conventionally
heat-treated steels was observed after triple tem-
pering, apparently because of the greater solution
in the molten zone of alloying elements that were
subsequently available for precipitation during
tempering. Substantial life increases of laser
melted M2 and M35 tool bits, compared to those
that were conventionally hardened, have been re-
ported (Ref 68).

Fig. 16-18 (a) Laser-melted surface layer on M42 tool steel. () Higher-magnification view of (a), showing particle melting of
carbides at melt interface. Light micrographs. Courtesy of T. Bell, University of Birmingham

319



Tool Steels

Boride Coatings

Boriding or boronizing is a thermochemical proc-
ess that produces wear-resistant boride coatings on
tool steels, carbon and alloy steels, and other mate-
rials (Ref 10, 69-71). The boron may be supplied by
gaseous, liquid, and solid media, and plasma, PVD,
and CVD techniques of applying boron and boron
compounds have been evaluated (Ref 69). The use
of solid boronizing agents, containing largely boron
carbide, as applied by packing tools in powders or
applying pastes, has proved the most technologi-
cally viable method of boronizing (Ref 71). Steels
are boronized at temperatures between 850 and 950 °C

(1560 and 1740 °F), and a layer of iron boride, Fe,B
forms on the surface. The iron boride FeB may also
form but is considered undesirable because of its
tendency to flake from coatings. When present, the
FeB can be removed by diffusion annealing. Some
elements, such as chromium, molybdenum,
nickel, manganese, vanadium, and cobalt, are in-
corporated into the boride layer, and others, such
as carbon, silicon, aluminum, and copper, are in-
soluble in the boride layer and diffuse into the
steel substrate as the boride layer forms. Thus,
most of the alloying elements in steel retard the
growth of the boride layer to some degree and
tend to reduce the attainable thickness of the
boride layers.

Table 16-5 Examples of boronized tool steels and applications

DIN Equivalents

designation AISI/SAE UK. Applications

ST37 Pins for pinned disk mills, bushes, bolts, nozzles, pipe bends, conveyor tubes,
baffle plates, runners, base plates, blades, thread guides

St 50-1 Casting inserts, nozzles, handles

C15(Ck15) 1015 080A15/080M15  Gear drives, pump shafts

C45 1045 060A47/080M46
45520 1146

Ck45 1045 080M46/060A 47
C45W

C60W
X210Cr12 D3 BD3
115Crv3 L2

40CrMnMo7
X38CrMoV5 | HI1 BHI|
X40CrMoV5 1 HI13 BH13
X32CrMoV3 3 H10 BHIO
X155CrVMol2 1 D2 BD2
105WCr6
X210Crwi2
60WCrv7 S1 BS1
X165CrMoV 12 e

56NiCrMoV7 L6

X45NiCrMo4 . -
90MnCrv§ 02 BO2
100Cr6 52100 535A99
Ni36

X50CrMnNiv22 9
X10Cr13 410 410521/410C21
X46Cr13 420 420845
X35CrMol7

X12CrNil8 8 302
X5CrNiMol17 122 316 316S13-31
G-X10CrNiMo189
X6CrNiTil8 10 321 321518-59
X6CrNiMoTil7 122 316Ti 320S18/320831
30CrNiMo8
17CrNiMo6 4317
16MnCrS 5115 527M17/590M17
20MnCrS 5120
42CrMo4 4140 708A42/708M40
50CrMo4 4150 708A47
30CrMoV9
50Crv4 6150 735A51/735H51

Source: Ref 71

Pins, guide rings, grinding disks, bolts

Shaft protection sleeves, mandrels

Swirl elements, nozzles, rollers, bolts

Gate plates

Clamping chucks, guide bars

Bushes, press tools, plates, mandrels, punches, dies

Drawing dies, ejectors, guides, insert pins

Gate plates, bending dies

Plungers, injection cylinders, sprues

Orifices, ingot molds, upper and lower dies and matrices for hot forming, disks

Injection molding dies, fillers, upper and lower dies and matrices for hot forming

Threaded rollers, shaping and pressing rollers, pressing dies and matrices

Engraving rollers

Straightening rollers

Press and drawing matrices, mandrels, liners, dies, necking rings

Drawing dies, rollers for cold mills

Extrusion dies, bolts, casting inserts, forging dies

Embossing die, pressure pad and die

Molds, bending dies, press tools, engraving rollers, bushes, drawing dies,
guide bars, disks, piercing punches

Balls, rollers, guide bars, guides

Parts for nonferrous metal casting equipment

Parts for unmagnetizable tools (heat treatable)

Valve components, fittings

Valve components, plunger rods, fittings, guides

Shafts, spindies, valves

Screw cases and bushes

Perforated screens, slotted-hole screens, parts for the textile and rubber industry

Valve plugs, parts for the textile and chemical industry

Rings, conveyor jets, screw cases, parts for the chemical industry

Rings, conveyor jets, screw cases, parts for the chemical industry

Rollers, heat-treatable machine components

Bevel gears, screw and wheel gears, shafts, chain components

Helical gear wheels, guide bars, guiding columns

Helical gear wheels, guide bars, guiding columns

Press tools, extruder screws, rollers, extruder barrels and cylinders, plungers,
rings, guides

Nonreturn valves, dies

Extruder dies, disks, cylinders, bushings, nozzle base plates

Thrust plates, clamping devices, valve springs, spring contact strip
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The iron boride layers have high hardness, be-
tween 18 and 20 GPa (1800 and 2000 kgf/mmz), and
therefore provide good resistance to wear, espe-
cially that caused by abrasive particles. The boride
coatings are typically 50 to 150 gm (2 to 6 mils)
thick and thus do not provide good resistance to
rolling contact fatigue when compared to carbur-
ized and nitrided steels with deeper case depths.
Table 16-5 lists some applications for boronized
tool steels. High-speed tool steels are not suitable
for boronizing, since at their high hardening tem-
peratures, above 1150 °C (2100 °F), eutectic de-
composition of Fe;B occurs (Ref 71).
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CHAPTER 17

Troubleshooting: Manufacturing and
Performance Problems

Tool steels are remarkable materials which must
perform the most difficult tasks of any structural
materials. The alloying and processing of each type
of tool steel is designed to perform well under spe-
cific sets of operating conditions. However, each
type of steel, even when manufactured to the high-
est quality, has its operational limits, and factors
such as wear under recommended operating condi-
tions are inevitable. Also, problems that arise during
manufacture or application may severely limit tool
life or even cause catastrophic failure. The follow-
ing considerations have been identified as essential
factors contributing to successful tool, die, and
mold making (Ref 1):

«  High-quality steel

«  Good mechanical design

. Proper selection and application of steel
«  Correct heat treatment

«  Proper finishing by grinding and EDM

Problems related to all these factors have long been
documented in the tool steel literature (Ref 1-5)
and, when the causes were understood, provided the
basis for applying corrections that result in depend-
able or improved tool steel performance.

The previous chapters have described the alloy-
ing, processing, microstructures, and properties of
the various groups of tools steels, the operating
advantages and limitations of the various groups,
and the reasons for the selection of various grades
within each group, depending on performance re-
quirements. These chapters should be referred to for
specific selection, processing, and performance
characteristics of the various tool steels. This chap-
ter presents an overview of some of the major
causes of tool and die failures as related to manufac-
turing and performance problems associated with
the factors on the above list.

In order to troubleshoot causes of premature fail-
ure, the contributions of two major causes of failure
must be assessed: (1) the source of stress and (2)
microstructural condition. In some cases the micro-
structure has been manufactured to state-of-the-art
quality, and failure is caused by excessive stresses
caused by poor mechanical design, improper use, or
overloads in service. In other cases, tools and dies
may be properly designed and used, but flaws,
stresses, or detrimental microstructures responsible
for poor performance have been introduced during
manufacture. In view of the importance of fracture
to premature failures, the next section describes
general aspects of tool steel fracture and its relation
to tool steel microstructure. Subsequent sections
present examples of failure associated with various
processing and heat treatment problems. In addition
to fracture problems, distortion is discussed.

Fracture and Toughness of Tool
Steels: General Considerations

Tool steels must have very high strength, hard-
ness, and wear resistance. These properties are in-
consistent with high toughness or fracture resis-
tance, and tool steels are very susceptible to fracture
if stresses during manufacture or service exceed
those which the microstructure can sustain. Fracture
may be strain controlled, where generalized plastic
deformation precedes fracture, or stress controlled,
where fracture is caused largely by stress without
any appreciable plastic flow.

Ductile fracture is a strain-controlled fracture that
occurs by the deformation-induced nucleation and
growth of microvoids around hard particles (Ref 6).
Although ductile fracture is not a brittle mechanism,
the ductile fracture resistance of tool steels tends to
be low because of the high rates of strain hardening
in tempered martensitic matrices and high densities
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of hard alloy carbide particles built into tool steel
microstructures. Operating loads within recom-
mended limits, below the high ultimate tensile or
shear strengths of properly processed tool steels, do
not initiate ductile fracture. However, such factors
as overloads, stress concentrations, surface flaws,
or nonuniform distributions of coarse carbides may
significantly lower the resistance of a tool steel to
ductile fracture. Ductile fractures of tool steels tend
to be macroscopically flat and have a smooth, gray,
silky appearance consistent with the fine micro-
structure of properly processed tool steels.

Brittle fracture is stress-controlled fracture that
occurs with little or no plastic deformation (Ref 7).
Frequently, the stresses that cause brittle fracture
are well below those expected from ultimate tensile
strengths or reasonable operating conditions. Brittle
fracture may be initiated by cleavage cracks in hard
particles, which in turn lead to unstable cleavage
crack propagation in matrix structures of low tough-
ness. Cleavage cracking develops in steels stressed
at low temperatures and high strain rates or under
other conditions where dislocation mobility is se-
verely restricted (Ref 8).

In tool and other high-carbon steels, a major
mechanism of brittle fracture is intergranular crack-
ing along embrittled austenite grain boundaries.
This form of brittle fracture is caused by excessive
austenitizing and is exacerbated by hydrogen if pre-
sent. To the unaided eye, intergranular fractures
have a faceted appearance, and light reflects from
the coarse austenite grain boundaries typically asso-
ciated with the conditions that produce intergranu-
lar fracture. This characteristic fracture appearance

led the early heat treaters to conclude that the steel
had “crystallized.” All components of a hardened
steel microstructure are, of course, crystalline, but
are usually much too fine to be resolved with the
naked eye. In the case of intergranular fracture, the
faceted appearance confirms that significant coars-
ening of austenite crystals or grains has occurred.

The intergranular fracture is promoted by coarse
austenite grain size, phosphorus segregation to
austenite grain boundaries, and cementite particle
precipitation on grain boundaries (Ref 9) and is
driven by tensile stresses or bending stresses gener-
ated by heat treatment or in service. Tools and dies
properly heat treated to produce fine austenite grain
sizes and carbide dispersions, and applications
where the loading is primarily in compression and
shear, are not sensitive to brittle, intergranular frac-
ture and will fail by transgranular ductile, but char-
acteristic low-toughness, mechanisms of microvoid
formation and coalescence.

Figure 17-1 compares the toughness of a number
of tool steels heat treated to typical service levels of
hardness (Ref 10). Three measures of toughness are
shown: fracture toughness, Ky, or the stress inten-
sity to cause crack propagation at the tip of a sharp
crack; energy absorbed on CVN impact testing; and
energy absorbed on unnotched Izod impact testing.
Specimen and testing details are given in Ref 11.
The toughness of the steels varies widely because of
various levels of heat-treated matrix strength and
different densities of carbide dispersions.

Differences in toughness of the steels as ranked
by the different testing techniques are affected by
the nature of the tests. Charpy V-notch testing gives
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Fig. 17-1 Comparison of fracture toughness, longitudinal unnotched lzod, and fongitudinal CVN impact toughness for various
tool steel specimens taken from 83 mm square stock and tested at working hardness. Source: Ref 10
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very low values of energy absorbed for tool steel
fracture, even for those with higher toughness, be-
cause of the severe stress concentration at the notch
root and the application of load at very high-strain
rates. A large plastic process zone develops ahead of
the notch, and the associated stresses are distributed
over large volumes of the microstructure. Thus, car-
bides, inclusions, and other fracture-sensitive fea-
tures are subjected to stresses that initiate and
propagate the fracture. In comparison to notched
bar testing, the energy absorbed in the fracture of
the various tool steels as measured by the unnotched
Izod tests is much higher, reflecting the deformation
required to cause fracture in the absence of any
stress concentration,

In contrast to impact toughness testing, fracture
toughness testing is performed at slower strain
rates, and the plastic zone ahead of the sharp crack
is small, especially in tool steels with very high
yield strengths (Ref 12, 13). As a result of the small
process zone, fracture stresses may not build up at
all fracture-sensitive microstructural features, and
the measurement of fracture toughness of tool steels
reflects more the fracture resistance of typical local
regions of the microstructure and less the effect of
more widely spaced inclusions or carbides.

In summary, the toughness or fracture resistance
of tool steels by any measure is generally low. By
design, hardness, strength, and wear resistance of
tool steels are maximized, and sacrifices in tough-
ness are accepted. Nevertheless, certain differences
in toughness can be caused by alloying and heat
treatment. Lower carbon content, which lowers
strain-hardening rates of the tempered matrix
martensite, and lower alloy content, which reduces
the volume fraction of hard alloy carbide particles
that initiate fracture, are used to increase toughness
at the expense of wear resistance. Earlier chapters
have described specific alloying and heat treatment
approaches used to balance strength and toughness
in the various groups of tool steels.

Steel Quality
and Primary Processing

As discussed, fracture resistance of tool steels is
greatly influenced by coarse second-phase particles
dispersed throughout a matrix of tempered marten-
site. Two types of particles influence fracture: inclu-
sions and carbides. Excessive sizes or densities of
either type of particle, or inhomogeneous distribu-
tions of particles, could contribute to premature tool
and die failures.

Inclusions are nonmetallic phases such as alu-
mina, sulfides, and silicates, in many combinations
and morphologies, which are introduced during
various phases of steelmaking (Ref 14, 15). Some
inclusions are hard, such as oxides, and resist defor-
mation during hot work, while others, notably man-

ganese sulfides, are plastic and deform during hot
work. The resulting elongated and flattened inclu-
sions may introduce considerable anisotropy in the
properties and fracture of hot-worked steels. Alloy
carbide particles are present by design in most tool
steels but should be distributed as uniformly as
possible to optimize fracture resistance.

With the recognition of the detrimental role that
coarse, second-phase particles play in the fracture
resistance of tool steels have come significant im-
provements in steelmaking since the publication of
earlier work on tool steel technology (Ref 1-5). The
oxide and sulfide inclusion contents of tool steels
are now at very low levels because of melting im-
provements, including improved deoxidation, the
use of shrouding to prevent reoxidation of liquid
streams, enhanced desulfurization, electroslag re-
fining, and vacuum arc refining, as described in
Chapter 3.

Alloy carbide arrays, especially the as-cast cells
of primary eutectic carbides, must be dispersed and
uniformly distributed by high-temperature soaking
and controlled hot-work schedules in cast and
wrought tools steels. A major advantage of tool
steels manufactured by powder metallurgy process-
ing is the ability of this technique to produce uni-
form dispersions of small randomly distributed car-
bides without the need for homogenization of
solidification structures and segregation by hot
work (Ref 16).

Hot work by rolling or forging of highly alloyed
tool steels must be done with caution, since the
deformation is accomplished in the two-phase, car-
bide-austenite phase field. Under the action of cer-
tain stress and strain states, voids may be initiated
at carbides and coalesce along carbide bands to
form cracks (Ref 17). Hot ductility in the cast con-
dition is a function of the size of the eutectic cells
or the secondary dendrite arm spacing as controlled
by solidification. The finer the cell spacing, the
better the hot ductility, because microcracks created
by the coalescence of voids are shorter and require
more strain to cause fracture (Ref 17). Figure 17-2
shows an example of a central burst in a forged bar of
high-speed steel caused by improper forging (Ref 1).
Ultrasonic inspection techniques today would readily
reveal such defects at the steel mill prior to shipment.

Another difficulty sometimes encountered during
primary processing of tool steels is the formation of
flakes or hairline cracks within the interior of heavy
sections and forgings (Ref 18). The flaking is due to
excessive hydrogen trapped during solidification.
At high temperatures, in liquid steel and in 8-iron,
the solubility of hydrogen is high, about 7 ppm, but
with decreasing temperature the solubility of hydro-
gen drops to less than 1 ppm at room temperature.
In section sizes greater than 75 mm (3 in.) in diame-
ter, the hydrogen, not trapped at permanent sites
such as sulfide inclusions, cannot diffuse from the
steel during cooling after finish rolling or forging.
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This hydrogen then concentrates, often at prior-
austenite grain boundaries, and severely lowers the
cohesive strength of the microstructure to the point
where cooling stresses are sufficient to cause cracking.
The diffusion of hydrogen to critical sites is time de-
pendent and may take up to 2 weeks to cause cracking.

Today, the susceptibility of tool steels to flaking
is significantly lowered by the use of vacuum de-
gassing to reduce hydrogen to very low levels in
liquid steel. Without the use of degassing, heavy
sections of steel may be held at temperatures be-
tween 500 and 650 °C (930 and 1200 °F) to allow
the hydrogen to diffuse from the steel to a level
consistent with its reduced solubility in that tem-
perature range.

Mechanical Design

Many tool and die failures have occurred during
heat treatment or in service as a result of poor

mechanical design (Ref 1, 2). Sharp changes in
section thickness, sharp corners, and inadequate
section size after machining of holes are common
design causes of tool and die failure. Often, discon-
tinuous changes in section thickness and square
corners create stress concentrations that are suffi-
cient to generate stresses high enough to cause
quench cracking on cooling during hardening heat
treatments. The stress concentrations associated
with sharp corners—for example, sharp keyways in
rotating shafts—may also induce fatigue failures
during operation. The latter problem is readily cor-
rected by introducing half-round keyways, and
other causes of stress concentration are often cor-
rected by introducing generous fillets to sharp cor-
ners. In chisels and other pneumatic tools, tapered
shanks are even better than fillets to accommodate
changes in section (Ref 1).

Examples of failures due to poor design are
shown in Fig. 17-3 to 17-7. Figure 17-3 shows the
fracture surface of a high-carbon, high-chromium
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Fig. 17-2 Central burst in a 125 mm (5 in.) diam forged bar of high-speed steel. Source: Ref 1
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die that failed in service because of inadequate steel
left between the threaded holes and the inner sur-
face of the die. This example emphasizes the need
to retain adequate section thicknesses to lower the
stresses created by operating loads in tool and die
applications. Figure 17-4 shows a high-speed steel
punch that cracked during heat treatment. The
cracking was caused by the high stresses induced by
cooling due to the sharp change in section thickness
between the two parts of the punch. Deep identifi-
cation stamp marks are another common cause of
stress concentration leading to fracture in low-
toughness tool steels; Fig. 17-5 shows an example
of a die that failed as a result of such overenthusias-
tic stamping. Figure 17-6 shows premature failure
of a 5% Cr hot-work die steel due to cracks initiated
by stress concentrations at very sharp corners of the
die.

Figure 17-7 presents an example of a failure that
may arise during assembly of die components.
Shown is a die holder, made from 5% Cr hot-work
steel, that split when a cold-heading die insert was
forced into it. The oversize die insert clearly gener-
ated stresses sufficient to cause overload fracture of
the low-toughness tool steel. This example, and the
others presented, show that fracture and cracking in
hardened tool steels develop with almost no macro-
scopically visible plastic deformation.

Heat Treatment Problems

The Tool Steel Trouble-Shooter (Ref 1), publish-
ed in 1952, states, “Faulty heat treatment causes
most tool failures.” Whether or not this statement is
still true today with current instrumentation and
heat-treating equipment, every step of the heat treat-
ment process, including stress relief, preheating,
austenitizing, quenching, and tempering, must be
carried out with care according to recommended
practices for each grade of steel.

Excessive distortion, especially in nonsymmetric
tools, may develop in several stages of the harden-
ing process. One stage is during heating after tools
have been shaped by rough machining or other
shaping process such as cold hubbing. Residual
stresses are introduced by these processes, and
when a part is heated, the flow strength of the steel
may decrease to the level where the residual stresses
can cause localized plastic flow or distortion. Thus,
stress-relief treatments are highly recommended for
precision tools. Any dimensional changes produced
by the stress relief should be adjusted by finish
machining prior to hardening. Such finish machin-
ing on an annealed part will be more cost effective
than making corrections on the part when hardened.

Heating to the austenitizing temperature for hard-
ening is another stage in the hardening process
where distortion, and even cracking, especially for
tools and dies with complex shapes or major
changes in section thickness, may take place. Single
and double preheating steps, depending on how
high an austenitizing temperature is recommended,
are necessary to provide uniform heating through-
out a part and to minimize distortion on austenitiz-
ing. Tool steels that must be austenitized at high
temperatures also benefit from preheating, in that
the time at the high austenitizing temperature can be
minimized and the potential for scaling and decar-
burization reduced accordingly.

Overheating during austenitizing for hardening is
a major source of problems during tool steel heat
treatment. Overheating, to temperatures above the
recommended austenitizing temperatures for a
given tool steel, results in increased dissolution of
alloy carbides, increased carbon content of the
austenite, and austenite grain coarsening. Curves of
austenite grain size as a function of austenitizing
temperature for various tool steels have been shown
in earlier chapters. When an overheated micro-
structure is quenched, it is highly susceptible to
quench cracking by intergranular fracture along

Fig. 17-3 Fracture surface of a high-carbon, high-chromium die that failed in service. Poor design left extremely thin walls in a

highly stressed portion of the die.
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coarsened and embrittled austenite grain bounda-
ries, as described earlier in this chapter. Figure 17-8
shows an extreme example of overheating. The mi-

crostructures are from opposite ends of an M2 steel
broach, 40 mm (1.5 in.) in diameter, that cracked
during heat treatment. At one end was a correct

Fig. 17-5 Failure of die by cracking caused by the stress-concentration etfect of deep stamp marks
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microstructure of uniformly dispersed carbides in a
matrix of martensite, but at the other end was a
network of coarse carbides on coarsened austenite
grain boundaries typical of an overheated micro-
structure. This premature failure resulted from over-
heating caused by temperature variations in the
austenitizing furnace.

When a tool steel is overheated, not only is the
susceptibility to quench cracking and intergranular
fracture in service increased, but the retained
austenite content in quenched specimens also is
greatly increased. As a result, as-quenched hardness
will be lower than anticipated. Figure 14-9(c) has
shown the microstructure of overheated T1 tool
steel. Excessive retained austenite is present, most
of the carbides have dissolved, and the coarse
martensite plates reflect very coarse austenite grain
size. This type of microstructure typically accompa-
nies austenite grain boundaries embrittled by phos-
phorus segregation and carbide formation.

The very high austenitizing temperatures and
high-alloy content of high-speed steels make them
especially sensitive to overheating. Overheating of
high-speed steels may in fact cause melting of por-
tions of the microstructure and a return to an unde-
sirable solidification structure in those areas. Figure

17-9(a) and (b) show microstructures of properly
austenitized and hardened high-speed steel and
overheated and hardened high-speed steel from
milling cutters that failed in service, respectively.
The overheated microstructure shows that a eutectic
carbide cell structure has been reestablished by the
overheating. The latter microstructure not only re-
duces service life, but also greatly increases suscep-
tibility to quench cracking.

A special type of grain coarsening and embrittle-
ment occurs when high-speed steels have been
reaustenitized after a first hardening heat treatment.
Rehardening is sometimes necessary to salvage a
tool for one reason or another. Figure 17-10 shows
an example of such grain coarsening and the associ-
ated “fishscale” fracture appearance in a rehardened
high-speed steel. The causes of this unique discon-
tinuous grain growth have been discussed in earlier
chapters. Conditions for the grain growth associated
with fishscale fracture can be eliminated by anneal-
ing the hardened steel prior to reheating for harden-
ing a second time.

Many tool steel heat treatment problems have
been traced to inadequate surface protection during
austenitizing. The maintenance of surface carbon
content is critical to achieve the correct micro-

Fig. 17-6 Premature failure of a 5% Cr hot-work die steel caused by the severe stress-concentration effect of very sharp comers
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structure and performance of tools and dies. These
problems should be avoided by proper instrumenta-
tion and atmosphere control or the use of vacuum
furnaces. If a furnace atmosphere is not neutral, a
tool surface may be decarburized, leading to softer
microstructures and rapid wear, or it may be carbur-
ized, leading to brittle behavior.

Figure 17-11 shows microstructures from M1
tool steel twist drills that exhibited various surface
microstructures and performance. The twist drill
with the normal microstructure (Fig. 17-11a)
showed satisfactory performance, but the other two
drills, one carburized (Fig. 17-11b) and the other
decarburized (Fig. 17-11c), showed unacceptable
performance. The surface of the carburized drill
chipped in a brittle manner, and the surface of the
decarburized drill wore rapidly in service. Figure
17-12 shows another example of a decarburized
surface microstructure, in this case from a T1 form-
cutting tool. The surface is almost completely de-
carburized, resulting in the formation of ferrite
rather than martensite in the decarburized layer.

Another example of an inadvertently carburized
tool steel surface is shown in Fig. 17-13. Here the
surface of an M2 steel tap consists of a layer of
austenite because the high carbon content has sub-
stantially lowered the M, temperature. Carburiza-
tion can be so severe that the high carbon lowers the

Fig. 17-7 Failure of holder for a cold-heading die insert
caused by overstressing associated with forcing the insert into
the poorly designed holder
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surface melting point to where melting or fusion of
the surface occurs. Figure 17-14 shows the surface
microstructure of a T2 broach that was decarburized
and then carburized. The decarburized layer is
marked by the white band of ferrite grains, and the
carburized zone is marked by the dark band and a
dendritic surface layer, indicating that melting has
occurred. When carburization is severe enough to
cause surface melting, the tool surface assumes a
macroscopically rippled appearance, as illustrated
in Fig. 17-15.

Tool steel troubles may also originate during
quenching from the austenitizing temperature. Al-
though the microstructural conditions for quench
cracking are established primarily during austeni-
tizing, as discussed above, the stress that causes the
cracking originates during the quench. Temperature
gradients between the surface and interior or differ-
ent sections of a tool mean that some parts trans-
form to martensite before others. Those parts which
transform last, undergo the volume expansion last,
and this expansion applies tensile stresses to regions
transformed previously. If the stresses are high
enough, and if the microstructure is sufficiently
weakened, as at austenite grain boundaries embrit-
tled during high-temperature austenitization,
quench cracking will occur.

Quenching stresses decrease as cooling rates de-
crease and temperature drops more uniformly
throughout a tool cross section. This principle is one
of the major reasons steels are alloyed for high
hardenability. High hardenability not only increases
depth of hardening, but also makes possible the use
of less aggressive quenches to achieve hardening. In
the extreme, highly alloyed steels can be hardened
by air cooling with great benefits for both the pre-
vention of quench cracking and the minimization of
distortion.

Martempering—the quenching of tools into mol-
ten salt until temperature equalizes just above the
M; temperature, followed by air cooling—is an-
other approach used to eliminate quench cracking
and reduce distortion. Martempering requires steels
of high hardenability to avoid transformation of
austenite to soft microstructures such as ferrite,
pearlite, and bainite in the salt bath. Thus, many
highly alloyed tool steels are well suited to martem-
pering. Interrupted oil quenching is also sometimes
used to reduce temperature gradients during cooling
(Ref 5). The workpiece is quenched until color dis-
appears from the surface, is removed from the oil,
and, when color reappears, is again placed in the oil.
This procedure may be repeated a number of times
until the color becomes a dark red, at which time the
work may be cooled in air.

Water-hardening tool steels have very low har-
denability and therefore must be severely water
quenched for hardening. A problem that may read-
ily develop in water-hardening steels is the forma-
tion of soft spots due to incomplete martensite for-
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mation. These soft spots may result in cracking,
especially in large tools and tools with irregular
shapes or section changes (Ref 1). Frequently the
soft spots (i.e., regions where austenite has trans-
formed to nonmartensitic microstructures) are a re-
sult of the vapor blanket that forms around red-hot
steel parts when they are first immersed in water.
The hardenability of the W-type steels is so low that
even a short delay in cooling is sufficient for diffu-

sion-controlled transformation of austenite. Agita-
tion of the quenchant or the workpiece, or the use of
a brine quench, will produce more rapid, uniform
cooling and prevent the formation of soft spots.
Examples of soft spots formed on water-harden-
ing steel are shown in Fig. 17-16 and 17-17. The
darker areas are properly hardened, and the soft
spots have the same light appearance as the un-
hardened interiors of the parts. On the part shown

Fig. 17-8 Sstructures illustrating overheating in an M2 broach. Top: Proper microstructure found at one end of broach. Bottom:
Overheated structure found at the other end of broach. Very uneven furnace heating was responsible for the quite different

microstructures. Light micrographs. 400x
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inFig. 17-16, the dark, properly quenched areas had Good quenching practice requires that tools be
a hardness of 63 HRC and the soft spots a hardness removed from the quenchant before they reach
of 45 HRC. room temperature and that they be transferred im-

(a) (b)

Fig. 17-9 Comparison of hardened microstructures from properly austenitized (a) and overheated (b) high-speed steel. Light
micrographs, 700x. Source: Ref 1

Fig. 17-10 Appearance of fishscale fracture associated with coarse austenite grains in a rehardened high-speed steel
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(a)

(c)

Fig. 17-11 Microstructures of hardened M1 twist drils. (@) Normal microstructure with good performance. (b) Carburized surface
microstructure that fatled by chipping. (c) Decarburized surface microstructure that failed by rapid wear. Light micrographs, 300x

Fig. 17-12 Decarburized layer, composed of ferrite grains, in a hardened T1 steel form-cutting tool. Light micrograph, 500x
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mediately to the tempering furnace. Steels
quenched in liquid baths should be removed at 65 to
95 °C (150 to 200 °F), and more highly alloyed
air-hardening steels with low Mg temperatures

should be cooled to a somewhat lower temperature
and held long enough at that temperature to achieve
more martensite formation. Quenching to room
temperature will increase stresses and the risk of

Fig. 17-13 Microstructure of an M2 tap that failed because of a surface layer of retained austenite due to carburization during

austenitizing. Light micrograph. 500x

Fig. 17-14 surface microstructure of a T2 steel broach that was first decarburized to produce the white ferrite layer and then
carburized to produce the black band and a dendritic surface layer indicating melting. Light micrograph. 150x
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cracking, and holding as-quenched parts too long at
room temperature before tempering may result in
time-dependent cracking if parts have not already
cracked in the quench. A major function of temper-
ing, in addition to making the microstructural ad-
justments necessary for good performance, is to

relieve stresses introduced by quenching. Double
and triple tempering of tool steels, as discussed in
earlier chapters, is a necessary to improve tough-
ness by spheroidizing coarse carbide arrays and
tempering martensite that form after the first tem-
pering treatments.

Fig. 17-16 Cross section showing soft spots (white areas adjacent to dark areas) on surfaces of a water-hardening steel.

Unmagnified photograph
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Grinding and Finishing of
Hardened Tools

Grinding is frequently performed on hardened
tools to produce final tool dimensions and to correct
for dimensional changes caused by heat treatment.
Even properly designed and heat-treated tools may
create trouble, in the form of cracking or poor serv-
ice, if improper grinding is applied after the harden-
ing heat treatment. The grinding may generate
enough localized heat by action of the abrasive to
actually heat the surface of the steel above its hard-
ening temperature and thereby cause a rehardening
of the surface. In extreme conditions the surface
stresses caused by grinding may cause cracks or
checks in the tool surface, which, if undetected, will
ultimately cause premature failure of the tool in
service. Short of reaustenitizing a surface layer,
grinding may cause overtempering and surface sof-
tening.

Figures 17-18 to 17-20 show examples of grind-
ing damage in various tool steel applications. In
many cases, deep acid etching or magnetic particle
testing is required to reveal small, tightly closed
grinding cracks. Grinding speed, effective coolants,
cleanliness of the grinding wheel, and proper grit
size must all be considered to ensure that excessive
heat is not generated during grinding (Ref 1), and
stress-relief treatments may be used to reduce resid-
ual stresses introduced by grinding. Proper heat
treatment to ensure the absence of embrittled micro-
structures produced by overheating or insufficient

tempering is also a necessary condition for good
grinding.

Electrodischarge machining is also used to finish
and shape hardened tools. This technique is capable
of producing slots or complex shapes that could not
be produced by conventional machining techniques.
The EDM process works by melting away the tool
material, leaving a white surface layer that consists
of as-cast material and a heat-affected zone that
transforms to as-quenched martensite. This surface
layer is brittle and contains high residual stresses
and may cause cracking in service. References pre-
sented in Chapter 13 showed that EDM surfaces
have lowered resistance to heat checking by hot-
work die steels. Therefore, removal of the white layer,
by light polishing or grinding, and stress-relief treat-
ments are recommended for hardened tools finished
by EDM.

Distortion and Dimensional
Change

Changes in size and shape during heat treatment
may be an additional source of trouble in the manu-
facture of a tool or die, in that such changes neces-
sitate expensive finishing operations to bring a part
into required tolerances. Already this chapter has
mentioned the distortion that may occur during
heating and quenching, and the benefits that slow or
interrupted rates of heating and cooling may confer
on the control of distortion and cracking during heat
treatment. This section, following Lement (Ref 19),

Fig. 17-17 Mottied appearance associated with soft spots on a water-hardening steel die

338



Troubleshooting: Manufacturing and Performance Problems

examines more systematically the causes of distor-
tion and dimensional change in tool steels.

Two principal types of distortion or dimensional
changes occur during heat treatment of tool steels:
size and shape. Size distortion is related to changes
in volume—either expansion, where dimensions in-

crease Or grow, or contraction, where dimensions
decrease or shrink. Shape distortion is associated
with changes in the geometry of a part, caused by
bending or twisting. Figure 17-21 shows schemati-
cally examples of size and shape distortion due to
hardening heat treatments of an L-shape tool steel

Fig. 17-18 Failure of a high-carbon, high-chromium drawing die due to grinding cracks. Grinding cracks around the inner

diameter were revealed by deep elching

Fig. 17-19 Grinding damage on a T1 steel tap that failed in service
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part, and Table 17-1 lists the many causes of size
and shape distortion that may occur during tool steel
heat treatment.

Size distortion is caused by thermal expansion
and contraction during heating and cooling and by
the changes in crystal structure that accompany
phase transformations during heat treatment. If
changes in size are related primarily to room-tem-
perature differences before and after heating, the
expansion and contraction due to temperature
changes may be neglected and the dimensional
changes related directly to changes in micro-
structure and the phases that compose the micro-
structures. On hardening, when an annealed micro-
structure consisting of ferrite and spheroidized
carbides is converted to martensite, a volume ex-
pansion will occur. The magnitude of this expansion
will depend on the carbon content of the martensite,
which, as shown in Chapter 4, establishes the
tetragonality of the martensite unit cell and the
amount of retained austenite that coexists with the
martensite. The formation of the martensite is ac-
complished by way of conversion of the annealed
ferrite-carbide microstructure to austenite and the
subsequent transformation of the austenite to
martensite. Because of the low specific volume of

austenite compared to martensite, there is a volume
expansion of about 4.1% when austenite containing
1.0% C transforms to martensite.

Table 17-2 lists the specific volumes of the vari-
ous phases that form in carbon tool steels, and Table
17-3 presents the volume and dimensional changes
associated with various changes in microstructures
during the hardening of carbon tool steels. All the
changes are dependent on carbon content, and as
carbon content decreases, the changes in dimension
also decrease. The size changes associated with the
various reactions assume complete replacement of
one microstructure by another. This assumption is
rarely valid in tool steel heat treatment. For exam-
ple, there are generally carbides left undissolved
during austenitizing and therefore incomplete trans-
formation of a spheroidized microstructure to
austenite, and, after quenching, not all of the
austenite transforms to martensite, leaving some
fraction of retained austenite in the hardened micro-
structure. These changes can significantly reduce
the size changes associated with hardening, and
Lement points out that for a 1% C steel, if 7.5 vol%
undissolved cementite and 20 vol% retained
austenite are present in a hardened steel, there
should be no volume change on hardening (Ref 19).

Fig. 17-20 Grinding damage on a high-carbon, high-chromium tool steel slitter knife that spalled in service

Table 17-1 Causes of size and shape distortion during heat treatment of tool steels

Operation Sequence Size distortion Shape distortion

Hardening Heating to and holding at austenitizing Formation of austenite Relief of residual stress
temperature Solution of carbides Thermal stresses

Cold treatment

Tempering

Source: Ref 19

Quenching

Subcooling to and holding at subzero
temperature and returning to room
temperature

Heating to and holding at tempering
temperature

Cooling from tempering temperature

Formation of martensite
Formation of nonmartensite products

Formation of martensite
Decomposition of martensite

Transformation of retained austenite
Transformation of retained austenite

Sagging

Thermal stresses
Transformation stresses
Introduction of residual stresses
Thermal stresses
Transformation stresses
Introduction of residual stresses
Stress relief

Thermal stresses

Thermal stresses

Introduction of residual stresses
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Tempering causes contraction as carbides pre-
cipitate from martensite supersaturated with carbon
and expansion when retained austenite transforms
to mixtures of ferrite and carbides or to bainite or
martensite after cooling from tempering tempera-
tures. The chapters on the various tool steels have
presented examples of the dimensional changes that
occur during tempering of specific tool steels, and
Fig. 17-22 and 17-23 show, respectively, changes in
dimensions of hardened D2 and H13 tool steels as a
function of tempering temperature. Differences in
the dimensional changes at various orientations to
the rolling direction may be due to preferred crystal-
lographic orientation or the elongation of residual
solidification structures and segregation during hot
rolling.

Shape distortion is caused by nonuniform thermal
and transformation stresses due to nonuniform tem-
perature distribution throughout a part. Localized
regions, which expand or contract due to heating or
cooling or a phase transformation due to more rapid
heating or cooling than adjacent regions, exert
stresses on those adjacent regions which may be
high enough, especially at higher temperatures, to
generate plastic deformation and changes in shape.
If the stresses cannot be relieved by plastic flow,
considerable residual stresses will be incorporated
into a quenched part. Nonuniform quenching,
higher quenching rates, larger section sizes, and

Table 17-2 Specific volume of phases present
in carbon tool steels

Range of

Calculated specific volume at

large variations in section all contribute to large
variations in temperature during heating or cooling
and increase the possibility of significant shape dis-
tortion or high residual stresses. As described ear-
lier, good mechanical design, preheating, inter-
rupted cooling, the selection of high-hardenability
steels that can harden during slower rates of cool-
ing, and rapid tempering of hardened parts are all
factors which will minimize distortion, cracking,
and residual stresses.

Although good heat treatment practice, based on
an understanding of the physical changes and phase
transformations by which hardening is accom-
plished, can minimize or compensate for dimen-
sional changes, there is a great need to be able to
precisely predict dimensional changes caused by
hardening, especially in parts of complex shapes.
As a result, characterizing the quenching process
and mathematical modeling of the heat treatment
process in order to predict distortion and residual
stresses are of much interest (Ref 20-23). Modeling
requires knowledge of quenchants, the quenching
process, heat-transfer coefficients at the quen-
chant/workpiece interface, and thermal conductiv-
ity and specific heat as a function of chemical com-
position, phase distribution, and temperature within
the workpiece, in order to establish the temperature
gradients that develop in the workpiece as a func-
tion of time during quenching. The temperature

Phase or phase mixture  carbon, % 20°C (68 °F), em’fg L { . | |
Austenite 0-2 0.1212 +0,0033 (% C) Soft —» :fs?:r"‘i’"‘z‘; —_— Qm“:'r:‘;::‘i’(f
Martensite 0-2 0.1271 + 0.0025 (% C)
Ferrite 0-0.02 0.1271 Shape change in heat treatment
Cementite 67102 0.130 £ 0.001
Epsilon-carbide 85107 0.140 £ 0.002
Graphite 100 0.451
Ferrite plus cementite 0-2 0.1271 £ 0.0005 (% C)
Low-carbide martensite 0-2 0.1277 £ 0.0015 (% C -0.25) _— i
plus e-carbide Before hardening After hardening
Ferrite plus e-carbide 0-2 0.1271 £ 0.0015 (% C)
Source: Ref 19 Fig. 17-21 schematic examples of size and shape

changes caused by heat treatment. Courtesy of Latrobe Steel Co.

Table 17-3 Size changes on hardening carbon tool steels

R Volume change, % Di ional ch jmm or in.fin.
Spheroidite—austenite —4.64+221(%C) -0.0155 + 0.0074 (% C)
Austenite—>martensite 4.64-0.53(%C) 0.0155-0.0018 (% C)
Spheroidite—martensite 1.68 (% C) 0.0056 (% C)
Austenite—lower bainite(a) 464-143(%C) 0.0155-0.0048 (% C)
Spheroidite—lower bainite(a) 0.78(% C) 0.0026 (% C)
Austenite—aggregate of ferrite and cementite(b) 4.64-221(%C) 0.0155-0.0074 (% C)
Spheroidite—aggregate of ferrite and cementite(b) 0

(a) Lower bainite is assumed 10 be a mixture of ferrite and e-carbide. (b) Upper bainite and pearlite are assumed 10 be mixtures of ferrite and cementite. Source: Ref 19
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gradients must then be related to phase transforma-
tion kinetics and the accompanying stress and
strainsassociated withthe phase transformationsas
afunctionoftemperatureandposition. Adiscussion
of the modeling efforts to date is outside the scope
of this book, and the reader is referred to the recent
literature for state-of-the-art reviews of the charac-
terization of quenching processes and the mathe-
matical modeling of heat treatment distortion (Ref
20-23).
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